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ABSTRACT 
This dissertation details the findings of experimental investigations of welds made between 
ferritic creep resistant steels that differ in chromium content. Analysis of the microstructural 
evolution during the application of post weld heat treatments is reported. Particular attention 
was paid to the key alloy strengthening mechanisms and the manner in which they were 
affected by carbon redistribution which takes place when these welds are exposed to high 
temperatures.  
The fusion interface regions of transition joints, made between P91 parent alloy and P22, 
P23 and P24 type weld consumables, were analysed in as received and post weld heat 
treated conditions. Carbon redistribution from the low to higher alloyed material, which 
resulted in its depletion from weld alloy adjacent to the fusion line, was confirmed in all 
weld systems subsequent to post weld heat treatment (PWHT). The effect of tempering 
treatments, carried out at 730°C for two and eight hour durations, on carbide populations in 
partially decarburised weld alloy was explored. The consequential microstructural changes, 
which were affected by the dissolution of M23C6 and M7C3 carbides, were compared to those 
observed in regions of weld alloy unaffected by carbon depletion.    
High resolution transmission electron microscopy (HRTEM) and field emission scanning 
electron microscopy (FESEM) were used extensively in the analysis of weld metal and heat 
affected zone (HAZ) microstructures. Electron diffraction and x-ray energy dispersive 
spectroscopy were exploited in the crystallographic and chemical characterisation of 
precipitates. Their evolution as a function of thermal exposure is presented for each alloy. 
Chemical signatures for each precipitate species, which enabled their identification, were 
determined for carbides in the different alloys. However, due to variations in the 
compositions of fusion interface M23C6 carbides, some permutations of which overlapped 
with compositions of M7C3, satisfactory identification demanded classification of their 
crystal structure. 
A significant difference between the microstructures of P23 and P24 alloys, in the weld 
specimens tested, was observed. Although vanadium and niobium carbonitrides (MX) were 
identified in both alloys, their distributions were not the same. Retention of carbonitride 
particles within partially decarburised P23 and P24 weld materials, subsequent to 8 hours 
post weld heat treatment, has been substantiated.  
Diffraction intensity distributions in Debye-Scherrer ring patterns, which were generated 
from MX precipitation, indicated lattice parameters varied. Microanalysis revealed that MX 
precipitates were present over a wide range of compositions. A combination of the 
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composition analysis and diffraction studies indicated that MX precipitation was stable over 
a range of compositions in the carbon depleted regions of P24 alloy. 
Recrystallisation of the bainitic P22 weld alloy adjacent to the fusion line, which was 
accompanied by a loss of material hardness, was observed in 2 and 8 hour PWHT P91/P22 
welds. It has been shown that the microstructural stabilisation of carbon depleted T/P23 and 
T/P24 alloys was conferred by a dispersion of MX precipitates. Retention of these stable 
particles, which in many cases are less than 10 nm in diameter, in carbon depleted material, 
resulted in the complete avoidance of any recrystallisation in 2 hour post weld heat treated 
T/P23 and T/P24 welds and only isolated occurrences in 8 hour tempered specimens.  
Subgrain size distributions were determined from electron channeling contrast images of 
various regions of the dissimilar metal welds. Results showed that, although recrystallisation 
of MX forming alloys did not occur, destabilisation of lath boundaries, due to the dissolution 
of M23C6 and M7C3 carbides, results in a coarser subgrain microstructure in carbon depleted 
P24 weld alloy.  
The loss of resistance to plastic deformation as a result of recrystallisation, which has been 
shown to take place in decarburised P22 alloy, was not observed in the alloys which 
precipitated the MX phase.  
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CHAPTER ONE 
INTRODUCTION 
1.1 Power Plant Operation 
Thermal power stations use steam to drive turbines by converting chemical energy from a 
fuel source into mechanical energy which is further converted to electrical energy using a 
generator. The operation of the power plant is largely independent of the method of steam 
generation which can comprise fossil, biomass and nuclear energy sources amongst others. 
In the case of a fossil fuelled power plant, coal, gas or oil is fed into and burnt in the furnace. 
The furnace box consists of a large number of parallel tubes welded to each other running 
vertically (in most cases) which form the water-walls (fig. 1.1).  
 
Figure 1.1. A schematic diagram of the basic components and fluid paths of a conventional 
heat recovery steam generator 
As fuel is burnt, the temperature of the water circulating in the water-walls increases and 
steam is created. The steam is subsequently passed to the steam drum at high pressure where 
saturated steam is separated from water. Steam is collected in headers and passed for further 
heating in the superheater section(s) of the boiler to create dry steam. The dry steam is fed 
through the high pressure (HP) turbine before being recycled through the re-heater system 
prior to its passage through the intermediate pressure (IP) turbine. Steam exiting the IP 
turbine is fed through one or more low pressure (LP) turbines. Once all usable energy has 
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been extracted by the turbines the steam is condensed before passing through feed water 
heaters and the boiler feed pump on its way to the economiser. On entering the economiser 
the water is heated, assisted by furnace flue gasses, to the required temperature before being 
passed, as water, to the steam drum.  
The efficiency with which power stations operate is of great importance, having both 
economic and environmental implications. Many of today’s steam operated power stations 
convert heat into work according to a Rankine cycle, the efficiency of which          is 
defined as: 
       
                
    
 
         
    
 
(Equation 1) 
where,      is the energy input to the system per unit time (work in),          refers to the 
power provided by the turbine (work out) and       is the work done by the pump (work 
in).  
A simplification of the Rankine cycle is that of the ideal theoretical Carnot cycle. This cycle 
does not account for either the work carried out by the pump, which is negligible, or for the 
necessary heating of condensed fluids in the economiser. However, it does describe simply, 
methods of improving plant efficiency:  
   
     
  
 
(Equation 2) 
It is quite obvious from equation 2, that to increase efficiency, it is necessary to increase the 
disparity between Ti and To. This can be achieved by raising the steam temperature whilst 
simultaneously reducing the exhaust temperature. However, metallurgical constraints, and 
corrosion and oxidation resistance enforce restrictions on the upper temperature whilst the 
lower limit of the exhaust temperature is imposed by the available heat sink.  
Figure 1.2 shows the relative improvements in turbine efficiency as a function of steam 
conditions. Although the incremental increases in efficiency equate to approximately 1% for 
a 30°C increase in temperature at a constant pressure of 31MPa, the move from subcritical* 
to ultra supercritical* operation has led to improved efficiency from 30-35% to 42-47%. 
This more efficient conversion of fossil to electrical energy is equivalent to a 30% reduction 
in CO2 emissions [1].  
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Figure 1.2. Relation between steam conditions and efficiency [2] 
* Sub-critical: Steam conditions which are maintained below the critical point, 
conventionally 538-565°C at 16.5MPa. 
Supercritical: Steam temperature and pressure conditions which exceed those 
of the vapour-liquid critical point on the H2O pressure/temperature phase 
diagram. Under such conditions a distinct liquid/gas phase transition does not 
exist. Typical operating parameters at supercritical conditions are 538-565°C 
and pressures of 24MPa and above. Boiler systems operating at supercritical 
conditions differ from subcritical boilers as they do not require phase 
separation, hence, a steam drum is not needed. The boiler thus becomes a 
continuous tube, with water going in at one end and superheated steam leaving 
at the other [3].  
Ultra Supercritical: USC conditions are defined as ‘those which exceed 
supercritical conditions’ and refer to boilers, the first of which was operated at 
31MPa 566°C in 1989, and subsequent plant which currently operate at 
approximately 24MPa and 600°C [2]. In general USC refers to supercritical 
steam at temperatures greater than 593°C (1100°F). EPRI’s terminology for 
704°C (1300°F) and 760°C (1400°F) plant is advanced ultra supercritical. 
1.2 Material Selection 
Power plant boiler systems require materials be selected on a basis that permits fabrication 
of complex constructions which are designed to remain serviceable over long periods of 
time. The environment in which they operate exposes materials to both high temperatures 
and high pressures. Furthermore, fireside and steam-side atmospheres often raise oxidation 
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and corrosion issues which, in many cases, are life limiting factors. The choice of materials 
available to engineers is wide but economic constraints, fabricability issues and in service 
performance can impose restrictions on which material is selected.  
Steel is widely used for boiler construction due to its relative low cost and the vast wealth of 
knowledge and experience which has been acquired from its extensive use over time. Two 
major groups of steels available are austenitic alloys and ferritic alloys. Traditionally, 
austenitics have been used in the higher temperature regions of boiler systems due to their 
good creep strength and their excellent oxidation and corrosion resistance. However, thermal 
expansion coefficients, thermal conductivity, fabricability, cost, and of late, improvements in 
creep strength, have made ferritic alloys an attractive alternative to austenitic alloys. 
In recent decades, international research and development projects in Japan, USA and 
Europe (Cooperation in Science and Technology (COST 501 and 522)) looked to develop 
materials designed for use at high temperature. Within the scope of the projects were 9-12 
wt% Cr group of ferritic steels, which would permit the use of ultra supercritical steam 
conditions.  
 
Figure 1.3. Trends of steam conditions of power plants in Japan [2] 
At present, state of the art fossil fuelled ultra supercritical power units are designed to 
operate at steam temperatures in excess of 600°C and 26.25 MPa pressure [2, 4-5] (fig. 1.3).  
Ferritic 9-12% Cr alloys, which incorporate additions of tungsten, such as ASTM T/P92* 
and ASME P122 have been shown to offer improved creep rupture strength over ASME SA-
335 P91 steel [6]. In addition, it is reported that the oxidation resistance of X20 CrMoV12-1 
(12% Cr) in steam is superior to that of 9% Cr alloys P91 and P92 at 600 and 650°C [7]. 
This is due to the formation of stable spinel oxides which has been reported in steels 
containing at least 11% Cr [6].  
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*Grade 22, 23, 24, and 91 steels, which are discussed in this work, are 
designations according to ASTM International, formerly known as the 
American Society for Testing Materials (ASTM), specifications. The prefixes T, 
P, F etc. distinguish between roles in which the alloy is to be utilised. For 
example, P91 and P22 are alloys specified for piping, whereas, T91 and T22 
are tubing alloys and those with the prefix F are used in forgings. There are 
sometimes very minor differences in the alloy compositions between T, P and F 
alloys of the same type. For the sake of simplicity, alloys are often referred to 
collectively as either T## or P##, even though they may be referring to the alloy 
which was intended for a different use. This is because many of the alloys were 
initially developed for use as tubing or piping but found subsequent use in other 
applications. Throughout this work alloys are prefixed “P” even when 
referring to the weld consumables. 
Terminology “tubes” are used where heat transfer is required e.g. in the 
production of steam, and “pipes” are utilised for the transport of a medium, in 
the case of boiler systems, the transport of steam. 
Another group of steels that has received recent attention are the bainitic/martensitic 2 ¼Cr 
(wt%) alloys. Development of new alloys T/P23 and T/P24 alloys in Japan and Europe, 
which are based on T/P22, has seen the introduction of micro-alloying additions which have 
dramatically improve their 10
5
 hour creep rupture strengths [8]. These alloys are used for 
critical components in fossil fuelled boiler systems in the temperature range of 500 – 600°C 
[8-11]. Of particular interest is the claimed ability to weld these materials in thin section 
form (<16mm) without the need for post weld heat treatment (PWHT) [8, 12]. This would be 
beneficial in the construction of water walls due to the considerable difficulties foreseen in 
the application of post weld heat treatment of such assemblies.  
Both T/P23 and T/P24 can be implemented as components in superheater constructions, 
however, the application of PWHT is required for heavier sectioned pipes (>16mm wall 
thickness); typical PWHT temperature is 740°C. 
The 10
5
 hour creep rupture strength of a number of ferritic creep resistant alloys is presented 
in figure 1.4. The data pertaining to P91, P92, P22 and X11C-Mo9-1 has been compiled 
from numerous research projects and made available by the European Creep Collaborative 
Committee (ECCC) [13]. The curves representing the creep strength of alloys T/P23 and 
T/P24 were presented in work by Bendick et al. [8].  
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Figure 1.4. 10
5
 hour creep rupture strength of ferritic creep resistant steels [8, 13]  
The enhanced creep strength displayed by alloys which have been modified to contain MX 
type precipitation (P23, P24, P91 and P92) is clearly visible when compared to their non-
MX precipitating equivalents (P22 and X11Cr-Mo9-1). The group of precipitates which are 
termed collectively as MX are defined by the metallic component (M) and carbon, nitrogen 
or a mixture of carbon and nitrogen (X); their crystal structure is NaCl. This greater strength 
allows for thinner walled section components to be utilised under the same design conditions 
[14]. As thermal stress is proportional to the wall thickness squared and fatigue stress varies 
with stress cubed, the use of thinner walled components greatly increases the cycle-ability of 
power plant. This is a desirable capability which allows modern day power systems to 
respond to fluctuations in energy demands. 
1.3 Dissimilar Metal Welds 
The complexity of power plant fabrication, the variety of service environments and the 
corresponding materials requirements dictates the use of a range of different alloys in boiler 
systems. The implementation of alloys, in water wall membranes, which do not require post 
weld heat treatment and the necessity for high creep strength and good oxidation resistance 
in superheater and reheater components, requires dissimilar metal weld (DMW) transition 
joints are made. 
Fusion welds made between P22 and P91 ferritic steels which differ in chromium content 
have been shown to suffer microstructural instabilities at the DMW interface [15-19]. 
Carbon redistribution from the low to higher alloy steel, which takes place during exposure 
to high temperatures, leads to the formation of a carbon depleted region in the low Cr steel 
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[15-16, 20-24]. Carbides which have already formed in this material become unstable and 
dissolve. In the absence of precipitation the bainitic microstructure itself becomes unstable 
and recrystallisation and grain growth within the carbon depleted P22 alloy is common. The 
resultant microstructure consists of relatively large, soft, ferrite grains; which appear, under 
the optical microscope, to be free from precipitation. Laboratory studies and industrial 
experience have shown a propensity to creep failures in the soft carbon depleted regions of 
P91/P22 welds [15, 25]. Laha et al., [26] have shown that this region accumulates greater 
amounts of plastic strain than other regions of welds, excluding the inter-critical heated 
affected zone (ICHAZ). Although, not the location of failure in that test, their work did show 
the region to be prone to creep cavitation, and had the sample not failed in the Type IV* 
region the carbon depleted material would almost certainly have ruptured. 
In 1974, Schüller et al.[27] devised a classification scheme which defined the 
specific positions of cracks which form in fusion welds. The scheme, which 
introduced Type XX terms, is widely used in the literature. Type I cracks are 
confined to the weld metal (WM). Type II cracks initiate in the weld material 
and spread to the heat affected zone (HAZ). Type III cracks are situated in the 
HAZ close to the weld fusion line and Type IIIa cracks, which result from a 
modification to Schüller’s system, initiate in the fine grain HAZ but are 
arrested in the coarse grain HAZ [28]. The Type IV position of a weld refers to 
a region which spans the fine grain and intercritically heated areas of the HAZ. 
Intercritically heated refers to a temperature, somewhere between    and    , 
at which both ferrite (α) and austenite (γ) are thermodynamically stable. 
Carbon redistribution affects not only the low alloy P22, but also the higher Cr content 
material. Carbon that has diffused from the low alloy steel during exposure to high 
temperatures accumulates in the P91 alloy adjacent to the fusion line. The localised increase 
in carbon concentration results in a band of material containing a high density of carbides. 
The hardness of this area, in post weld heat treated welds, is greater than surrounding P91 
and P22 [16-17, 26].  
Methods employed to mitigate carbon redistribution have been examined. Buttering joints 
with Inconel 182 (Ni concentration 66 wt%) prior to welding introduces a barrier to carbon 
migration. The introduction of a 100μm thick diffusion barrier prevents the redistribution of 
carbon, thus averting the formation of soft and hard zones [29]. However, there are issues 
concerning the buttering of 2 ¼Cr alloy with Inconel 182. In regions of intermixing between 
the two alloys it has been shown that a layer of retained austenite is formed. During PWHT, 
carbon enrichment of the austenitic material results in the formation of a hard zone and an 
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adjacent soft region in the 2 ¼Cr material [30]. The width of the austenitic region and the 
soft zone were only 6μm and 20μm respectively after 15 hours at 750°C which are far 
narrower than experienced with transition joints made directly between P91 and P22 alloys.  
A second method proposed to mitigate the effects of carbon redistribution in dissimilar metal 
welds between P22 and P91 alloy is to utilise a filler material of intermediate composition. 
By using a filler material of approximately 5 wt% Cr, it was proposed that, although the 
technique would introduce two DMW interfaces, the driving force for carbon redistribution 
in both cases would be low. This is similar in theory to the technique of forming graded 
transition joints by the hot isostatic pressing of powders which would further smooth out the 
transition from high to low chromium content steels [31]. In the same vein, Farren [32] and 
Brentrup [33] propose the use of laser welded, graded transition joints, made between 
austenitic and ferritic alloys. The joints are achieved by varying the mixture of two 
powdered alloys, of compositions corresponding to the parent materials, across the welded 
joint. By initiating the weld to alloy A using powder A and gradually increasing the 
concentration of powder B whilst simultaneously decreasing A, it is possible to form 
transition joints between alloys A and B in the absence of a dissimilar metal interface.   
A final method of mitigating the effects of carbon redistribution is the use of filler materials 
which contain strong carbide forming elements. By using alloys which contain elements that 
have a greater affinity for carbon than chromium, it is anticipated that the consequential 
carbides that are formed will ‘hang on’ to the carbon and prevent redistribution to the higher 
chromium alloy. This method has been employed in a number of research projects [19, 23, 
34-35] and makes up the main body of the research presented herein. To date, results found 
by others have shown that carbon redistribution is not avoided in joints made between grade 
91 steel and MX precipitate forming 2.25Cr alloys [34, 36]. However, fine MX precipitates 
have been shown to remain stable in a ‘partially decarburised’ region of transition joints 
made between P23 and P91 alloys after PWHT and subsequent creep testing [36]. Hardness 
profiles indicate that a significant loss of hardness is avoided in the lower alloy steel in these 
regions. Heuser reports that the hardness of P23 and P24 weld alloys did not fall below the 
hardness of the matching base alloys when welded to P91 steel. These tests were carried out 
after PWHT at 740°C for durations of 2 hours [19].  
The creep performance of P23/P91 welds has been tested by Vodárek et al. [36]. The welds 
examined there, were made between P23 and P91 parent materials using a grade 91 
matching filler alloy. In the case of such welds, the carbon depletion of the lower alloyed 
material occurs in the base material within the coarse grain heat affected zone (CGHAZ). 
Their work showed the performance of the welded joints was close to or slightly below the 
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lower limit of the ±20% scatter band around the standardized curve for creep strength of P23 
alloy; the worst results being observed in low stress high temperature tests (55MPa at 
600°C). However, they also report that creep damage was developed simultaneously in 
different regions of welds and failure locations were also found to differ from test to test. 
Their results show no obvious pattern between test conditions and failure locations but they 
list the CGHAZ, which corresponds to the carbon depleted region, as the location of failure 
in 6 of 14 tests. Intercritically heated and fine grain regions of the HAZ of both P23 and P91 
were also locations of failure. In comparison, the findings of Seliger and Thomas[15] 
showed P22/P91 creep performance to be at the lower bound ±20% scatter band for P22 
creep curves. Their results were far worse for P22/P91 welds than for P22/P22 welds; they 
cite the weakness of the soft zone as the reason for the poor performance of the DMW. As 
shown in figure 1.4, the creep strength of P23 alloy is far superior to P22. 
1.4 Thesis Structure 
The remainder of this thesis begins with a more detailed survey of the different alloys which 
have been investigated during this work. The established theories which describe the 
mechanisms by which ferritic microstructures are formed and evolve are presented. The 
principal microstructural entities which dictate strength and creep performance in Cr-Mo 
(W) steels are described and the effects alloying additions make to these strengthening 
mechanisms are presented.  
A more thorough explanation of issues surrounding dissimilar metal welds and aspects 
which have the potential to affect their creep strength is put forward. The review is 
completed by text which considers the uphill diffusion of carbon across the transition joints 
made between ferritic alloys differing in chromium content.  
Joint geometries and the parameters used in the production of the sample welds, including 
PWHT temperature regimes, are detailed in chapter five. The remainder of chapter five 
introduces the experimental procedures which were used throughout this work. The methods 
which were used to calibrate microscopes are detailed, as are some of the parameters which 
affect non-conventional use of electron microscopes.  
Chapters six through ten present the findings of experiments and observations made of 
dissimilar metal welds. A broad overview of optical and electron microscope investigations, 
which revealed general microstructures of transition joint welds, is presented in chapter 6.  
The hardness and changes in mechanical properties of the welds were investigated as a 
function of time at temperature. The results of hardness profile measurements of all weld 
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systems in as received and PWHT conditions are detailed in chapter seven. These results 
gave initial indications that the positive effects of using MX precipitate forming weld alloys 
may be realised. The subsequent chapters, eight, nine and ten, present results of thorough 
electron microscopy exploration of microstructural features which are fundamental to the 
strength of Cr-Mo (W) alloys. The interpretations of micrographs are discussed throughout 
and the likely results of the subsequent findings on the performance of the welded joints are 
considered. The effects of decarburisation on precipitation in both the weld and HAZ of all 
alloys are shown. The stability of microstructures, as a coupled effect of carbide dissolution 
in carbon depleted weld material, is reported.  
Finally, chapter 11 draws together the findings of the project. The results which have deep-
seated implications on how alloy choice and PWHT application could affect the service 
response of welded transition joints, made between 9% and 2.25% Cr ferritic steels, are 
emphasised.  
A significant fraction of the work carried out in this project involved the identification and 
characterisation of microstructural features which were only a few nanometres in size; this 
demands good specimen preparation. The final thinning of TEM foil specimens was often 
performed by argon ion beam polishing. This method should produce clean, relatively 
contamination free, foil surfaces. However, moiré fringes, fine particles and diffraction 
patterns which were not consistent with carbide and matrix phases expected in these steels, 
were often observed in TEM micrographs. It was essential to identify the contributing 
factors, and if possible minimise their effects, so that key information contained within 
micrographs could be distinguished. Appendix 1 details the findings of investigations which 
identified native oxide growth on ferritic TEM thin foil specimens. The work is not directly 
related to the microstructural analysis of dissimilar metal welds but the results were thought 
to be of sufficient importance that they be included. 
Appendix 2 details the analysis of higher order Laue zone (HOLZ) diffraction patterns 
recorded from Si, MgO and MX crystals. Efforts were made, using large angle CBED 
HOLZ patterns, to accurately determine changes in the lattice parameters of precipitates as a 
function of variation in their compositions. The number of successfully measured 
precipitates was limited; hence, the studies could not be brought to conclusion. However, 
results showing the potential of the technique have been included; lattice parameters were 
consistently measured to within ±0.25% of published results, which is superior to that 
expected by using selected area electron diffraction. The technique also proved useful in the 
calibration of transmission electron microscope acceleration voltages when using specimens 
of known lattice constants (§5.12.1 p.81). 
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CHAPTER TWO 
Ferritic Creep Resistant Steels 
Table 2.1. Nominal compositions of Cr-Mo (W) tube alloys according to ASTM A213 
specifications, Fe balance (maximum tolerances of S, P and Al not included) 
Alloy C Mn Si Cr Mo V B Nb N W Ti 
T22 0.05- 
0.15 
0.3- 
0.6 
0.5 1.9-
2.6 
0.87- 
1.13 
      
T23 0.04- 
0.1 
0.1- 
0.6 
0.5 1.9-
2.6 
0.0 - 
0.3 
0.2 - 
0.3 
0.0005-
0.006 
0.02- 
0.08 
0.3 1.45- 
1.75 
 
T24 0.05- 
0.1 
0.3- 
0.7 
0.15- 
0.45 
2.2- 
2.6 
0.9- 
0.112 
0.2 - 
0.3 
0.0015- 
0.007 
_ 0.012 _ 0.06- 
0.1 
T91 0.07- 
0.14 
0.3- 
0.6 
0.2- 0.5 8.0-
9.5 
0.85-
1.05 
0.18-
0.25 
_ 0.06-
0.1 
0.03-
0.07 
_ 0.01 
 
2.1 2.25Cr-1Mo Steel (T/P22) 
Grade 22 alloy is used extensively in power plant construction, for high temperature 
applications, to construct structural and pressure vessel components including superheater 
tubing, reheater tubing, high temperature headers and piping [37]. 2.25Cr-1Mo steel, 
designated ASTM T/P22 alloy, obtains suitable high temperature strength from a dispersion 
of precipitates in a ferritic matrix. 
Substantial work investigating the mechanical properties and creep strength of grade 22 
alloy has been carried out over the past 50 years. Particular attention was paid to the 
microstructural evolution and precipitation sequences observed as a function of thermal 
history [38-41]. Thick section P22 alloy pipes typically display a mixed microstructure 
composing ferrite islands in bainite. The volume ratios of ferrite and bainite observed in 
typical parent alloy, supplied in normalised and tempered (N+T) condition, is dependent on 
heat treatment, cooling rates and alloy composition.  
The alloy is generally employed at operating temperatures within the region of 371 – 560°C 
depending on pressure and required service life [42-44]. According to British standard 
BS1113, the allowable design stress for 10
5
 hours at 550 and 600°C are 53 and 26 MPa 
respectively. Transformation temperature    , during heating, is within the range 799-
821°C; the temperature at which the transformation of ferrite to austenite is complete during 
heating,    , is typically 870°C. The martensite start Ms and martensite finish Mf 
temperatures are approximately 390 and 200°C respectively (fig.2.1).  
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Figure 2.1. CCT diagram for 2.25Cr-Mo steel with a corresponding hardness/cooling rate 
graph [45] 
Mechanical properties vary greatly depending on the microstructural state of the alloy. 
Martensitic material typically displays hardness in the region of 410HV, fully bainitic alloy 
approximately 350HV and ferrite 150HV, all values are for un-tempered specimens. Baker 
and Nutting [38] carried out work in which microhardness results recorded from isolated 
regions of as normalised ferrite and bainite returned mean values of 145 and 336 HV 
respectively. Results for material in identical condition recorded using 50kg loads on 
Vickers hardness testing equipment measured the aggregate hardness of the two phases. 
Results were in almost exact agreement with those calculated when weighted for the volume 
fractions of the two phases present in the specimen.  
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Klueh [46] has shown that the microstructural state of 2.25Cr-1Mo alloys can be strongly 
affected not only by heat treatment but by small changes in carbon concentrations of the 
alloys. It was shown that annealed 2.25Cr-1Mo steel, with carbon contents of 0.009, 0.03, 
0.120 and 0.135 wt %, displayed proeutectoid ferrite microstructures with varying amounts 
of spheroidised carbides and pearlite which increased with carbon content. Samples of the 
same materials, which were subjected to normalisation treatments, displayed 1~2, and 
15~20% of granular* bainite regions in ferrite for the 0.009 and 0.03 wt% C samples 
respectively. The near complete transformation of 0.120 and 0.135 %C specimens to bainitic 
microstructures was observed subsequent to normalisation treatments. Vickers diamond 
pyramid hardness (DPH) values were 118, 125 and 304 HV for the as cooled 0.009, 0.03 and 
0.12 %C samples respectively, although, Klueh [46] does state that the variation in 
mechanical properties between the low and medium carbon alloys may well have been 
affected by a difference in ferrite grain size. 
* The term granular bainite was coined by Habraken and Economopoulos with 
records of its use going as far back as 1967. The term refers to bainitic 
material which does not display the classical acicular morphology associated 
with the decomposition of austenite to bainite but shows rather “almost 
granular structures or structures consisting of coarse plates”.[47] The phase 
grows by the same mechanism as is responsible for the bainitic structures 
produced during isothermal transformations. However, the effect of continuous 
cooling results in austenite retention along lath boundaries; these carbon 
enriched islands subsequently decompose to martensite. The appearance of the 
product phase, under the optical microscope, is granular. 
The type and distribution of precipitates found in steels subsequent to welding, PWHT and 
during service differ. This has been confirmed in P22 type alloys where the precipitation 
sequences and the matrix microstructure has a direct bearing on the mechanical properties 
[48]. Of particular importance are the Mo rich M2C carbides, observed as lenticular particles, 
which are developed during tempering treatments [39, 42, 49]. 
A number of authors have reported on the carbides precipitated in normalised, normalised 
and tempered and ex-service aged grade 22 alloy [38, 46, 49-50]. Common phases identified 
were M3C, M7C3, M23C6, M2C and M6C, of which M23C6 and M6C are associated with long 
term ageing [38, 50]. 
Baker and Nutting’s work [38], which they carried out in the late 1950s, detailed the 
precipitation sequences in 2.25Cr-1Mo steels subsequent to various tempering treatments. 
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Their work examined the affect of thermal treatment on the chemical composition of 
precipitates and the influence of tempering on the materials mechanical properties.  
Slight differences were noted between the precipitation sequences of quenched and tempered 
and normalised and tempered samples. It was also shown that the creep strength at 500°C of 
normalised and tempered samples was superior to that of the quenched and tempered (Q+T) 
material. 
The first precipitate to form in bainitic regions of normalised and tempered alloy was ε-
carbide; these transformed in-situ to cementite early in thermal treatments. After prolonged 
periods of tempering, at 400 and 500°C, Mo2C was observed. During the initial stages of 
growth Mo2C was believed to be coherent with the matrix. As thermal treatment continued, 
the particles grew, becoming lenticular in shape with a partial loss of coherency. The process 
of Mo2C nucleation was accelerated at higher temperatures. It was also suggested that Cr7C3 
nucleates on cementite particles as homogeneous nucleation would be unlikely in a matrix 
which is already depleted of chromium; Cr7C3 was only observed in bainitic regions of 
normalised specimens. After prolonged periods M23C6 carbide was observed to nucleate and 
initially grow rapidly in bainitic regions. These carbides, which contained high 
concentrations of Cr, grew at the expense of both cementite and Mo2C. Further thermal 
exposure saw the emergence of molybdenum rich M6C precipitates at grain boundaries; this 
pernicious phase grows rapidly at the expense of all the surrounding carbides [38]. 
The precipitation sequence within proeutectoid ferrite grains differs to that in bainitic 
regions. In normalised and tempered condition prior austenite grain boundaries are 
delineated by coarse precipitates; and fine needle-like molybdenum rich M2C precipitates 
are present within the proeutectoid ferrite grains. These fine acicular carbides are replaced 
by molybdenum rich M6C after long term thermal aging [39].  
In summary, on tempering of normalised 2.25Cr-1Mo steel the precipitate sequence is given 
as: 
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2.2 2.25Cr-1.6W-V-Nb Steel (T/P23) 
This alloy was developed in Japan for utilisation in the manufacture of water wall panels in 
super critical boilers. P23 has also found use in superheaters and reheaters of conventional 
boilers and heat recovery steam generators (HRSG). However, this application may be 
limited by the oxidation resistance of the 2.25Cr alloy [51]. T/P23 has a composition similar 
to T/P22 but with alloying additions of vanadium, niobium, aluminium, nitrogen and boron; 
tungsten is also added at 1.45-1.75 wt% with a simultaneous reduction of the molybdenum 
content to between 0.05 and 0.3 wt%. An additional feature of the alloy is the low carbon 
content, the effect of which results in the formation of martensite for fast cooling rates whilst 
bainite is formed for slower cooling rates (fig.2.2). The carbon concentration of the steel, as 
is the case with T/P24 alloy, results in relatively low hardness of bainitic and martensitic 
constituents. This is desirable as the ASTM code requires thin section welds retain a 
hardness of <350HV which mitigates the requirement for PWHT [52].   
 
 
Figure 2.2. CCT diagram for a P23 alloy [53] 
The as cooled microstructure of P23 type alloy (HCM2S) was investigated as a function of 
cooling rate by Komai et al.[54]. Cooling rates, from the austenitic phase field, of 10.2°C/s 
resulted in fully bainitic microstructures; whereas mixed ferrite/bainite microstructures were 
observed at cooling rates of 0.2°C/s. There was a distinct difference in the morphologies of 
the bainitic material observed at the two cooling rates. Cooling at 10.2°C/s resulted in clear 
block and lath boundaries but at the slower cooling rate boundaries were unclear and small 
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blocks on lath and prior austenite grain boundaries were observed. These were identified as 
martensite-austenite components by TEM analysis. At greater cooling rates bainitic ferrite 
was formed whilst at slower cooling rates granular bainite was observed.  
Supplied in normalised and tempered or quenched and tempered condition, ASTM A213 
recommends solution treatment between 1040 and 1080°C, which is similar to that 
recommended by Bendick et al.[8]. Tempering treatments are performed by sub-critical 
annealing in the temperature range 730 to 800°C. 
 
2.3 2.25Cr-1Mo-V-Ti-B Steel (T/P24) 
 
Figure 2.3. CCT diagram for steel T/P24 [8] 
Developed by V&M in Germany, T24 alloy is similar in composition to P22 alloy but makes 
use of the micro-alloying additions titanium, vanadium and boron. The nitrogen 
concentration is restricted to levels not greater than 0.01 wt% in order to avoid the formation 
of titanium nitrides.  However, niobium is often used as a substitute for titanium in weld 
consumables; this is necessary due to the uncontrollable burn off of titanium and boron 
during the welding process [52, 55]. In order to improve the weldability, the permissible 
carbon concentrations are lower in P24 than P22 alloy. This is reported to result in a 
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maximum martensite hardness of 360HV in the as welded condition (fig. 2.3). This is 
essential if the requirement for PWHT is to be avoided [8].  
P24 is commonly supplied in N+T or Q+T condition. Solution treatment is carried out at 
1000°C±10. This is slightly lower than is applied to P23 permissible under ASTM A213. 
Similarly to T23, tempering treatments are performed in the range of 740°C to 800°C. 
Where applicable, PWHT should be applied at 740°C [8].  
The presence of vanadium, niobium and nitrogen enables the formation of stable MX 
precipitates, much the same as P23 and P91 alloys. Boron additions are made in order to 
retard the transformation of austenite to ferrite. There is also some evidence, that in small 
concentrations, carbide coarsening rates are reduced by the presence of boron; this has been 
shown to have a positive effect on creep strength [56]. Of major importance is the relatively 
low hardness of the martensitic phase which is produced; this is a result of the alloy’s low 
carbon content. Bendick et al. report that both grade 23 and 24 alloy tubes of wall thickness 
less than 10mm can be welded without the necessity of a post weld heat treatment [8]. This 
is a great advance since, due to increasing operation temperatures, low alloy steels including 
P12 and P22 which have been traditionally used for the manufacture of water-walls no 
longer possesses the required properties and the use of higher alloyed steels, such as the 9-
12Cr group of alloys, would require PWHT. However, Mohyla and Foldyna [57] assessed 
the suitability of P23 and P24 for service in the as welded condition; hardness and toughness 
characteristics of both as welded and PWHT (750˚C) specimens were investigated. Findings 
from their work indicate that PWHT is absolutely necessary to attain the required properties 
stipulated in EN-150 15614-1 where a maximum hardness of 350HV is recommended. 
Further to the excessive hardness of as welded specimens, variations in impact strength of 
180J.cm
-2
 were observed between heat treated and non-heat treated specimens; values of less 
than 20J.cm
-2
 were reported for both P23 and P24 alloys; these measurements were recorded 
from material which had been put into service in as welded condition and subsequently 
exposed to 2 and 1000 hours at 525˚C. Bendick also reports insufficient toughness of P23 
and P24 alloys in normalised condition; he attributes the weakness to the bainitic 
microstructure. However, it was also shown [8] that quenching in water from the austenitic 
phase field, in order to form a martensitic microstructure, can help increase toughness to an 
acceptable level. This is possibly due to, as proposed by Bhadeshia [58], the absence of 
precipitation in the martensitic microstructure, this is in contrast to the closely spaced 
cementite particles, which act as brittle crack initiators, which are found in bainitic material.  
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2.4 9Cr-1M0-V-Nb Steel (T/P91) 
Grade 91 ferritic alloy was developed at Oak Ridge National Laboratories, in the United 
States, during the 1970s. The steel was initially intended for use in liquid metal fast breeder 
reactors but soon found application in conventional fossil fuelled power plant [59]. The alloy 
was conceived on the basis of P9 bainitic alloy; however, creep strength was enhanced by 
making micro-alloying additions of vanadium, niobium and nitrogen. The steel was 
approved under ASTM standard A213 as tubing (T91) in 1983 and further approved for 
piping applications under ASTM A335 in 1984 [25]. Different forms of the alloy are widely 
used in applications which include, tubing in heat exchangers, pipes for high temperature 
service and in pressure vessel construction where good strength and acceptable resistance to 
corrosion and oxidation is required [60]. The alloy forms a fully martensitic microstructure 
over a wide range of cooling rates (fig. 2.4). Most regularly supplied in normalised and 
tempered condition, the alloy microstructure consists of a tempered martensitic matrix in 
which M23C6 carbides and MX carbonitrides are precipitated. The superior creep rupture 
strength of grade 91 when compared to grade 9 alloy (fig. 1.4) is largely due to the fine 
dispersion of MX carbonitride precipitates.  
 
Figure 2.4. CCT diagram for P91steel [61] 
Although the nominal Cr concentration according to ASTM is 8 to 9.5% Cr (wt) it is 
possible to form and retain δ-ferrite during normalisation treatments which are typically 
carried out in the region of 1100°C (fig. 2.5). Taking into account the alloying additions, 
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other than Cr, a chromium nickel balance (CNB) can be calculated according to a modified 
version of Newhouse’s equation, as presented by Swindeman et al.[62]: 
                                                
         
(Equation 3) 
If the CNB is less than 10, δ-ferrite is usually avoided but where CNB is above 12 δ-ferrite 
can be present in significant quantities. Similar evaluations are possible using equations 
formulated by Schaeffler, Schneider and Kaltenhauser [63], all of which are reviewed by 
Onõro [64].  
 
 
Figure 2.5. The austenitic loop of a 0.1%C steel, showing  ferrite (α), austenite (γ) and 
carbide phase field [65] 
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CHAPTER THREE 
Welding and Ferritic Microstructures 
3.1 Fusion Welding 
Due to the size and complexity of boiler systems in modern power plant, it is necessary to 
carry out construction from smaller parts. As a result, joints between different components 
must be made; a preferred method of joining is fusion welding. 
Fusion welding is the generic term used for joining processes which involve the localised 
melting and joining of two material surfaces. Autogenous welds use a heat source to create a 
molten pool which consists of liquid components of the two surfaces to be joined. Welded 
joints can also be made using consumable electrodes, which add material to the molten pool; 
this technique is typically used to make thick section pipe welds.  
Fusion welding techniques include resistance welding, gas welding (oxy-fuel), electron 
beam, plasma, LASER, tungsten inert gas (TIG), gas metal arc welding (GMAW), 
submerged arc welding (SAW), and shielded metal arc welding (SMAW). The work detailed 
within this thesis concentrates on joints formed using the shielded metal arc welding process 
which is often referred to as manual metal arc (MMA) or more simply stick welding. 
3.1.1 Shielded Metal Arc Welding 
Joints formed by modern versions of the SMAW technique involve the use of a power 
source to create an arc between the joint and a flux coated welding rod. Once the arc is 
struck, continuous melting of both the consumable and the workpiece commences. Droplets 
of molten filler are transferred to the molten zone of the workpiece and a weld pool is 
created. The heat source (electrode) is traversed along the joint with subsequent cooling of 
the weld pool resulting in solidification. The creation of a sound weld is a technical process 
requiring good joint preparation, selection of the correct welding parameters (current and 
velocity) and the use of suitable consumables.  
The choice of consumable often depends on the parent alloys to be joined and the joint 
geometry. The alloy composition of the weld rod may differ from that of the deposited 
weldment; this can occur through losses to the atmosphere as a result of vaporisation during 
welding. Pre-emptive additions can be made to the electrode alloy with further alloying 
additions being made to the flux to provide the desired composition of the solidified weld 
deposit [66].   
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The flux coating (or core) itself can be classified into three main types, basic, rutile or 
cellulose, a detailed description of which can be found at the TWI (The Welding Institute) 
web page [67]. Both cellulose and rutile flux coatings have an organic component; as such, 
contain a substantial amount of moisture. Consequently, the gas that is generated during 
welding contains a high proportion of hydrogen which can embrittle welded joints. Basic 
coatings, however, do not contain organic matter; this permits the baking of electrodes prior 
to welding, serving to drive off moisture in turn reducing the risk of hydrogen 
embrittlement. The flux/slag coats both the weld droplets during transfer from the electrode 
to the weld and the weld pool itself. The gas created by the heating of the flux serves to 
protect metal transfer and the slag produced protects the solidifying weld [68]. 
3.2 Preheat, Interpass Temperature and Post Weld Heat Treatments 
The pre-heating and post weld heat treatment of thick section welds made using P22, P23, 
P24 or P91 alloys is recommended under the guidelines set out in ASME B31.1. A minimum 
preheat temperature of 200°C is typical when welding Cr-Mo steels.  
Preheating is necessary in order to minimise hard zone formation in the HAZ directly 
adjacent to the fusion boundary, to moderate the retained stresses in the weld and to reduce 
the risk of hydrogen cracking. Stresses are diminished by reducing the thermal gradient; this 
also reduces the cooling rate within the heat affected zone of the parent material. Raising 
temperatures in the vicinity of the weld, prior to making the weld, drives off moisture; this is 
necessary in order to avoid hydrogen induced cracking of the weld [69]. Although a 
minimum preheat of P91 welds is typically performed, experience indicates that no elevated 
preheat is necessary for P23 and P24 welds. However, adherence to ASME guidelines 
requires both alloys are subject to preheating; and that maximum interpass temperatures of 
350°C are imposed during welding [70].  
Post weld baking processes are often required when welding high hardenability steels, again, 
this is carried out to avoid hydrogen retention and cracking problems.  
Pre-heat treatments are applied in order to prevent cracking, either during, or immediately 
after the welding process. On the other hand, post weld heat treatments are applied to ensure 
crack free welds before service and to develop the necessary microstructural features and 
mechanical properties required for service.  
Post weld heat treatment of P91 alloy is mandatory regardless of thickness or diameter [70]. 
In the case of P23 and P24, PWHT is not necessary as long as a maximum thickness of 
16mm (5/8”) is not exceeded under ASTM A213 guidelines. However, where transition 
joints between P91 and 2.25Cr alloys are made, PWHT is required.  
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Post weld heat treatment is carried out below the lower critical transformation temperature 
(   ) of the steel. Where dissimilar metals are joined, the maximum PWHT temperature is 
governed by the lower     of the two materials. An approximate calculation can be made for 
the     temperature of P91 alloy using the formula [62]: 
                                             
(Equation 4) 
where temperature is in °C and concentrations mass%. However, experimental data suggests 
the expression underestimates the effect of Ni and Mn on the transformation temperature 
where higher concentrations are found. This is of particular importance to welding as the Ni 
content of filler materials is often greater than in the matching parent alloy. It is imperative 
that PWHT temperature does not exceed     in order to avoid redevelopment of austenite 
which would transform to brittle martensite on cooling. 
3.3 Microstructures of Bainitic and Martensitic Creep Resistant Weld Alloy  
The creep resistance of ferritic martensitic/bainitic steels, which have been designed and 
optimised for service at high temperatures and pressures, is dependent on the development 
of a suitable microstructure. The requisite microstructural features of these steels are 
sensitive to chemical composition and are generated during the application of heat 
treatments. The materials properties of the heat treated alloys can be tailored through 
variations of processing routes and by elemental additions of only a fraction of a percent. 
Good control over the microstructures of wrought steels is attained by homogenisation of the 
alloy followed by cooling and subsequent tempering. However, such microstructural control 
of weld material is rarely realised and the final weld is frequently observed to be a weak 
position in a construction. 
The microstructure of weld metal is often quite different to that of the wrought component to 
which it is fused. The chemical composition of the weld alloy may differ from that of the 
base material due to weldability issues.  
In addition, the different cooling rates and directional temperature gradients experienced 
during welding can result in segregation and anisotropic microstructures. Another difference 
between base and weld microstructures is the presence of weld inclusions formed during the 
welding process. 
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3.3.1 Solidification of the Weld Pool 
It has been reported that welds, comprising filler alloys that are similar in composition to 
that of the components being joined, solidify to δ-ferrite by means of epitaxial growth on 
existing base material crystals [71]. However, whether weld metal solidifies to δ or γ is 
dependent on cooling rate and alloy composition, fast cooling rates or additions of C, Mn, Ni 
and Co can prevent the formation of δ-ferrite, in which case solidification of the weld pool is 
directly to austenite [72-73]. Zhang and Farrar [74] have shown the width of the columnar 
grains can also be affected by the concentration of Ni. The Ni equivalent contents that result 
in solidification of liquid to austenite are greater than those considered in this work and it is 
assumed that the welds, investigated here, undergo a liquid to δ-ferrite transformation. 
Growth of the solidifying weld material occurs along the temperature gradient towards the 
centre of the weld pool. δ-ferrite grains oriented with their <001> close to the maximum 
thermal gradient will grow preferentially; this results in an as cast columnar grain structure 
(fig. 3.1). Grains which may initially start to form, but are far from the ideal orientation, are 
squeezed out of the growth process by grains of preferable orientations. These selected 
grains then broaden as they increase in length.  
 
Figure 3.1. Competitive growth of columnar grains in bulk fusion zone [75] 
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The columnar δ-ferrite material transforms to austenite during continued cooling of the 
weld. Austenite is reported to nucleate at the δ-ferrite grain boundaries as shown 
schematically  in figure 3.2. 
 
Figure 3.2. A schematic representation of austenite formation and growth from δ-ferrite 
columnar grain material [73] 
3.4 Decomposition of Austenite 
During continuous cooling of weld material, face centred cubic (FCC) austenite undergoes 
solid phase transformation to one or more ferritic constituent. The temperature at which the 
austenite initiates transformation to its product ferritic phase       is governed by a number 
of factors; the most important of which is alloy composition. However, the temperature at 
which austenite begins to decompose is also affected by austenite grain size and cooling rate. 
Furthermore, the mechanisms by which transformations occur are also dependant on 
chemistry and cooling rate. The microstructures and physical properties of the phases 
produced during decomposition of austenite are wide and varied and are exploited by 
metallurgists and engineers. 
3.4.1 Diffusional Growth of Ferrite 
The reconstructive growth of body centred cubic (BCC) ferrite from the FCC austenitic 
parent phase occurs below the    , the temperature of which is composition dependent. 
Ferrite nucleates heterogeneously on prior austenite grain boundaries (PAGB). Preferential 
growth of ferrite along prior austenite grain boundaries takes place as a result of the greater 
diffusivity in these regions.  
3.4.2 Widmanstätten Ferrite 
Formed by the co-operative growth of mutually accommodating plates, widmanstätten 
ferrite is the highest temperature forming phase that retains atomic correspondence between 
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the parent and product phases. The widmanstätten start temperature (WS) is higher than the 
upper bainitic start temperature (BS). 
The growth of widmanstätten ferrite is facilitated by the diffusion of carbon in austenite 
ahead of the growth tip. The low undercooling required for widmanstätten ferrite growth 
does not provide sufficient energy to support the strain energies associated with such 
processes as the growth of martensite. The strain energy associated with the growth of 
widmanstätten ferrite is accommodated by the simultaneous growth of a neighbouring plate 
of material; these two neighbouring plates have the effect of cancelling much of the strain 
energy [76].  
3.4.3 Bainite  
Bainite is an intermediate temperature transformation product of austenite. When austenite is 
cooled quickly the associated reduction in atomic mobility prevents a phase change to ferrite 
by reconstructive mechanisms. Depending on the degree of undercooling, austenite can 
transform to a ferritic constituent by means of a displacive process.  
At this point it is necessary to mention that the mechanism by which austenite transforms to 
bainite is a contentious issue. Postulations that the phase change is reconstructive rather than 
displacive are given [77-78]. However, the present work will consider only the widely 
accepted model, as summarised by Christian and Bhadeshia [79], that bainite is formed as 
the result of a shear displacement of the FCC austenitic lattice structure to form BCC ferrite. 
The bainitic ferrite has been shown to be super-saturated with carbon [80-81] although 
Bhadeshia [82] does not rule out carbon diffusion from the ferritic phase. 
The growth of bainite takes place by a displacive mechanism, similar to the martensitic 
reaction, at temperatures greater than the martensite start (Ms) temperature but below 
temperatures at which pearlite is able to form [83-85]. The phase is an aggregate of acicular 
ferrite and carbides. Precipitation of carbides arises as a result of carbon partitioning due to 
its low solubility in the BCC structure; this is a secondary reaction. 
Bainitic microstructures can appear somewhat varied when viewed in microscopes. Reports 
of upper bainite nucleating at prior austenite grain boundaries, acicular structures nucleated 
within prior austenite grains and granular bainitic structures as defined by Habraken [47] 
have all been identified.  
The bainitic transformation is divided into two separate classifications; differentiation 
between the two products is defined by characteristics of their microstructures. The two 
morphologies of the phase are classed as upper bainite and lower bainite. Upper bainite, 
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which forms at higher temperatures, consists of platelets of BCC ferrite separated by 
cementite (Fe3C ≈ M3C) platelets. Lower bainite, which forms at lower temperatures, 
comprises similar ferritic plates, however, precipitation of cementite is observed within the 
ferritic laths in addition to the intra lath cementite (fig. 3.3).  
 
Figure 3.3. A schematic showing proposed mechanisms of the formation of upper and 
lower bainite [82] 
In general, reports indicate [86] that bainite shares the Kurdjumov-Sachs (K-S) orientation 
relationship (OR) with austenite, according to: 
               
               
However, a relationship close to the Nishiyama-Wassermann OR has also been observed, in 
EBSD analysis of low alloy steels, by Gourgues et al.[87].  
The austenite habit plane along which martensite laths and upper and lower bainite sheaves 
form is dependent on alloy compositions.  
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3.4.4 Precipitation in Bainite 
Upper bainite grows by a martensitic type shear transformation above the Ms temperature. 
During the transformation carbon is partitioned to the austenitic material from which M3C 
carbides precipitate; this results in the growth of characteristic intra-lath carbides. As the K-
S OR exists between the cementite and austenite, an orientation relationship between bainite 
and cementite is sometimes observed.  
During the transformation from austenite to lower bainite, the bainitic ferrite phase has been 
shown to remain supersaturated with carbon for some time. Subsequently, cementite 
precipitates much in the same way as is observed during the tempering of martensite. In 
contrast to precipitation in martensite, precipitation of M3C (θ) in lower bainite tends to 
adopt a single crystallographic variant within each bainitic sheaf. 
A number of orientation relationships are reported to exist between cementite and ferritic 
constituents which form during the decomposition of austenite. The most commonly cited 
orientation relationships are those proposed by Isiachev [88], Bagaryatskii [89] and Pitsch-
Petch [90].  
Cementite nucleating from retained austenite in upper bainitic transformations is related to 
the ferritic phase via the K-S OR resulting in the Pitsch-Petch OR which is given by: 
               
                      
     
 
         
the subscripts α and θ, refer to the ferritic and cementite phases respectively. 
Orientation relationships between intra-lath cementite and lower bainitic ferrite often differ 
from those observed of inter-lath upper bainite. Where M3C nucleates from the ferrite phase, 
Shackleton and Kelly [91] have shown that, in the case of lower bainite, intra-lath cementite 
shares the Bagaryatskii orientation relationship with the ferritic matrix, where: 
               
                
                   
The Bagaryatskii OR is very close to the Isaichev OR [92] which is also reported to occur in 
lower bainite and tempered martensite; Zhang and Kelly [93], cite this as a possible reason 
for the conflicting reports found in the literature. The propensity to inaccurately determine 
the direction of the incident beam in conventional selected area diffraction patterns, which 
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are used in the analysis of ORs, can cause confusion. They used analysis of Kikuchi 
patterns, in convergent beam electron diffraction patterns, to more accurately determine 
orientation relationships between cementite and different ferritic phases. They report for 
cementite, which was precipitated in tempered low carbon martensitic steel, that the Isaichev 
OR was dominant. 
The long axis of the cementite growth has been observed, in electron microscopy 
experiments, aligned at an angle approximately 60° to the ferrite plate long axis. The 
precipitates are arranged along a single specific crystallographic plane (single variant). This 
differs from the precipitation of cementite in tempered martensite where cementite rods form 
along more than one of the four equivalent                directions [94], hence displaying 
the Bagaryatski OR. 
The OR between carbides and matrix does not hold as strongly in the case of upper bainite, 
Shackleton and Kelly [91] report only 2/3 of the diffraction patterns adhered to the OR 
which had been observed in lower bainite. Their explanation for the lack of OR between 
Fe3C and ferrite, in some of the upper bainite cases recorded, was that cementite precipitates 
from the carbon enriched austenite lying between the bainitic plates. As such, cementite 
precipitates separately from the acicular ferritic material and no OR need exist.  
3.4.5 Martensite 
One of the most important and oft-exploited transformations in steel is that of the 
decomposition of austenite to martensite (α′). Martensite is a non-equilibrium ferritic phase 
which remains super-saturated with carbon. It possesses a body centred tetragonal (BCT) 
structure and is formed by a shear type transformation from austenite in the absence of 
diffusion. As austenite is transformed to martensite by a coordinated movement of atoms it 
is conceivable that there is a close relationship between the atomic arrangements of both 
phases. It is usually found that the close packed        is nearly parallel to the 
      ,which is the closest packed plane of the BCC structure. It is also found that specific 
directions of the parent and product lattices are approximately parallel. Orientation 
relationships, such as those determined by Kurdjumov-Sachs, Nishiyama-Wassermann and 
Greninger-Troiano, predict close packed planes of austenite and martensite to be parallel, 
however, the relationships are often found to be approximate only and the precise 
relationships are frequently irrational.  
Transformation from austenite to martensite can only occur when the Gibbs free energy of 
martensite product phase is less than that of the austenite. However, for the reaction to 
commence the difference in free energy must be sufficient to overcome the large strain 
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energies associated with the transformation itself. The temperature at which the degree of 
undercooling below the    is adequate to initiate transformation of austenite to martensite is 
termed the martensitic start (Ms) temperature. As with many of the other transformations 
experienced in steels, the temperature at which they start is governed by factors including 
alloy composition, austenite grain size and the thermal and mechanical history of the 
material. However, the Ms temperature is found to be nearly independent of cooling rate.  
The martensitic transformation in steels is athermal and is therefore independent of time. 
This is shown by the Koistinen and Marburger equation: 
                     
(Equation 5) 
              , Vα′ is the volume fraction of martensite and T is a temperature below 
Ms. The volume fraction of martensite formed is dependent on temperature alone. As such, 
the transformation from austenite can be halted at some temperature between Ms and that at 
which complete transformation of austenite to martensite has taken place (Mf). During this 
isothermal period no new martensite will form but once cooling is commenced fresh 
martensite will nucleate and grow from the remaining untransformed austenite.  
The microscopic morphology of martensite consists of lenticular plates which can grow at 
velocities approaching the speed of sound. Typically, they display an elongated needle 
morphology which is pointed at both ends. The shape is dictated by the strain energy in the 
surrounding matrix which restricts the lateral growth of the plates.  
The diffusionless nature of the γ-α′ transformation results in carbon being trapped in specific 
sites within the martensitic lattice. The resultant phase is supersaturated with carbon at levels 
far in excess of equilibrium. The position within the martensitic lattice, in which the carbon 
atoms reside, is dictated by their locality in the austenite lattice. Due to the size of carbon 
atoms and their location, the martensitic lattice is strained and cannot form the equilibrium 
BCC structure. The resultant crystal structure is elongated along the c-axis; hence is non-
cubic and is described as body centred tetragonal. 
The ratio of the tetragonal lattice parameters (c/a) of martensite differ from that of BCC 
ferrite and can be calculated according to [95]: 
 
 
       
(Equation 6) 
where CC is the carbon concentration (wt%).  
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The specific lattice parameters can be calculated: 
                        
                        
Figure 3.4 plots the BCT lattice parameters c and a as a function of carbon content (wt%). 
 
Figure 3.4. Theoretical lattice parameter values c and a of the martensitic BCT crystal 
structure as a function of carbon concentration 
3.6 Dislocation Densities 
Dislocations are generated during the growth of bainite and martensite as a means of 
accommodating the large strain energies associated with displacive transformations.  
Dislocations have been observed to originate directly at the transformation front during in-
situ TEM studies of Fe-C-Si and Fe-Mo-C alloy specimens during cooling at temperatures 
below 600°C [96-97]. It was also reported, by Purdy [97], that dislocation densities (ρd) were 
greater in alloys which transformed at lower temperatures. Similarly, Thompson et al. [98] 
report densely dislocated material formed during bainitic transformations in high strength 
low alloy (HSLA) steels, where the dislocation density of bainitic steel was found to be 
greater in material isothermally transformed at lower temperatures. Bhadeshia [99-100] cites 
work by Fondekar et al. [100], who reported dislocation densities of 6.3 x 10
15
, 4.7 x10
15
 and 
4.1 x 10
15
 m
-2
 for transformation temperatures of 300, 360 and 400°C respectively. These 
results are in good agreement with the empirical formula given by Takahashi [101], which 
remains valid over the temperature range of 570-920K and treats the production of 
dislocation densities in Widmänstatten ferrite, bainite and martensite in the same manner: 
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Dislocation density      has units of m
-2
 and temperature (T) is the reaction temperature in 
Kelvin, for example the bainite start temperature Bs. Analysis of the curve plotted according 
to (Equation 7) indicates that dislocation densities increase with decreasing transformation 
temperature. This is based on the relationship between transformation temperature and the 
temperature corrected yield strength of the product phase. 
Dislocation densities reported for normalised martensitic 9-12% Cr steels vary between 
5*10
13
 and 1*10
16
 m
-2
 [102-103]. Takebayashi et al.[104], have shown large discrepancies in 
dislocation density values can be expected depending on the method by which 
measurements are made.  Their work showed that values determined from TEM 
investigations were consistently lower than those measured, in the same material, by XRD 
analysis. It was also shown there, that carbon concentrations can affect the dislocation 
densities in martensitic steel; this was in agreement with Morito et al.,[105] who reported an 
increase in dislocation densities with carbon content. 
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CHAPTER FOUR 
Precipitation in Cr-Mo (W) Ferritic Creep 
Resistant Steels 
4.1 Introduction 
The creep strength of bainitic and martensitic creep resistant steels is partially facilitated by 
the formation of fine precipitates dispersed throughout the microstructure [43, 106]. The 
type and distribution of precipitates observed in Cr-Mo (W) steels is varied and is often a 
complex function of the steel chemistry and the temperature treatments to which the alloy 
has been exposed. Many of the precipitates formed are metastable and do not represent the 
lowest free energy state, i.e. the thermodynamic equilibrium state of the material [49]. 
Precipitates present after normalisation or in as welded material may have formed because 
they nucleate readily and may quickly be replaced by further precipitation of more stable 
precipitates during tempering treatments. This has led to studies regarding precipitate 
evolution sequences in particular steels [38, 40, 107-109]; this has also been proposed as a 
method by which the remnant creep life of Cr-Mo steels may be determined. An added 
complication, to the precipitate evolution sequences that have been proposed, is the 
dissolution of metastable carbides followed by their re-precipitation [110]. This is made 
possible due to compositional changes in the matrix, during aging, which leads previously 
metastable precipitates becoming stable under the modified conditions [111]. 
Due to the multiple alloying additions made to Cr-Mo (W) steels, the precipitates that form 
are rarely binary carbides or nitrides. The compositions are more often complex and found to 
differ from alloy to alloy. Furthermore, precipitate compositions have been shown to change 
over time, during aging [39, 49]; this is made possible by extensive atomic substitution 
permissible in many of the carbides [112].  
Due to the mixed compositions of precipitates, which are common in Cr-Mo steels, it 
becomes difficult to refer to them by a simple chemical formula e.g. Fe3C or Cr7C3. Instead, 
the metallic component of precipitates is referred to as M, as such, carbides are referred to as 
MaCb where a and b are numerical values representative of the ratio of metallic and carbon 
atoms; this notation is used herein after. MX refers to a family of precipitates which are of 
great importance to the Cr-Mo and Cr-W ferritic alloys which have been optimised for high 
temperature strength. The species of precipitates found in steels are numerous; those 
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common to the creep resistant ferritic steels include MC, MX, M2X, M2C, M7C3, M3C, 
M23C6 and M6C [38, 43, 56, 113-114].  
The stability of carbides, at a temperature which permits the phase to form, is related to the 
free energy associated with the formation of the compound. Figure 4.1 plots the free energy 
of formation for a range of carbides, for reactions involving 1 mol of carbon, against 
temperature. Most of the carbides listed are common to Cr-Mo ferritic steels but nitrides 
formed by vanadium, niobium and titanium, which increase in stability respectively are 
absent from the plot.  
 
Figure 4.1. Free energy of formation of alloying elements in creep resistant steels [115]
 
A brief description of the precipitates detailed in this work is presented in the following 
passage. Information is also given concerning a number of precipitate phases which are 
reported to form in Cr-Mo (W) alloys but have not been observed in this study. 
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Table 4.1. Crystal structures and lattice parameters of precipitates common to modified Cr-
Mo and Cr-W power-plant steels 
Species Crystal system Space 
group 
a b c α β γ ICSD-CC 
M3C Orthorhombic PNMA 5.0368 6.7203 4.4818 90° 90° 90° 167344 
M2C Hexagonal P63/MMC 3.011 3.011 4.771 90° 90° 120° 77159 
M2X Hexagonal  4.78 _ 4.44    REF. [116] 
VC Cubic FM3-M 4.163 4.163 4.163 90° 90° 90° 159870 
NbC Cubic FM3-M 4.454 4.454 4.454 90° 90° 90° 159872 
VN Cubic FM3-M 4.14 4.14 4.14 90° 90° 90° 644847 
NbN Cubic FM3-M 4.389 4.389 4.389 90° 90° 90° 76263 
MX Cubic FM3-M 4.308 4.308 4.308 90° 90° 90° 77173 
M23C6 Cubic FM3-M 10.599 10.599 10.599 90° 90° 90° 62671 
M7C3 Orthorhombic PMCN 7.01 12.142 4.526 90° 90° 90° 87129 
M7C3 Hexagonal P63MC 14.01 _ 4.532 90° 90° 120° 52289 
M6C Cubic FD3-MZ 11.032 11.26 11.032 90° 90° 90° 76135 
 
4.1.1 MX 
A family of precipitates of particular importance to the present work are MX carbides and 
carbonitrides. They have compositions dominated by vanadium and/or niobium and form on 
heterogeneities in the microstructures of martensitic and bainitic creep resistant steels during 
tempering. MX particles are often only a few nanometres in size and have been introduced 
to Cr-Mo steels to enhance their creep strength.  
Vanadium nitrides precipitate on the (100) planes of the ferritic matrix. Baker and Nutting 
report a crystallographic orientation relationship with the matrix [56, 94, 117]; where 
       //        ,        //         and        //         . Niobium carbide is 
reported to share the same orientation relationship with ferrite as that described for VC and 
ferrite [118]. 
Forming with the NaCl crystal structure, MX type, group IV and V transition metal 
precipitates are stable over a range of compositions [119]. The phase readily forms over 
complete ranges of solid solutions, involving group IV and V elements, when size factors 
are favourable. They are also able to dissolve other non-group IV or V transition metal 
elements including molybdenum and tungsten [120]. Molybdenum shows a high degree of 
solubility in the phase with concentrations as high as 60wt% being reported in a 0.5%Cr -
1%Mo alloy [117]. Vanadium carbides deviate from equiatomic carbide stoichiometry and 
are sometimes referred to, in the literature, as V4C3. Although the stoichiometry of these 
carbides differs from the ideal, the NaCl structure is retained with interstitial carbon 
vacancies [94, 120-122].  
The lattice parameters of transition metal MC mono-carbides have been measured, at 23°C, 
by neutron diffraction and shown to differ considerably depending on their composition. The 
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lattice parameter of VC was reported as 4.1629Å and the largest parameter measured 
belonged to the carbide TaC at 4.6911Å; a lattice parameter of 4.4544Å was recorded for 
NbC [119]. The lattice parameters of multi-component MC carbides containing V, Nb and 
Mo also vary as a function of composition; differing by as much as 3% [117].  
4.1.2 M2X 
Reported to precipitate in 9-12% Cr alloys after short durations at lower tempering 
temperatures (730°C), the M2X phase is less rich in vanadium than VN but displays a finer 
distribution. The precipitate has a hexagonal structure and consists mainly of Cr, V, Fe and 
N. The precipitate is not stable during creep and is quickly replaced by vanadium MX [123].   
4.1.3 M2C 
Hexagonal structured M2C carbides precipitate during the early stages of heat treatment of 
Cr-Mo and Cr-W steel. Hippsley [40] has identified the phase in an austenetised and 
quenched 2.25Cr-1Mo steel after 1 hour tempering at 650°C, however, the findings of 
Marinkovic et al.[124] indicate nucleation can initiate at earlier stages. The precipitates have 
a well defined needle morphology and often show a Widmanstätten type distribution, in the 
matrix, lying along        directions. The orientation relationship with the matrix is defined 
by                    and          
        . M2C nucleates on dislocations in ferrite 
and at the M3C/matrix interface but is also observed along prior austenite grain boundaries 
[86]. Secondary hardening of Cr-Mo steels, during tempering, has been attributed to the 
nucleation and growth of fine distributions of these coherent particles [43]. 
4.1.4 M3C   
Often the first precipitate to be detected, either in bainite subsequent to cooling or in 
tempered martensite; M3C has an orthorhombic crystal structure. Precipitation takes place on 
grain boundaries, inter-sheath boundaries or in the form of intra-lath needles. The initial 
metallic composition of the carbide is reportedly [115] close to that of the matrix in which it 
is formed. Enrichment in chromium, during tempering treatments of 2.25Cr-1Mo alloy, has 
been predicted in models developed by Thompson and Bhadeshia [49]; experimental results 
presented in the same work supported their calculations. It was shown that enrichment rate is 
a function of temperature and compositions vary with respect to precipitate size. 
Furthermore, their experimental findings indicate that compositions differ between M3C 
found in martensitic and bainitic material which had received identical heat treatments. 
Added complications arise on the precipitation of other carbide species; this was also shown 
to affect the Cr concentrations of M3C which were in close proximity. Peddle and Pickles 
work, which investigates precipitation development in 2.25Cr-1Mo steel, also reports 
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chromium enrichment of M3C precipitation with time at temperature. They showed an initial 
Fe:Cr ratio (mass) of 72:12 which reduces to 33:12 after exposure for 5000 hours at 538°C; 
this was in addition to 3 hours PWHT at 725°C. Other elements which dissolve in M3C 
include Mo and Mn [125]. 
4.1.5 M6C (η-carbide) 
Molybdenum rich diamond cubic precipitates form during long term thermal exposure of Cr-
Mo steels. This pernicious phase, which grows at the expense of other carbides, also forms 
in Cr-W alloys as tungsten rich particles. Strength degradation due to the loss of solution 
strengthening can be significant as a result of the rapid coarsening rates of these carbides and 
the resultant Mo or W depletion from the matrix.  
The unit cell contains 112 atoms, 96 of which are metal and 16 carbon. The carbide has a 
cubic-F structure with lattice parameter of approximately 11Å which differs from that of 
M23C6 by only 4%, this is similar to the accuracy of lattice measurements recorded from 
SAD patterns which can result in ambiguities. However, M6C forms in the diamond cubic 
structure (FD3-MZ), hence, diffraction from planes where h+k≠4n is kinematically 
forbidden. For example, the (200), (420) and (600) reflections would be absent from selected 
area diffraction (SAD) patterns formed under kinematic scattering conditions. However, 
multiple scattering events can result in a primary beam, which is strongly reflected by the 
planes (hkl), being doubly diffracted by a secondary set of planes (h k l ). The resultant beam 
will appear to come from a plane with the indices (h+h ,k+k ,l+l ). For example, if the 
primary beam was diffracted by the       plane and subsequently re-diffracted by the 
      plane, intensity would be observed in the position according to the (200) reflection. 
The weak nature of these spots has been proposed as a method of differentiation between the 
M6C and M23C6 phases in the absence of chemical data [126]. 
A further possible method which could be used to differentiate between these phases, and 
others, involves the use of convergent beam electron diffraction (CBED). Double diffraction 
which creates diffracted intensities in SAD patterns, that otherwise are predicted to be 
kinematically absent, is also apparent in CBED patterns. However, close examination of the 
forbidden reflections can reveal a line of zero intensity running through the disk. These 
dynamic absences occur due to destructive interference between beams which have 
diffracted along two equivalent paths. The deficient lines are referred to as Gjønnes-Moodie 
(G-M) lines and can be used to determine the space groups which completely define a 
crystal structure [127]. 
~ 37 ~ 
 
4.1.6 M7C3 
The presence of metastable M7C3 carbides is widely reported in 2.25Cr type ferritic creep 
resistant alloys. Rich in chromium, the precipitate nucleates at the expense of M3C carbides 
but is later replaced by M23C6 during prolonged exposure to high temperatures. Iron, 
vanadium and molybdenum are soluble in M7C3 carbides substituting for Cr atoms without 
altering the stoichiometry of the phase with regards the M7:C3 ratio [120]. Precipitation of 
M7C3 is common in 2.25 to 5%Cr alloys [128]; however precipitation is not widely reported 
in higher chromium containing alloys. Jayaram and Klueh [129] presented images of faulted 
M7C3 in a 7Cr-2WVTa alloy which had been normalised at 1050°C followed by a tempering 
treatment of 1 hour at 750°C. They did not identify M7C3 in 9Cr-2WVTa alloys after similar 
thermal exposures. However, calculations made using ThermoCalc indicated that if nitrogen 
were excluded from the 9Cr alloy then MX would not form and M7C3 would precipitate in 
coexistence with M23C6 carbides. They also predicted that M7C3 will only form in Cr-Mo 
alloys which contain < 7.5% Cr after tempering at 750°C. Precipitation of M7C3 is not 
widely reported in 9%Cr alloys; but isolated reports confirming its formation have been 
given by Tamura, Furtado and their co-workers [130-131]. 
Different crystal structures have been proposed for M7C3 carbides. Several studies have 
investigated the atomic arrangements of these carbides which form in steels of various 
compositions. Considered crystal structures have included trigonal, which was originally 
proposed by Westgren [132], hexagonal, as reported by Herbstein & Snyman [133], and 
Carpenter et al.[134] and the orthorhombic structure as first proposed by Bouchard and 
Fruchart [135] and latterly Kayser [136]. The structure is also, sometimes, referred to as 
orthohexagonal as a result of the        relationship. Bauer-Grosse[137] studied 
patterns generated by Higher Order Laue Zones (HOLZ) in electron diffraction patterns and 
concluded that crystals containing three variants of the orthorhombic structure may be 
present in a single crystal. Each variant is rotated by 120° about the c axis, and are separated 
by twin planes or anti-phase boundaries (APB). 
The lattice convention adhered to in this work is orthorhombic, with lattice constants 
a=7.01Å, b=12.142Å and c=4.526Å, as determined by Roualt et al. [138]. However, the 
results reported elsewhere are, in places, referred to using hexagonal notation. 
Many of the difficulties associated with the designation of a crystal system to the M7C3 
carbide have arisen due to the highly faulted nature of the crystals. The planar defects, which 
consist of twins and APBs, give rise to streaking in selected area electron diffraction 
patterns. High resolution TEM images of faulted M7C3 crystals were presented by Morniroli 
et al. [139], in which clear evidence of periodically displaced lamella blocks of crystal can 
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be seen. These lamella blocks which are shifted along         type planes, which are 
equivalent to the {020}orth and {110}orth, vary in width. Crystalline blocks 2, 3 and 4 times 
the thickness of the lattice planes (               ) are clearly visible in their HRTEM 
images. In their work, electron diffraction patterns generated from regions containing these 
periodic faulted blocks of a constant thickness are presented. The resultant [      ] zone axis 
patterns contain super-lattice diffraction spots with vectors dependant on the nature of 
displacement and size of the lamella blocks.   
4.1.7 M23C6 τ-carbide 
Tau carbide, M23C6, has a complex cubic structure with a unit cell comprising a total of 92 
metallic and 24 carbon atoms. Chromium rich carbides nucleating in the austenite phase 
field have a cube on cube relationship with the austenitic matrix. As a result an orientation 
relationship is expected between precipitates and ferritic phases which have formed by a 
displacive transformation process [140]. The precipitate is found in all 9-12Cr alloys after 
tempering treatments and is widely reported in 2.25Cr alloys after prolonged thermal 
treatments. This precipitate commonly forms along prior austenite grain boundaries and on 
interlath boundaries in bainitic and martensitic material.  
The strengthening effects of M23C6 are exploited in martensitic material due to the 
stabilisation of sub-grain boundaries [141]. Abe [142] has shown that boron is soluble in 
what becomes M23(CB)6. The coarsening rate of boron containing precipitates is greatly 
reduced when compared to pure carbides; this has been shown to have a significant effect on 
the microstructural stability of a boron containing, low nitrogen, 9Cr-3W-3Co alloy. In 
similar tests there have been promising indications that boron additions result in the 
suppression of type IV cracking [143]. 
The solubilities of different metal species in Cr23C6 are considerable. According to Hume-
Rothery [120], 8 of the Cr atoms are readily replaced by W atoms in a ternary system before 
the carbide undergoes a transformation to the M6C phase. It is also possible for 30% of the 
Cr atoms to be replaced by Fe. However, by simultaneously dissolving W into the carbide, 
on specific crystallographic sites, a total replacement of Cr by Fe and W is possible; this 
results in the ternary (FeW)23C6 carbide. Experimental results also show that Mo and Mn are 
readily dissolved in this phase [39, 144].  
4.1.8 Laves Phase 
Laves phase (Fe2Mo) has been reported to precipitate in P91 alloy [145] [146]. The chemical 
formulas of Fe2Mo or Fe2W are often quoted when referring to laves, however, more often 
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the chemical formula is found to be M2Mo or M2W, where M is multi-elemental, 
predominantly Fe but with significant concentrations of Cr, V, and Si. 
This rapidly coarsening phase has been identified in P91 alloys after only 5000 hours 
tempering at 500°C [144]. The phase is generally believed not to contribute to precipitate 
strengthening but rather serves as nucleation sites for void and cavity formation during creep 
[147-148]. At the same time, it has been assumed that the solution strengthening effect of 
molybdenum is lost due to its depletion from the matrix [141]. However, Korcakova has 
shown that the coarsening rates are similar to those of M23C6 and there may be a beneficial 
effect of precipitate strengthening [149]. 
4.1.9 Z-Phase 
The complex nitride Z-phase Cr(V,Nb)N precipitates in 9-12%Cr alloys [150]. Although 
usually found after long term creep exposure in 9%Cr alloys, the phase has also been 
identified in 12%Cr specimens after only a few thousand hours [151]. Of the 9-12%Cr 
alloys, those containing 12%Cr are more prone to z-phase precipitation and due to its 
composition and greater thermodynamic stability, vanadium and niobium MX precipitates 
are consumed during its growth [152]. 
4.2 Alloying Additions 
4.2.1 Boron 
The positive effects of alloying creep resistant steels with small concentrations boron, which 
are typically in the order of 0.002 to 0.018 wt% [143, 153-155], has been the subject of 
considerable interest over recent years. As an austenite phase promoter, boron increases the 
hardenability of Cr-Mo and Cr-W steels. It has been used by Klueh et al. [156], along with 
slight increases of chromium concentrations, to form lath bainite as opposed to granular 
upper bainite in 2.25Cr steels.   
Boron additions made to 9-12Cr martensitic steels has been shown to enhance the creep 
performance of this group of alloys. Abe et al. [157] attribute this to a reduction in the 
coarsening rate of grain and lath boundary M23C6, in turn stabilising the lath and sub-grain 
microstructure. The uptake of boron into the M23(CB)6 precipitate, which has been shown 
experimentally by atom probe field ion microscopy (APFIM), retards precipitate ripening, 
hence, maintains a fine dispersion [153]. Hofer et al. also report boron enrichment in M6C, 
MX and laves phase [154]; the latter of which is confirmed in recent work by Liu and 
Andrén [158]. Unfortunately, Hofer et al. do not comment on the effects of boron on the 
coarsening rates M6C or MX precipitates in their work. 
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Boron is a strong nitride forming element, hence, its addition to nitrogen containing steels is 
strictly controlled. The performance of these alloys is dependent on both boron 
strengthening and fine distributions of MX type precipitates. Boron nitride formation during 
normalisation, in the temperature range 1050-1100°C, has the potential to deplete both 
elements from the matrix, having detrimental effects [142].  
4.2.2 Carbon 
Carbon is an austenite stabilising element and has a greater solubility in the FCC than BCC 
Fe structure. Carbon occupies interstitial sites in the steel lattice and forms chemical 
compounds with iron and other substitutional solute elements. Carbide phases are exploited 
in the strengthening of creep resistant alloys. The concentration of carbon is often limited in 
order to improve the weldability of Cr-Mo steels. At very low concentrations the creep 
strength of 2.25Cr-1Mo alloys deteriorates, however, medium carbon steels showed similar 
creep properties to high carbon versions of the steel in creep tests lasting longer than 1000 
hours [159]. Ultra-low carbon content, N, V, Nb containing 9%Cr alloys have been 
investigated. These alloys formed predominantly MX nitrides and initial creep strength and 
creep rate results were very promising [160].  
4.2.3 Nitrogen 
Like carbon, nitrogen occupies interstitial sites in the ferritic and austenitic lattice. Nitrogen 
is added to ferritic creep resistant steels in order to enable the precipitation of MX particles 
which are generally accepted as having a positive effect on the creep performance of 
martensitic and bainitic steels. To exploit the strengthening potential of vanadium and 
niobium nitrides it is required to keep the stoichiometric ratio of V:N. Tests have shown that 
there is an upper limit to nitrogen additions that have a positive effect as the volume fraction 
of VN is restricted by the free nitrogen content in the steel [141]. 
4.2.4 Silicon 
Silicon is a ferrite stabilising element; it is soluble in M6C carbides and laves phase and has 
been reported to increase the coarsening rate of the latter [161].  
The beneficial effect of silicon on the oxidation resistance of 9%Cr alloys has been 
demonstrated [162-163]. However, additions of greater than 1wt% are required to make a 
significant differences to oxidation performance; at these levels detrimental effects on 
toughness, fabricability and precipitation kinetics become apparent [126].  
4.2.5 Titanium 
Titanium can be added to creep resistant ferritic steels as a partial substitute for niobium. 
Additions should be limited to 0.01wt% however, as titanium readily forms nitrides; 
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depletion from the matrix reduces the overall effectiveness of N as a creep strength 
enhancing addition. Titanium additions may also be limited in weld alloys as it tends to 
“burn off” during the welding process. Burn off is reported even when the welding process 
is protected by an inert gas shield [52]. 
4.2.6 Vanadium and Niobium 
The positive effects of vanadium and niobium on the creep strength of martensitic and 
bainitic creep steels are well understood. They are strong carbide, nitride and carbonitride 
forming elements and the precipitation of nano-scale secondary phases has been exploited to 
enhance the creep performance of P23, P24 and P91 alloys.  
The optimum vanadium and niobium concentrations for 12% Cr steels are approximately 0.2 
and 0.05% (wt) respectively [2] and their combined effect is presented in figure 4.2. 
Vanadium may also have the positive effect of reducing the carbon content in the matrix 
which helps prevent the precipitation of deleterious carbide phases such as M6C. High Nb 
concentrations are usually avoided as it makes alloys more susceptible to the precipitation of 
z-phase [150]. 
Similarly, tantalum additions have been made to the 9%Cr low activation steels. It too forms 
carbonitride MX phases and the creep performance of Nb and Ta containing alloys is largely 
comparable [164]. 
 
Figure 4.2. Effect of combined additions of V and Nb on creep strength of 12%Cr steels [2] 
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4.2.7 Chromium 
Stabilising the ferritic phase, concentrations of up to 12 wt% Cr can be made before the 
gamma loop is closed and α→δ-ferrite during heating (fig. 2.5, p.19). However, a good 
combination of creep and oxidation resistance is gained by using alloys which contain 9% 
Cr. Alloys with Cr concentrations in excess of 12% fail to austenitise which prohibits the 
exploitation of phases which can achieved by the controlled decomposition of austenite.  
Besides creep strength, a lack of oxidation and corrosion resistance often limits the service 
life of 9% Cr creep resistant steels at 650°C. Oxidised in air, 9%Cr alloys form a protective 
oxide scales consisting of (FeCr)2O3 and (FeCrMn)3O4; however, in steam containing 
atmospheres at 600 to 650°C, the oxide scales are voluminous. These oxide scales consist of 
outer Fe3O4 and mixed inner Fe3O4 and (FeCrMn)3O4 layers beneath which internal 
oxidation is observed. By increasing the Cr levels, in similar alloys, a more protective scale 
is produced; hence, metal loss is reduced. Making additions of 12%Cr enhances both the 
steamside and fireside oxidation resistance as a result of the protective, continuous, spinel 
oxide layer which is formed [165]. However, at such levels, a slight reduction of creep 
performance is accompanied by an increase in the ductile to brittle transformation 
temperature (fig. 4.3) and the retention of δ-ferrite.  
 
Figure 4.3. Relationship between DBTT after aging at 600°C for 1000hours and creep 
rupture strength at 600°C and 1000 hours for (2-15)Cr-2W-0.1C steels [56] 
4.2.8 Manganese 
Manganese additions are made to creep resistant ferritic steels in order to ‘mop up’ sulphur 
which may otherwise embrittle the alloy by its segregation to grain boundaries. Manganese 
has a minor solution strengthening effect and it is soluble in a number of carbide phases.  
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Care is required in monitoring the combined Mn+Ni content of the steels as both additions 
are austenite stabilisers and as such will lower the α↔γ transformation temperature, which 
narrows the window in which PWHT can be applied [62]. Suppression of the martensite 
finish temperature is also likely, which increases the propensity to retain austenite on 
cooling, which again can be detrimental to the materials properties. 
4.2.9 Cobalt 
Cobalt is an austenite stabiliser and can be added to alloys which have high Cr equivalent 
concentrations in order to suppress the formation of δ-ferrite during high temperature 
normalising [64]. Unlike nickel and manganese, the effect of cobalt on the     temperature 
is negligible [166].  
4.2.10 Nickel 
Nickel is an austenite stabilising element. Additions are made in order to improve weld 
toughness but its presence can have an adverse effect on the creep rupture strength of 
martensitic steels [167]. As has already been mentioned, Ni has a strong effect on lowering 
the     temperature.  
4.2.11 Molybdenum and Tungsten 
Molybdenum and Tungsten are predominantly used as solution strengthening additions; 
however, precipitation of Mo2C carbides is also known to enhance the creep strength of Cr-
Mo alloys. After extended thermal exposure, precipitation of the pernicious M6C carbide 
occurs. This rapidly coarsnening carbide grows at the expense of other precipitates and also 
depletes the matrix of the Mo and tungsten. The intermetallic laves phase is also reported to 
precipitate in steels containing weighted concentrations of Mo and W (%Mo+0.5%W) of 
greater than 1%; again, depletion from the matrix can have adverse effects. According to 
Foldyna, [141] due to the limited solubility of Mo in steels (<1wt% at 600°C), increasing 
Mo concentrations above 1wt% does not further increase creep strength and has no 
beneficial effects. 
4.3 Creep Strength of Ferritic Steels 
Creep can be defined as a time dependant mechanism by which a material is plastically 
deformed, at a constant stress below that of the materials yield stress. The mechanisms by 
which creep occurs are thermally activated and typically occur at temperatures greater than 
1/3 of the absolute melting temperature (TM) of the material. 
The processes responsible for creep differ according to temperature and the applied stress; 
and the rate at which the process takes place is also sensitive to both stress and temperature. 
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The shapes of the curves, which depict time related strain (fig. 4.4), are defined by the 
mechanisms which control the rate at which the material deforms. Initial loading of a 
material, at all temperatures, results in an instantaneous strain; the primary stage of creep 
then follows. During this stage, the degree and rate of deformation is governed by 
microstructural features and strain hardening limits the extent of the primary curve. 
 
Figure 4.4.  Schematic representation of the relationship between time and strain according 
to creep deformation [168] 
At low temperatures, T≤0.3TM, the transient stage of creep which lasts for a comparatively 
short period of time is often referred to as α or logarithmic creep, as it obeys the form: 
            
(Equation 8) 
where ε is strain and t is time. At higher temperatures (T>0.4TM) and stresses, initial stages 
of creep may be transient before giving way to steady state creep of the form: 
     
(Equation 9) 
The transient stage of creep, which precedes the steady state, does not conform to a 
logarithmic function but rather obeys the form: 
        
(Equation 10) 
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Consequently the curve according to the primary and steady state stages of creep, at 
temperatures > 0.4TM, can be described by the equation: 
           
(Equation 11) 
Creep rate     during the steady state stage, at a constant stress, is temperature dependant 
according to the relationship: 
   
  
  
             
 
   
  
(Equation 12) 
where Q is the activation energy for steady state creep.  
The final stage of creep, tertiary creep, sees an acceleration in strain rate and is probably the 
stage in which cavitation occurs. 
The equations in the preceding passage borrowed heavily from the text titled “Modern 
Physical Metallurgy” authored by R.E. Smallman [169]. 
4.3.1 Dislocation Creep 
The mechanism of dislocation creep takes place by the accumulation of plastic deformation 
which is carried through the material by each dislocation. The rate of creep is therefore 
proportional to the number of dislocations and the velocity and direction in which they 
travel. This is shown by the Orowan equation where the magnitude of strain can be related to 
the Burgers vector ( ) and dislocation density. Assuming dislocations are distributed 
homogeneously and considering a length of material ( ), after the dislocation has passed 
through the section of material the strain ( ) is given by: 
  
 
 
 
(Equation 13) 
The rate of strain is related to the number of mobile dislocations and their velocity: 
        
(Equation 14) 
where    is the dislocation density and   is the velocity at which dislocations move. 
Dislocation densities in Cr-Mo martensitic steels are primarily dictated by the transformation 
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mechanism and temperature of transformation (Equation 7). However, dislocations are 
consumed by recovery, hence, for creep to continue there must be a mechanism for 
regenerative multiplication of dislocations. Multiplication mechanisms include the Frank-
Read source, multiplication by climb, as proposed by Bardeen & Herring and grain 
boundary sources. 
Dislocation mobility can be restricted by introducing obstacles in their glide planes. The 
energy required for dislocations to overcome these impediments is greater than in their 
absence. If there is insufficient applied stress to bypass the obstruction, then plastic flow will 
cease. However, in high temperature applications, there may be sufficient thermal energy to 
activate dislocation climb. Dislocation climb is facilitated by the transfer of material by 
diffusional processes and enables dislocations to move out of their slip or glide plane. This 
non-conservative motion of dislocations enables dislocations to overcome obstacles, even in 
the absence of increased stress. Other methods of reducing dislocation velocity are induced 
by the pinning effects of solute atmospheres and entanglement with other dislocations.  
Kimura et al. [170] have shown that the creep rupture strength of martensitic steel is lost due 
to the microstructural changes experienced during long term exposure to service conditions. 
Tests carried out on a range of different alloys showed that their creep lives differed by 4 or 
5 orders of magnitude. However, as the strengthening contributions of apparent mechanisms 
declined, the creep strength of a number of the alloys converged. It was concluded that 
martensitic steels, once all the creep strengthening mechanisms were lost, would display 
similar creep strengths, which was that inherent to the steel.   
There are four mechanisms listed by Maruyama [106] which contribute to the creep strength 
of tempered martensitic steels. They are, in no particular order of importance, 1, solid 
solution strengthening (SSS), 2, dislocation hardening, 3, dispersion strengthening and 4, 
subgrain boundary hardening.  
4.3.2 Solid Solution Strengthening 
The effectiveness of solute atmospheres on inhibiting the mobility of dislocations, as 
described by Cottrell and Bilby [171], depends on the atmospheres themselves being 
immobile. The resisting force exerted by solute atoms is proportional to the atomic misfit of 
the species and the square root of their concentration. Hence, a species with the largest misfit 
permissible, which is approximately ±0.15 the radius of the solvent species, and a high 
solubility in the host alloy, can be used to optimise strength. Since the interaction between 
the dislocation and the solute atoms represents an energy barrier to dislocation motion, it 
may be anticipated that increasing temperature enables dislocations to overcome the forces 
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exerted by solute atoms [172]. In addition, at increased temperature, solute species 
themselves may become increasingly mobile and free to drift with dislocations under the 
action of an applied stress. It is therefore assumed, that solid solution strengthening does not 
contribute considerably to the creep strength of alloys at temperatures T>0.5TM [169]. 
However, maximum operating temperatures for ferritic steels used in power plant are in the 
order of 630°C, which equates approximately to 0.5TM, and it has been shown that additions 
of Mo and W can influence creep performance. Work undertaken by Kadoya [173] (in 
Japanese), which is presented in Maruyamas review [106], shows the creep rate of iron at 
600°C is 3 orders of magnitude greater than in an alloy containing 2.3 wt% tungsten. The 
microstructures of the two alloys were similar and did not contain precipitation or a subgrain 
microstructure. This indicated that, in the absence of other strengthening mechanisms, solid 
solution strengthening could strongly affect an alloy’s creep performance. Kimura et 
al.[170], on revealing inherent creep strengths of steel, found there was some variation of 
‘inherent strength’. Although contradictory in itself, the finding may go some way to 
showing the effect of solution strengthening. They found that four alloys with C 0.2% and 
varying Mo concentrations had different creep strengths. Under the same test conditions, a 
steel with Mo 0.03 wt% displayed creep strength three times that of a steel containing no 
Mo. Therefore, the so called inherent creep strength of steel can be enhanced by making 
solid solution strengthening additions.  
4.3.3 Dislocation Hardening 
Nishimura et al. [174] compared the minimum creep rates of a bainitic steel with a high and 
dislocation densities with that of a ferrite steel of similar composition with a low density of 
dislocations. The minimum creep rate of the low dislocation density alloy was twice that of 
the more heavily dislocated steel. In the same project, similar alloys were tested in the 
presence of precipitation; a significant reduction of the minimum creep rates of both alloys 
was observed. However, the creep rate of the dislocated material with precipitates showed a 
greater reduction in creep rate and was 1/20
th
 of that displayed by the alloy containing 
precipitation in a ferrite matrix. Further tests introduced solute strengthening elements Mo 
and W; this resulted in a further reduction in creep rates and an increased disparity of creep 
rates between the two alloys. Dislocated bainitic material containing both precipitates and 
solution strengthening crept at 1/70
th
 the rate of the dislocation free ferrite specimen which 
contained precipitation, Mo and W. This showed that, in the absence of solute strengthening 
additions and precipitation, the dislocation structure has only a small effect on creep rates. 
However, in the presence of precipitation and solute strengthening additions, the 
contribution of dislocations to reducing creep rates is greatly increased. This has been 
explained by Maruyama [106]; he states that the addition of precipitates and solute atoms is 
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necessary to help retain dislocations by reducing their mobility and hence the rate at which 
they can recover. It was also suggested that precipitates, Mo and W assist the dislocation 
hardening in addition to their own roles in strengthening. The influence of PWHT 
temperature on dislocation densities has been approached by Rojas et al. [175], their results 
show recovery, which is shown as a reduction in dislocation density, is far greater in alloys 
tempered at 780°C than 680°C. In the same work subgrain measurements were made, their 
results are discussed in section 4.3.5. 
4.3.4 Dispersion Strengthening 
Oxides, intermetallic phases, carbides and carbonitrides have all been used to enhance the 
creep strength of steels. The strain rate of steady state creep deformation, which is 
dominated by the glide of dislocations, is influenced by a dispersion of particles; and is 
discribed by [176]: 
            
    
  
 
   
 
 
(15) 
where,   is the applied stress and     is the threshold stress. A dispersion hardening effect 
appears as part of the threshold stress. 
Where particles lie in the glide plane of dislocations they can be passed by either cutting or 
in the case of impenetrable precipitates by circumvention. The Orowan model accounts for 
the obstruction of dislocation motion by uniformly distributed non-shearing particles in a 
crystalline matrix. The circumvention process, as first proposed by Orowan [177], requires a 
stress       which is given by: 
    
  
  
 
(Equation 16) 
where   is the shear modulus and   is the burgers vector [177]. According to equation 16, 
optimisation of the strengthening effect of precipitation is accomplished by minimising the 
inter-particle spacing     . This can be can be achieved by either increasing the volume 
fraction of secondary phases or, for a constant volume fraction, reducing the average particle 
diameter. The later technique is the method most often used, employing the pinning 
efficiency of numerous fine precipitates.   
Inter-particle spacing can be defined as the mean distance between particles and their nearest 
neighbours. Assuming precipitates exist as spherical particles of mean diameter  , and are 
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distributed homogeneously on a cubic grid, the mean inter-particle spacing (  ) can be 
calculated according to:  
      
 
    
 
 
 
    
(Equation 17) 
where     is the volume fraction of particulates in the matrix.  
Or in terms of precipitate area fraction    : 
      
 
    
    
(Equation 18) 
Optimum creep strength requires that, during long term exposure to high temperatures, 
precipitates remain stable and do not coarsen. Once precipitation is complete, at which point 
nuclei have grown to a considerable size and the degree of supersaturation of the matrix is 
only slight, no further change in precipitate volume fraction takes place. Lifshitz and 
Slyozov [178] describe a process by which, once the initial formation of the precipitates is 
complete, the competitive growth of secondary phase particles leads to the consumption of 
fine particles by larger ones. The result is an overall coarsening of the secondary phase with 
time. The driving force for particle growth is a reduction of particle/matrix interfacial energy 
which varies according to the particle radius and the degree of supersaturation of the matrix. 
For a given supersaturation it was proposed that a critical particle radius exists and particles 
smaller than this would be taken into solution and the larger ones grow.  
This process is described by Ostwald ripening where the coarsening of existing particles is 
controlled by diffusion and is described by: 
     
         
(Equation 19) 
where [56]: 
     
            
             
 
(Equation 20) 
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where   and    are the average particle radii at the times t and t = 0 respectively,      is the 
particle/matrix interfacial energy, V is the molar volume of the carbides, DM is the volume –
diffusion coefficient of metal M, uM and uPM are the concentrations of M in the matrix and 
carbides respectively, R is the gas constant and T is absolute temperature. The main factors 
controlling the coarsening rates of precipitated particles are the volume-diffusion 
coefficients, the carbide interface energy and the solid solubility of the participating 
elements [56].  
4.3.5 Subgrain Boundary Hardening 
One of the primary mechanisms for developing acceptable creep strength of ferritic power 
plant steels is by subgrain boundary hardening [56, 106, 175]. Fine subgrain microstructures 
are formed during the decomposition of austenite to martensite and bainite. The as 
transformed microstructures of P23 and P24 alloys contain a variety of subgrain 
morphologies including acicular martensite and bainite and equiaxed granular bainitic 
material [8, 54]. Evidence has also been given of austenite-martensite constituents forming 
on prior austenite grain boundaries and lath/block boundaries in P23 alloy [54]. Common 
throughout the different nuances of bainitic and martensitic sub-structures is the dense 
population of dislocations observed in the virgin transformed alloys. These crystal 
imperfections which are introduced during shear type decompositions of austenite result in a 
high degree of retained strain energy. This residual stress is relieved to some degree during 
the post weld heat treatment of welds by the process of recovery. Post weld tempering of 
bainitic and martensitic microstructures results in recovery of the microstructure during 
which dislocation densities are reduced by annihilation and a fine subgrain substructure is 
formed by the polygonisation process. The isothermal recovery rate of steel is highest in the 
initial stages and diminishes with time; hence, the degree to which the microstructure 
recovers is time and temperature dependent.  
Recovery rates which are contingent on internal stress σi can be expressed as [179]: 
   
  
         
     
  
  
(Equation 21) 
where,     is the activation energy, which is assumed to decrease linearly with stress, C is a 
pre-exponential constant, R is the gas constant and T is absolute temperature. The activation 
energy is related to the atomistic mechanisms of dislocation glide, climb and cross slip 
which are processes by which precipitates can be circumvented. The rate at which a 
microstructure recovers can be slowed down by the introduction of a dispersion of fine 
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precipitates in the matrix. The recovery process leads to a decreased density of free 
dislocations within the matrix. This takes place by either dislocation annihilation or the by 
preferential alignment of dislocations to form sub-grain boundaries [112].  
The importance of subgrain size on the creep rate of ferritic creep resistant steels is well 
known [106] and the following relationship applies: 
      
  
(Equation 22) 
 where   is the rate of strain and λsg is the short width of elongated subgrains. 
The subgrain boundary hardening       is given by [180]: 
             
(Equation 23) 
here, G is the temperature corrected shear modulus (typically 64GPa at 650°C [180]), and b 
is the Burgers vector, which is          for ferrite: 
  
 
 
                        
(Equation 24) 
Measured values of sub-grain short lengths for martensitic 9-12Cr steels in N+T condition 
are typically in the range of 0.25 to 0.5μm [56, 103, 181]. Subgrain measurements taken 
from 2.25Cr alloys including P22, P23 and P24 are not widely available, but images 
presented in literary articles [121, 182] suggest they are of the same order of magnitude as 
those observed in 9-12% Cr steels. 
It is obvious that subgrain size distribution is important with regards to the performance of 
creep resistant steels (Equation 23). The establishment of a fine subgrain structure during the 
initial normalising and tempering treatments and post weld heat treatment must be achieved. 
Ennis et al. [183], have shown that for P92 type alloy, the average subgrain size is a function 
of tempering temperature. Similarly, Rojas et al. [175] report an increase in subgrain 
diameter from 380 to 420μm as a consequence of increasing tempering temperature from 
680 to 780°C. In the same work the effect on initial dislocation density on subgrain 
dimensions was investigated; a general trend relating finer subgrain distributions to high 
initial dislocation densities was reported.  
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It is important that once a fine subgrain microstructure is achieved that it does not coarsen 
excessively during service; this would lead to an increasing creep rate (Equation 22). The 
distribution of precipitation phases, which are common to martensitic creep resistant steels, 
is shown schematically in figure 4.5.  
 
Figure 4.5. Schematic illustration of tempered martensitic microstructure of 9-12% Cr 
steels [56] 
It has been demonstrated by others [103], and in the present work, that lath boundaries in 
P91 alloy are populated by both M23C6 and MX precipitates; and intralath precipitation 
consists predominantly of the MX phase. A correlation between the inter-particle spacing of 
sub-gain boundary M23C6 precipitation and subgrain size has been demonstrated in works by 
Ghassemi-Armaki [181, 184]. The relationship was observed to hold when considering 
M23C6 distributions only and not the dispersion of all precipitation. It was concluded that 
M23C6 precipitation is more important with respect to subgrain boundary stabilisation than 
were MX precipitates. Similar conclusions have been drawn by Abe [56]. He reports that the 
loss of creep strength is related to the localised loss of precipitation hardening during creep. 
The subsequent microstructural evolution which manifests as coarsening of subgrain and 
lath material is accelerated resulting in a diminishing contribution of sub boundary 
hardening. Also presented, were Thermo-calc
®
 evaluations which predict that MX 
precipitate volume fractions do not vary over a wide range of carbon concentrations; the 
models were based on a 9%Cr- 3%Co-3%W- 0.2%V-0.05%Nb-0.05N with carbon levels 
between 0 and 0.2wt%. Models indicate that MX populations would remain constant during 
1 hour tempering at 800°C and would comprised of a mixture of VN and a small amount of 
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NbC. In contrast, the same model reveals M23C6 populations increasing linearly with carbon 
concentration. Abe has shown this experimentally in ultra-low carbon content alloys which 
were designed to mitigate the negative effects of M23C6 carbides by eliminating them from 
the alloy [160]. His later work follows a different path, where the positive effects of the 
M23C6 phase on subgrain stabilisation are realised and coarsening of the carbide is retarded 
by making boron additions to the alloy [142]. Tsuchida et al. [121], have performed similar 
investigations of a vanadium modified 2.25Cr-1Mo steel. They report that M7C3 is the 
dominant prior austenite and lath grain boundary precipitate and that the interparticle 
spacings are greater than those typical of 9% Cr alloys; hence the subgrain stability is 
expected to be inferior. However, Baker and Nuttings work showed that boundary 
precipitation evolves and that M7C3 transforms to M23C6 during thermal exposure of 2.25Cr-
1Mo steel. It is proposed that whichever precipitate present that their stability and inter-
particle spacing is of great importance to the subgrain microstructure of P23 and P24 alloys. 
4.4 Recrystallisation 
Recrystallisation describes the process by which a distorted lattice is replaced by a relatively 
strain free lattice of the same phase. The process is one of nucleation and growth, where, 
new grains grow by the migration of high angle boundaries which sweep through the 
strained material. Unlike the recovery process, the crystallographic orientation of 
recrystallised material is not related to the original deformed material. Recrystallisation is 
thermally activated and is driven by the strain energy residing in the crystal structure. Strain 
energy is often imparted in metals by cold working processes. However, deformation can 
also be introduced, in the form of dislocations, during shear type phase transformations, such 
as the decomposition of austenite to martensite or bainite [79, 97-98, 102, 105, 185].  
Primary recrystallisation is the phenomenon in which new grains are nucleated, often at 
grain boundaries, and then grow at the expense of the strained structure. Once the high 
energy material is consumed secondary recrystallisation can commence. Secondary 
recrystallisation or grain growth is not truly recrystallisation but rather a process by which 
the overall internal energy of the material is reduced by a reduction of boundary area per unit 
volume of material.  
According to Cahn [186], there are 7 laws ascertaining to primary recrystallisation, these 
are: 
1. A minimum deformation is necessary to initiate recrystallisation. 
2. The smaller the degree of deformation, the higher is the temperature required to 
initiate recrystallisation. 
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3. Increasing the annealing time decreases the temperature required for 
recrystallisation. 
4. The final grain size depends chiefly upon the degree of deformation and to a lesser 
degree on the annealing temperature, normally being smaller the greater the degree 
of deformation and the lower the annealing temperature. 
5. The larger the original grain size, the greater the deformation required to give 
equivalent recrystallisation temperature and time. 
6. The amount of deformation required to give equivalent deformation hardness 
increases with temperature of working and, by implication, for a given degree of 
deformation a higher working temperature results in a coarser recrystallised grain 
size and a higher recrystallisation temperature. 
7. New grains do not grow into deformed grains of identical or slightly deviating 
orientation. 
Whether recrystallisation takes place, or does not, depends on complex relationships 
between factors that affect both the driving force for recrystallisation and mechanisms which 
suppress recrystallisation. Tsuchiyama et al.[187] reported on the recrystallisation behaviour 
of low and ultra-low carbon content 9%Cr martensitic steels. In their work they show that a 
critical interparticle spacing exists which is capable of suppressing recrystallisation; where 
the driving force was calculated as a combination of thermal input and dislocation density. 
They conclude that recrystallisation of martensitic material is suppressed where a sufficient 
carbide population exists on grain boundaries; this is due to the stabilising Zener type 
pinning effect of the precipitation. In addition, they suggest that the tempering behaviour of 
the steels must be considered; as the ripening effects on particle spacing and the annihilation 
of dislocations during recovery will both affect the propensity to recrystallise.  In a final 
statement they say “In the case of steels containing thermally stable precipitates or having a 
high recovery rate, recrystallisation should hardly occur although the amount of 
precipitates is only small”. 
Original work by Zener [188], introduced the concept of pinning in terms of a reduction of 
grain boundary surface area. The drag force imparted by a dispersion of particles retards the 
velocity of migrating boundaries. The energy required to move the boundary past a static 
particle can be calculated by accounting for the regeneration of grain boundary surface area. 
Based on a random distribution of spherical particles of mean radius     and assuming a 
rigid grain boundary model, only particles within a distance of      will interact with the 
grain boundary (fig. 4.6).  
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Figure 4.6. a, particle boundary interaction distance, b, and grain boundary interaction 
area with spherical particle [189] 
The pinning force is related to the area of grain boundary which must be created in order for 
the boundary to break free of the particle. The force exerted by the particle is a function of 
the subgrain boundary energy per unit area      , therefore, the maximum pinning pressure 
exerted by a dispersion of particles is calculated: 
            
      
   
 
(Equation 25) 
It is apparent, that for a constant volume fraction of precipitation, pinning pressure can be 
increased by reducing the size of the dispersoid. Another observation shows that, for as long 
as the volume fraction to size ratio of precipitation is maintained, the pinning effect will be 
constant. This latter analysis must be treated with some caution, however, as the stability of 
fine precipitates and coarsening effects must be accounted for.  
Zener pinning is widely accepted as a mechanism by which recovery rates and grain growth 
can be controlled. Interactions between fine dispersoids and both grain boundaries and 
dislocations can render recrystallisation sluggish or lead to its suppression. However, larger 
precipitates are reported to aid recrystallisation due to the particle stimulated nucleation 
mechanism as proposed by Humphreys [190]. His work detailed recrystallisation of 
deformed aluminium where precipitates were much larger than those found in creep resistant 
steels. Accelerated recovery of highly strained material adjacent to large non-deformable 
precipitates was put forward as the phenomena responsible for preferred localised 
recrystallisation. 
a b 
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It is unclear, as of yet, as to whether there is a minimum particle diameter beyond which 
their effectiveness as pinning nodes diminishes. Certainly, in the new generation of Ti 
bearing oxide dispersion strengthened alloys, particles as miniscule as only a few 
nanometres are reported [191-192]. At such dimensions, and at high temperature, it is of 
concern that the fine particles themselves may become mobile; this subject has been 
approached by Koch and Aust [193]who provided evidence of M23C6 carbide particles being 
dragged along by migrating boundaries in austenitic steels. In similar work carried out on Cu 
alloys, Ashby and Centamore [194] show direct evidence of precipitation drag by 
recrystallisation fronts leading to particle accumulation on the grain boundary and a 
relatively particle free zone left in its wake. Work carried out by Mujahid and Martin [195] 
on oxide dispersion strengthened alloys would suggest that coherency between particles and 
the matrix may also have a large effect on the pinning forces exerted by precipitates. As 
such, the theory of precipitates anchoring grain boundaries may not be as straight forward as 
initially proposed by the Zener model.  
4.4.1 Secondary Recrystallisation (Grain Growth) 
The driving force for secondary recrystallisation, which results in the growth of existing 
grains, is an overall reduction of grain boundary area. It is observed, that once primary 
recrystallisation has continued to completion, that further grain coarsening is experienced 
during thermal exposure. Minimisation of boundaries requires the formation of equiaxed 
grain structure and in an idealised situation a hexagonal grain structure would result with 
boundary junctions in equilibrium having inter-boundary angles of 120°. Heterogeneous 
grain size distributions lead to the preferential growth of larger grains at the expense of the 
finer surrounding grains; this is shown schematically in figure 4.7.  
 
Figure 4.7. Grain growth driven by idealised GB triple point angles 
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Large grains neighboured by smaller grains cannot achieve idealised grain boundary triple 
point angles. In an effort to arrive at the ideal configuration, boundaries move to make the 
120° angles. However, the dihedral angles produced in doing so result in curvature of the 
grain boundary leading to an increase in grain boundary area. These curved grain boundaries 
move towards their centre of curvature (fig. 4.7b); this effectively straightens the grain 
boundary region between triple points reducing grain boundary area but resulting in 
enlargement of the largest grain (fig. 4.7c). This sequence of events is continuous with the 
overall effect of growth of large grains at the expense of finer grains. Should this process 
repeat infinitely, all alloys would tend towards single crystal structures, however in practice 
this is not found to be the case. An equilibrium grain size is achieved as a result of the 
pinning force of the dispersed secondary phase when the driving force for grain growth is no 
longer sufficient to overcome the pinning effect of the particles. This phenomenon is well 
understood and has been used to produce microstructures comprising desired grain size by 
careful control over precipitation and thermal treatment. 
4.5 Diffusion 
4.5.1 Introduction 
Atomic diffusion is of great importance as many of the phase changes observed in 
metallurgy depend on the redistribution of elemental species by this phenomenon. The 
migration of atoms will only occur if the product results in a net reduction in Gibbs free 
energy. Consider a bar of alloy having a concentration gradient along its length, were the bar 
to exist at equilibrium, a redistribution of atoms leading to a homogenous mix of elements 
would be required. The manor by which this is achieved demands atoms to be mobile which 
can be facilitated by thermal input. How much heat energy and time is required for full 
homogenisation of the bar will depend on the atomic species present and to some extent the 
existing microstructure.  
4.5.2 Temperature Dependence of Diffusion Coefficients 
The diffusivity of atoms in a crystalline material is temperature dependant, obeying an 
Arrhenius type relationship given by: 
        
  
  
  
(Equation 26) 
where D0 is the diffusion coefficient, which is a constant dependant on the frequency of 
atomic vibrations, Q is the activation energy (J.mol
-1
), R is the gas constant (8.31446 (Jmol
-
1
K
-1
)) and T is absolute temperature (°K). The activation term Q is a measure of the average 
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energy required to complete the movement of an atom to a neighboring site. For this to be 
possible two conditions are required, the first of which is the formation of a vacancy and the 
second the diffusing atom must have sufficient energy to overcome the opposing force in the 
form of a saddle point in the crystal. As such, the activation energy can be described: 
           
(Equation 27) 
where ΔHv and ΔHm are the energies required for vacancy formation and atomic migration 
respectively. The energy Hv is related to the atomic bonding energy, whereas the enthalpy of 
atomic migration is related to the crystal structure.  
Approximate interstitial site occupancy of carbon atoms in a BCC iron lattice can be 
calculated. Typical carbon concentrations in Cr-Mo power plant steels are 0.1wt%C which, 
when converted to atomic concentrations, is approximately 0.465at% carbon.  This equates 
to an approximate ratio of 200:1 iron to carbon atoms. In the BCC unit cell there are 2 iron 
atoms but for each unit cell there are 6 octahedral sites, the preferred interstitial site of 
carbon in the αFe lattice. This simple calculation shows that, on average, only one in every 
600 octahedral interstitial sites in the αFe lattice are occupied by carbon atoms in a 0.1 wt% 
carbon steel. With this in mind, it is easy to understand why the activation energy required 
for carbon diffusion is low, compared to that for substitutional elements, as energy to form 
vacant sites is not required. 
4.5.3 Uphill Diffusion 
Fick’s laws assume that diffusion is driven by concentration gradient. However, if the 
chemical potential of a species differs in a material from one region to another, it is possible 
for that species to diffuse against its concentration gradient; this phenomenon is often termed 
uphill diffusion and was described in works by L. S. Darken [196].  
 
Figure 4.8. Carbon concentration profile across a diffusion bonded joint between two steels 
differing in Si content after 13 days at 1050°C [196] 
Darken showed that diffusion of carbon against the concentration gradient occurred across a 
welded joint made between two steels that differed in silicon concentrations. The welds were 
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formed by diffusion bonding at 1125°C; the specimens were then heated to 1050°C in a 
helium atmosphere and held for durations of 10 to 14 days. Subsequently, specimen cross 
sections machined at incremental distances from the fusion line were analysed by the 
combustion method to determine C concentration as a function of distance from the joint.  
The apparent greater affinity for carbon of the steel containing 0.05 wt% Si (right hand side 
of fig. 4.8), resulted in diffusion of carbon from the steel containing  3.8 wt% Si, although 
the initial carbon concentrations of the two steels were very similar (0.49 and 0.45 wt% C 
respectively). The resultant interface saw carbon diffuse from a concentration 0.32 wt% to 
material containing 0.59 wt% C. A second experiment in the same paper showed more 
pronounced effects of carbon redistribution across the interface between two steels, one 
containing 3.8 wt% Si and the other 6.45 wt% Mn. The diffusion of carbon could only have 
occurred spontaneously if the free energy of the system was reduced; hence, it was 
established that the chemical potential of carbon must have differed between the two alloys. 
The greater difference of carbon concentrations across the interface of the Si and Mn 
containing alloys was attributed to a reduction of the chemical potential of C in the Mn 
containing steel. This resulted in a greater disparity between the chemical potential of carbon 
in the two alloys hence a greater driving force for diffusion.  
Importantly, in the same article [196], Darken comments on the findings of Smoluchowski 
who performed similar experiments investigating joints between an iron-cobalt-carbon and 
iron carbon alloys. Heat treated for a number of days, at 1000°C, these joints did not display 
carbon discontinuities across the weld interface. This was of interest as it showed that the 
chemical potential of carbon is related to the composition of the alloy in which it resides, 
cobalt obviously having a lesser effect than does silicon. 
Finally, Darken commented on Si and Mn profiles across the dissimilar metal joints. He 
states that there was in fact no discontinuity in composition of the steels at the interface, 
rather, a region in which the compositions changed abruptly, this region having formed due 
to diffusion of substitutional elements.  
4.5.4 Diffusion of Carbon Driven by Cr concentrations in Ferritic Steels 
Carbon diffusion across dissimilar metal weld interfaces made between ferritic power plant 
steels containing 2.25 and 9 wt% Cr has been shown to occur during the application of 
PWHT and high temperature service. The temperature range over which this project is 
concerned restricts diffusion to within the ferritic phase field; and diffusion between 
austenitic to ferritic materials need not be considered. 
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The driving force for carbon redistribution in P22/P91 transition joints is due to the differing 
chemical potential of carbon in alloys which differ in Cr concentrations. P23 and P24 alloys, 
however, contain vanadium and niobium which are strong carbide formers. In fact, the 
enthalpy of formation of carbides NbC and VC is greater than for Cr23C6 and Cr7C3 carbides 
[56], hence they getter carbon preferentially to chromium.  
Table 4.2. Diffusion coefficients 
Diffusing species Host species D0 (m
2s-1) Activation energy 
Qd (kJ/mol) 
Calculated values REF 
T (°C) D (m2s-1) 
Carbon γFe 2.3*10-5 148 1100 5.38*10-11 [197] 
Carbon αFe 6.2*10-7 80 730 4.23*10-11 [197] 
Nitrogen αFe 3.0*10-7 76 730 3.3*10-11 [86] 
Chromium αFe 2.53*10-4 240.6 730 7.47*10-17 [198] 
Iron αFe 0.5*10-4 240 730 1.59*10-17 [86] 
Vanadium αFe 0.61*10-4 259 730 1.98*10-18 [199] 
Niobium αFe 1.27*10-6 224 730 2.74*10-18 [200] 
Molybdenum αFe 0.78 305 730 1.02*10-16 [198] 
Tungsten αFe 3.8*10-2 293 730 2.09*10-17 [86] 
 
To a first approximation, as predicted by random interstitial migration of carbon in αFe, the 
distance     over which an alloy can be affected by the diffusion of the solute species is 
given: 
      
(Equation 28) 
where D is the coefficient of diffusion and t is time in seconds. 
As an example calculation, the distance which carbon could migrate into steel as a result of 2 
hours tempering at 730°C is calculated: 
                       
(Equation 29) 
and after 8 hours this distance would obviously double. In comparison, one could expect the 
Cr to migrate approximately only 0.7μm as a result of diffusion during a 2 hour PWHT at 
730°C. These calculations are, of course, an over simplification of the situation; but as a rule 
of thumb, give an indication of the expected widths of diffusion affected zones. For a more 
accurate determination, one would need to account for the many factors, including 
microstructure, paramagnetism and alloy compositions, which affect the heterodiffusion of 
elements in multi-phase steels.  
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CHAPTER FIVE 
Experimental Techniques 
5.1 Introduction 
Dissimilar metal welds made between 9Cr-1Mo-V-Nb pipe (P91) and three different types 
of 2.25 Cr (wt%) creep resistant steel weld consumable were examined. The welds were 
made by the shielded metal arc fusion welding process. Filler alloys which closely match 
P22, P23 and P24 type base materials were used.  
The experimental procedures followed within this work enabled the detailed characterisation 
of weld alloys and the HAZ.  The heat treatment of completed welds and subsequent 
investigations allowed the evolution of microstructures, including secondary phases, to be 
studied as a function of PWHT duration. Particular attention was directed towards the 
examination of carbide distributions, their type, morphology and chemistry. Direct 
comparisons were made between precipitate populations in carbon depleted weld metal and 
regions of weld metal that had not suffered the effects of carbon redistribution. Mechanical 
testing of specific regions of the welds in conjunction with microstructural scrutiny of the 
corresponding region revealed correlations between microstructure and mechanical 
properties.  
5.2 Weld Production 
Samples simulating multi-pass dissimilar metal welded joints, formed by shielded metal arc 
welding (SMAW), were provided by Doosan Babcock Energy Ltd. These pseudo welded 
joints were made between grade 91 pipe of approximately 30mm wall thickness, and three 
different 2.25Cr type filler materials. Weld material, comprising approximately 100 passes, 
was built up against the butt end of a P91 pipe into which a plain carbon steel (PCS) backing 
tube had been inserted (fig. 5.1). The pseudo welded joints were fabricated in a manner that 
enabled creep specimens to be machined with the DMW interface at the creep test piece 
mid-section. This specific joint geometry and the location from which creep specimens were 
machined enabled creep testing of the DMW in the absence of a low alloy filler to low alloy 
pipe joint. In doing so, the low alloy HAZ was excluded; hence, the weak type IV region 
associated with the 2.25Cr/2.25Cr joint was eliminated. 
ASTM P22 matching consumables, conforming to ISO 3580-2010 standards, were used in 
P91/P22 joints. The P22 consumables were basic coated low hydrogen electrodes. The 
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electrodes, which are designated K-type in the Babcock welding consumables catalogue 
[201], are recommended for use in creep conditions up to 575°C. Böhler FOX P23, standard 
designation EN1599: EZCrWV2-1.5 B42H5 and FOX P24, standard designation EN1599: 
EZCrMo2VNb B42H5, electrodes, which are designed to match P23 and P24 alloys 
respectively, were used to form the welds.  
 
Figure 5.1. Schematic diagram showing the mock joint geometry of dissimilar metal welds 
  
Figure 5.2. Schematic drawing showing the weld run sequences and corresponding 
electrode diameters used to form the mock joints 
The initial two layers of all welds were completed by the deposition of 26 weld runs using 
3.2 mm electrodes. Subsequent weld passes using 4mm electrodes were used to build up the 
bulk of the weld, before, in the case of P22 and P23 welds, 3.2 mm diameter rods were used 
once again to complete the welds. The weld run sequences and electrode diameters, used to 
form the welded joint samples, are shown in figure 5.2.  
The weld pads, which were approximately 30mm thick and 80mm long, were prepared using 
welding currents between 110 – 150Amps for 3.2mm electrodes and 140 – 200Amps for the 
4mm electrodes. A voltage range of 22.6 - 25.6 volts was implemented whilst welding 
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speeds of 125mm/min and 190mm/min were typical for 3.2mm and 4mm electrodes 
respectively. Heat inputs     of between 1193 to 1787 kJmm-1 were calculated using the arc 
energy equation [202]: 
   
      
      
  
(Equation 30) 
where V is volts, i is the current in Amps, S is the welding traverse speed. The manual arc 
welding efficiency term       has been neglected but is often reported between 0.6 and 1 
depending on the welding process [203]. 
Ferritic creep resistant steels have high hardenabilities and are susceptible to hydrogen 
cracking; for this reason preheat and interpass temperatures controlled in order to provide 
the desired metallurgical properties. Preheat temperatures imposed for all DMW samples 
were between 200 and 250°C and interpass temperatures did not exceed 315°C. Completed 
welds received a preheat boost to 260~315°C for a duration of 1 hour, this was followed by 
slow cooling under insulation to <93°C.  
 
Figure 5.3. Diagram illustrating the reference to orientation from which samples were 
prepared 
Throughout the text the orientation of samples is referred to as shown in figure 5.3.  
5.3 Creep Tests 
The creep specimens were machined from completed welds, the specification of which is 
shown in figure 5.4.  
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Figure 5.4. Creep specimen specifications drawing 
Mechanical creep testing was carried out at 600°C and stresses of 55, 57, 74, 81 and 100 
MPa. The conditions of the creep tests conformed to those set out in the weld approval 
specifications according to BS EN ISO 15614-1. 
5.4 Alloy Compositions 
Alloy compositions are presented in table 5.1, all data was provided by Doosan Babcock 
energy limited. The compositions of weld alloys were determined by spectroscopic testing of 
deposited weld materials. Values in bold type denote concentrations in weight %, alloy 
compositions by atomic % are also shown; concentrations are accurate to the last digit. 
Table 5.1. Chemical compositions of P91 pipe and 2.25 Cr weld alloys examined in this 
work 
 C Si Mn Cr Mo Ni N V W Nb Ti B 
T/P91 0.12 0.4 0.47 8.37 0.96 0.08 0.033 0.24 _ 0.08 _ _ 
at% 0.55 0.78 0.47 8.89 0.55 0.08 0.13 0.26 _ 0.05 _ _ 
Grade22 filler 0.068 0.27 0.83 2.32 1.08 0.06 0.014 0.012 0.003 0.008 0.005 _ 
at% 0.315 0.54 0.84 2.48 0.63 0.06 0.055 0.013 0.001 0.005 0.006 _ 
Grade23 filler 0.060 0.24 0.54 2.26 0.03 0.12 0.020 0.20 1.59 0.04 0.002 0.0012 
at% 0.280 0.48 0.55 2.44 0.02 0.11 0.080 0.22 0.485 0.024 0.002 0.0062 
Grade24 filler 0.091 0.25 0.57 2.54 0.95 0.15 0.016 0.25 0.003 0.044 <0.02 0.003 
at% 0.421 0.49 0.58 2.72 0.55 0.14 0.064 0.27 0.001 0.026 <0.02 0.015 
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5.5 Heat Treatments 
Post weld heat treatments were performed on samples which had been sectioned from the 
completed welds. Each specimen measured approximately 15x15x80mm and was cut so that 
the weld interface was located at the sample mid-point. The plane of the interface was 
oriented perpendicular to the specimen length. The peak temperature of all heat treatments 
was 730°C; this was a compromise between the recommended 760°C ± 15°C for P91 [204] 
and 704-760°C, as specified in ASME B31.1 for P22 alloy. All tempering treatments were 
performed in a vacuum furnace at approximately 10
-5
mbar pressure. Heating and cooling 
rates were comparable to those used by Bendick et al.[8] and were not greater than 
2°C/minute in the temperature range 300°C – 730°C (fig. 5.5). The duration of PWHT (i.e. 2 
and 8 hours) refers to the holding time at the peak temperature. 
 
Figure 5.5. PWHT time and temperature profile 
 
5.6 Microindentation Hardness Testing 
Hardness measurements were recorded using a Matsuzawa Seiki micro-hardness tester 
model DMH-2 using a 50gr load with a dwell time of 10 seconds. Longitudinal aspect 
samples were polished to a 1μm finish by standard metallographic preparation techniques; 
specimens were etched which enabled identification of the indent location with respect to the 
weld interface.  
Calibration of the micro-hardness tester revealed a systematic error in the values recorded 
from 220HV calibration blocks. Using a 50gr load, a mean reading of 212.6HV was 
recorded and the standard deviation about the mean was 9HV. Calibration blocks of 340 and 
700HV were also measured; systematic errors were similar in magnitude but greater scatter 
in data was apparent. These errors are likely to be as a result of inaccuracies associated with 
the measurement of indent diagonals which is accepted as ±1µm (P. J. Blau ASTM 1986). 
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The relative discrepancies in the measurements are of greater significance when measuring 
harder materials. Also worthy of note is that ASTM E384 – 10e2 advises indents with 
diagonals smaller than about 25µm may produce hardness results inconsistent with those 
produced by application of greater loads.  
Cross weld hardness profiles were recorded perpendicular to the dissimilar weld interface in 
regions not affected by either decarburisation to the atmosphere or the dilution of the PCS 
backing plate. Profile lengths of between 4 and 6mm were recorded with the interface 
located at the centre of the profile which incorporated both HAZ and a significant region of 
weld material. A zig zag pattern of indents was performed in regions where short 
incremental step distances (10-50µm) from the interface were required; this enabled short 
data point spacing whilst maintaining a minimum distance of 3x the indent diagonal length 
between indents.  
HV has the units newtons/mm
2
 and can be calculated, using the indent diagonal length    , 
according to: 
   
           
  
  
 
   
  
(Equation 31) 
5.7 Optical Microscopy 
Etched specimens were observed using Leitz Metalloplan and Nikon Epiphot microscopes 
and images were recorded using Lumenera Infinity Analyze software.  
Specimens were prepared using standard metallographic techniques. Samples were hot 
mounted in an acrylic compound and ground using a succession of increasingly fine silicon 
carbide abrasive papers. Abrasive papers ranging from P80 down to P4000, with 
approximate particle diameters of 180 to 3μm respectively, were used with a constant flow 
of water. Fine polishing was performed using polishing cloths impregnated with 6μm, 1μm 
and 0.25μm diamond pastes prior to final polishing using 40nm colloidal silica. Sample 
surfaces were etched using Vilella’s reagent which was prepared by mixing 1gr picric acid 
with 5ml hydrochloric acid in 100ml of ethanol. Vilella’s reagent delineates prior austenite 
grain boundaries and reveals precipitation on grain boundaries [205]. Due to the nature of 
the dissimilar metal welds, it was often found that the low chromium content alloys would 
etch far more vigorously than the 9%Cr P91 material. In specific cases 2% nital etchant was 
used where definition of intercritically heated regions of the weld micro-HAZ was required. 
Nital preferentially etches ferrite and martensitic material whilst leaving austenitic steel 
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relatively un-etched. Carbides themselves are not attacked but their boundaries with the steel 
matrix are enhanced [206]. 
5.8 Colour Metallography 
The human eye is extremely sensitive and can distinguish an incredible array of colours, 
however, in the case of grey-scale images, the eye is not so adept at detecting nuances of 
grey. This phenomenon is exploited by metallurgists by the use of etchants and reactants 
which deposit interference films on specimen surfaces. The colours introduced are 
dependent on the film thickness (t), the refractive index (n) of the film and the wavelength of 
the light source in air (λ) (fig. 5.6).  
Interference will occur where the reflected light from the film and the substrate (metal) 
surfaces differ by an odd number of λ/2. The difference in effective paths between the 
reflected light is proportional to twice the film thickness. Where specimen illumination is by 
white light, the full visible spectral range of light is used. Elements of light whose 
wavelength is retarded according to the interference conditions stated are extinguished from 
the final image. The resultant visible colour in the final image is that of the complementary 
colour. 
 
Figure 5.6. Schematic drawing which shows the difference in path length as a function of 
film thickness and refractive index  
The most common tint etchants used on ferritic and martensitic steels are those which 
deposit sulphide films, although work by Kilpatrick et al. [207] show the films to be 
complex, composing a mixture of oxide, sulphide and sulphate. 
 Solutions similar to Beraha’s [208] and Kilpatrick et al. [207] reagents comprising 1ml HCl, 
0.5-1g sodium metabisulphite (Na2S2O5) and 100ml distilled water were mixed and used at 
room temperature. A stock of reagent was mixed and each specimen was immersed in 100ml 
of fresh stock and etched for similar durations and near identical conditions. Polished 
specimens were immersed in the tint etchant and agitated vigorously for 15-20 seconds 
followed by a 10 second period in which the specimen remained stationary. The duration of 
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the two stages in the process dictate the depth of etches and the thickness of sulphide film 
deposited. As mentioned previously, 2.25%Cr and 9%Cr etched at different rates and often 
the process was found to compromise the information in micrographs of one of the two 
materials. LePera [209] has carried out work using similar tint etchants which enable 
differentiation between bainitic and martensitic material.  
5.9 Scanning Electron Microscopy (SEM) 
Throughout this project a JEOL 7001F thermal field emission scanning electron microscope 
(FESEM) was used to generate information from bulk specimens. The information 
accessible to the scanning electron microscopist is varied and almost always dependant on 
the detectors fitted to the microscope and the type of signal detected.  
Figure 5.7 is a schematic representation showing the main components of a scanning 
electron microscope. The principal components consist of an electron gun, a series of 
electromagnetic lenses and scanning coils, detectors which collect emissions from the 
sample and a digital imaging system.   
The source (gun) provides a stable beam of electrons the kinetic energy of which can be 
controlled by varying the acceleration voltage. Different electron sources are available for 
the SEM, the most common being a tungsten filament. Other sources include tips made of a 
lanthanum hexaboride (LaB6) crystal or a field emission gun (FEG). These latter guns 
provide not only brighter sources but also emit electrons from smaller regions of the tip 
when compared to the tungsten filament guns; this enables greater imaging resolution. The 
thermal field emission gun has the ability to produce a high current concentrated into a small 
area defined as brightness: 
  
  
   
 
(Equation 32) 
where    is the current density (Am-2) and   is the convergence angle (degrees), the units of 
brightness are given as Am
-2
sr
-1
, where sr denotes steradians, a measure of solid angle. 
Electromagnetic lenses focus the collimated electron beam to a fine spot upon which the 
resolution of the microscope depends.  
Images are formed by rastering a focused beam over a rectangular area of the specimen 
surface. Emissions from the sample are detected at incremental points across the sample 
corresponding to the probe position at that time. By synchronisation of the scanning probe 
and detection systems with that of the CRT monitor it is possible to form an image from the 
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amplified detected signal. The magnitude of the signal detected dictates the brightness of the 
corresponding image pixel; hence contrast is built in the final image.  
 
Figure 5.7. Schematic representation of the main components of a scanning electron 
microscope 
When a specimen is impinged upon by a high energy electron beam there are a number of 
interactions which may occur; the resultant photon and electron emissions can be exploited 
to obtain morphological, crystallographic and chemical information. Figure 5.8 illustrates 
the types of radiation emitted and the approximate regions of the specimen from which they 
are generated when a specimen is bombarded by high energy electrons.   
The acceleration voltage used in the SEM refers to the potential difference across which the 
electrons are accelerated down the microscope column. The beam energy selected has a 
considerable effect on the beam/specimen interactions, and the type and ‘strength’ of signals 
emitted. Concerning secondary electron imaging, the use of high acceleration voltages 
reduces spherical aberrations; this enables the formation of a finer probe, hence, greater 
resolution. High acceleration voltages are also required to efficiently generate high energy 
characteristic x-rays. Ionization of atoms requires an energy transfer between the incident 
electron and the target atom that is sufficient to liberate electrons from inner electron shells. 
The necessary energy depends on the element in question, increasing with atomic weight (Z) 
and is highest for the inner most electron shell 1
2
s (K). Merely exceeding the critical 
ionization energy of an element is not sufficient, and it is suggested that for statistically 
relevant x-ray analysis the incident beam should have a minimum of three times the energy 
of the x-rays of interest [210]. However, the interaction volume between beam and specimen 
~ 70 ~ 
 
increases with acceleration voltage (fig. 5.9) hence the spatial resolution of x-ray analysis 
deteriorates when using a high energy beam. Hence, the selection of acceleration voltage 
depends upon specimen composition and the types of radiation emission required for 
analysis. In this work high resolution secondary electron imaging was performed using 
acceleration voltages between 15-30kV and energy dispersive x-ray spectrometry was 
performed using beam energies of 25 and 30kV.   
 
Figure 5.8. A schematic drawing of the interaction volume and the regions of the specimen 
from which specific types of radiation are emitted 
 
Figure 5.9. Monte Carlo simulation portraying the variation of interaction volume as a 
function of acceleration voltage (Joy et al. [211]) 
Electron channelling contrast images were recorded using a retractable, variable bias, 
backscattered electron; two segment annular detector (SM-54060RBEI) fitted to a JEOL 
7001 FEGSEM. Contrast observed in the images comes as a result of both average atomic 
weight (z-contrast) and grain orientation. For reasons which are discussed in the following 
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section, electron channelling contrast imaging was carried out at an acceleration voltage of 
5kV.  Probe currents were measured in the region of 0.5-1.2nA.  
Channelling contrast is observed as a result of the path constraint of back scattered electrons 
which varies with crystal orientation. Hence, this phenomenon has been exploited to reveal 
contrast between neighbouring grains, and sub-grains, which differ in orientation. 
Quantitative analysis of sub-grain equivalent diameters was achieved by manual tracing sub 
grain boundaries using Zeiss AxioVision software; individual grain areas were then 
generated and equivalent diameters of circles of comparable area calculated.  
5.9.1 Acceleration Voltage - Effect on Emitted Signals 
As was mentioned previously, the use of a high energy electron beam has a beneficial effect 
on the resolution of secondary electron images and is necessary for the efficient production 
of high energy characteristic x-rays. However, the interaction volume, as depicted in figure 
5.9, increases with acceleration voltage and this is exacerbated in low-Z materials. When x-
ray and back scattered electron emissions are of interest, the depth and position from which 
they are generated can lead to poor spatial resolution. In the case of energy dispersive x-ray 
spectrometry (EDS), low acceleration voltages would limit analysis to low energy x-rays. 
This is problematic due to the poor energy resolution of EDS detectors and peak overlap 
which can introduce problems in the evaluation of data. A possible solution would be to use 
a wavelength dispersive spectrometer (WDS), which have superior energy resolution to EDS 
detectors. The greater resolving power enables the use of low energy x-rays, for chemical 
analysis, which permits the use of lower acceleration voltages, hence, improved spatial 
control over x-ray generation.  
When using high acceleration voltages, as is common in the use of the SEM, it is generally 
accepted that backscattered electrons are generated from depths greater than that from which 
it is possible for secondary electrons to be emitted. Joy [211] has shown that by using 
incident beam energies of less than 5keV the interaction volume and the depth from which 
backscattered electrons are generated is greatly reduced. His work, which used Monte Carlo 
simulations of electron trajectories in a specimen, showed the variation in beam/specimen 
interaction volume as a function of acceleration voltage (figure 5.9). The vast reduction in 
interaction volume is accompanied by a diminished depth from which backscattered 
electrons are generated. As a consequence, back scattered electrons emerge from a smaller 
area of the specimen with respect to the incident beam; hence, greater spatial resolution. 
Furthermore, it was reported that the backscattering coefficient (η), defined elsewhere [212] 
as the ratio of incident electrons (IP) to those of energies > 50ev which are backscattered out 
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of the specimen surface (IB), 
P
B
I
I
  , remains constant for a medium atomic weight 
specimen (Ni, Z=28) and beam energies ≥ 1keV. Within the same work it was shown that 
the depth from which backscattered electrons are generated drops dramatically when using 
low energy incident electrons. These findings are supported by Crewe and Lin [213] who 
suggest that the spatial region from which backscattered electrons originate will vary with 
incident energy. In conclusion, the implications are that high resolution backscattered 
electron imaging can benefit from the use of a low energy electron beam.  
5.9.2 Preparation of Samples (SEM) 
Specimens were prepared by standard metallographic polishing techniques; the final polish 
was carried out using 0.25µm diamond paste followed by colloidal silica. Samples were 
etched using Vilella’s reagent. 
5.9.3 Specimen Preparation for Electron Channelling Contrast Imaging  
Specimen preparation is critical in the production of suitable samples intended to reveal 
crystal orientation contrast as a result of the channelling of back scattered electrons. It is 
crucial that the near surface structure is strain-free and clean from contamination and oxides. 
With this in mind, specimens were prepared for electron channelling contrast imaging 
(ECCI) with particular attention being paid to minimising the depth of material affected by 
mechanical polishing and removal of contaminants and oxide layers. Samples were 
sectioned to 8mm diameter and 1mm thickness using a low speed, precision, sectioning saw 
fitted with a Buehler 0.5mm kerf width alumina blade. The chosen specimen dimensions 
enabled the samples to be loaded in a Gatan Precision Ion Polishing System (PIPS™). 
Specimens were hot wax mounted onto polishing jigs and the surface to be observed was 
polished to 1μm finish via standard polishing procedures. A final polish using 40nm 
colloidal silica suspension was carried out. Colloidal silica suspension both mechanically 
polishes and provides a gentle etch; this is reported to remove deformed surface material 
[214]. Samples were subsequently argon ion beam polished using a Gatan Precision Ion 
Polishing System. The ion beam polishing parameters were set employing an incident beam 
angle of 3° and an acceleration voltage of 3kV; polishing durations were typically 10 
minutes. This final procedure ensured the removal of contamination and polishing debris. 
5.10 Energy Dispersive X-ray Spectrometry (EDS) 
Chemical analysis of bulk specimens was carried out in the JEOL FEGSEM by analysis of 
characteristic x-rays. Point identification and x-ray mapping were used to identify secondary 
phases and the location of the dissimilar metal weld interface. Detection of x-rays was 
performed using an Oxford Instruments X-act detector (model: 51-ADD0001) which has a 
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claimed energy resolution of 133eV at 5.9keV. Data was analysed using Oxford Instruments 
INCA microanalysis software. Acceleration voltages of 25 and 30 kV were employed; live 
times greater than 60 seconds were used and dead times of <20% were maintained.  
5.11 Transmission Electron Microscopy 
Transmission electron microscopy (TEM) was performed using JEOL 2000FX (tungsten 
filament) and 3010 (LaB6) microscopes operating at 200 and 300kV acceleration voltages 
respectively. The characterisation of matrix material and secondary phases was used to 
determine morphology, chemical composition and crystallographic data. Chemical analysis 
was carried out by EDS and crystallographic information was obtained from electron 
diffraction techniques including selected area diffraction (SAD), convergent beam electron 
diffraction (CBED) and HOLZ line analysis from large angle convergent beam diffraction 
(LACBED) patterns. 
5.11.1 Preparation of Thin Foils 
Thin foils reveal a combination of precipitate and matrix microstructural information. Foils 
enabled observations of important features including grain and sub-cell size and morphology 
as well as dislocation densities and precipitate/matrix orientation relationships. However, as 
a result of the magnetic properties of ferritic steels, beam deflection in the TEM was 
problematic. Minimising the overall bulk of steel samples improved the ability to record fine 
details but the magnetic effects could not be overcome all together. 
Discs of 3mm diameter were either punched or ground from 200-500µm thick sections 
which had been cut from regions of interest. Foils were prepared by mechanical polishing to 
≤50μm thickness prior to final thinning by either argon ion beam milling or electro-
polishing.  
5.11.2 Argon Ion Beam Foil Preparation 
A Gatan PIPSII™ (model 691.CS) [215] ion beam polishing unit was used for final thinning 
of specimens; which included those spanning the DMW interface. Electro-polishing was 
found to be more apposite in the thinning of foils which did not include a DMW interface. 
The rate at which ion beam polishing/milling removes material is determined by acceleration 
voltage, the angle between the incident beam and sample surface and the current density 
impinging on the sample. A further factor affecting material removal rates was the 
characteristics of the material itself; secondary phases, such as carbides and in particular 
weld inclusions, were preferentially removed by the milling process.  Bulk material removal 
from foils was carried out at argon ion beam conditions of 5kV and 4° beam incident angle, 
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these settings were used to perforate specimens. Once perforated, specimens received a 
further ‘ion beam wipe’ for 30 minutes at 2-3kV and 3° prior to TEM analysis.  
5.11.3 Foil thinning by Electropolishing Method 
Twin jet electro polishing was carried out using a Struers TENUPOL3 polishing unit. A 
solution of 5% perchloric acid (HClO4) in 95% methanol was used as the electrolyte at 
temperatures ≤-50°C. Typical voltages and polishing currents were within the ranges of 30-
40V and 50-100mA. Due to the viscosity of the electrolyte, at the low temperatures used, the 
fluid flow rate was set at the maximum made permissible by the equipment; this ensured the 
jets impinged opposing each other at the centre of the sample. Infra-red detection sensitivity 
was also set at maximum in order to minimise the diameter of the initial perforation. Once 
perforation was detected, foils were immediately submerged in cooled methanol; this is 
reported to reduce surface contamination. Following the recommended steps set out in work 
by Yao et al. [216], samples were then dipped alternately in cooled methanol and ethanol for 
a number of minutes. Pankella’s work [217] provides a basic guide to practical electro-
polishing; the work of Yao et al. [216] details the optimisation of settings used in the 
production of good quality ferritic TEM specimens by electro-polishing. 
5.11.4 Carbon Extraction Replication 
Carbon extraction replicas were produced from regions of interest of polished and etched 
metallic specimens. The lifting off of precipitates from a sample, whilst retaining their 
relative spatial distribution, enables the characterisation of particles and their distributions in 
the absence of the matrix.  
Precipitates were extracted from polished and etched specimen surfaces by means of carbon 
support films which were deposited using an Edwards vacuum coater at 10
-5
 mbar pressure. 
Samples were polished to a 1µm finish, using diamond paste, prior to the application of a 
‘heavy’ etch using Vilella’s reagent. Etching was carried out with the samples suspended, 
facing downwards, in Vilella’s reagent; this minimised the risk of precipitates, from 
dissolved material, re-depositing on the sample surface prior to carbon coating. This is of 
particular importance where accurate precipitate distributions are to be determined. Etched 
surfaces were subsequently washed vigorously with distilled water followed by rinsing in 
ethanol. Areas of interest were isolated for coating by the masking of surrounding material 
using aluminium foil; a thin layer of carbon was deposited onto the etched surface. 
Deposition of carbon films of a thickness which resulted in a ‘light straw’ colour gave good 
results. Coated sample surfaces were subsequently scored, using a surgical scalpel, to 
produce a grid pattern of squares with side lengths of approximately 2mm. Precipitate 
embedded carbon films were removed from samples by etching in Vilella’s reagent followed 
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by careful rinsing in methanol before floating off on distilled water. The floating samples 
were subsequently fished from the water on 3mm diameter, copper, 200 mesh TEM finder 
grids. The specimens were given time to dry prior to loading in the TEM. Further 
information on the methods and parameters used to produce carbon extraction replicas can 
be found in an article by Mitchell and Sulaiman [218]. 
5.12 Electron Diffraction 
When a sufficiently thin sample of material is irradiated by high energy electrons some of 
the electrons will be scattered by the sample. As electron waves propagate through 
crystalline specimens complex interactions between the incident electrons and the periodic 
potential field of the lattice lead to either constructive or destructive interference between the 
transmitted waves. According to Bragg’s law (Equation 35) if the difference in path length 
of two identical electron waves is an integral number     of wavelengths     then 
interference between the two waves will be constructive. This is the case for transmission 
electron diffraction where discrete diffraction maxima are observed on the phosphor screen 
at a scattering angle which satisfies Bragg conditions. Precise determination of inter-atomic 
spacing, which enables greater accuracy of phase identification from electron diffraction 
patterns, requires calibration of the microscope camera constant. This is particularly 
necessary as a number of the secondary phases which exist in ferritic creep resistant steels 
have compositional and crystallographic similarities.  
5.12.1 Calibration of the Camera Constant (Lλ) 
Calibration of the camera constant was achieved by determination of the instrument camera 
length     and the wavelength of the incident electrons    , both of which are independent 
of the specimen. The wavelength of electrons used in the electron microscope is dependent 
on acceleration voltage, for potential differences ≥ 50kV relativistic corrections are 
necessary. The relativistic wavelength of electrons is calculated [127]: 
  
 
         
  
     
  
   
 
(Equation 33) 
where   is Planck’s constant,    is the rest mass of an electron,   is the speed of light in a 
vacuum and 1eV is the energy gained by the charge of an electron moved across a potential 
difference of one volt.  
The beam energies of the two microscopes, used in this work, were calibrated by analysis of 
higher order Laue zone (HOLZ) patterns generated from single crystal Si specimens (see 
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appendix 2). Acceleration voltages of 303.15 kV ±150V and 201.45kV ±150V were 
determined for the JEOL3010 and JEOL 2000FX microscopes respectively. Hence, radiation 
wavelengths, used in the ‘300’ and ‘200’ kV machines were                  and 
                 respectively. 
 
Figure 5.10. Schematic illustration showing the geometry of electron diffraction in a TEM 
If the value of   is accurately determined,   can be calculated from diffraction patterns 
which are generated from a material of known lattice constant: 
Firstly, for a cubic crystal structure, calculate the spacing of the diffracting atomic plane 
       which leads to the reciprocal space vector     between the 000 and a diffracted spot 
(fig. 5.10). 
     
 
         
 
(Equation 34) 
where, according to Bragg’s law: 
  
  
     
 
(Equation 35) 
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however, it is conventional in electron diffraction to deal with first order diffraction (n=1) 
only and when dealing with higher orders to use the corresponding multiples of the Miller 
indices. In addition, the short wavelengths of incident electrons commonly used in TEM 
(2.5pm at 200keV) and typical lattice spacings of 2Å (Fe d110 = 2.027Å) result in very small 
scattering angles, such that [210]: 
  
 
     
 
 
  
 
(Equation 36) 
Analysis of figure 5.10 shows that: 
 
 
          
(Equation 37) 
Combining (Equation 36) and (Equation 37) gives: 
 
 
 
 
 
     
(Equation 38) 
Thus calibration of the camera constant can be achieved by measuring   from the diffraction 
pattern of a known lattice spacing     . 
5.12.2 Calibration of Rotation Angles Relating Diffraction Patterns to 
Corresponding Images 
Information pertaining to crystal orientation in images, in the absence of lattice resolution, 
can be achieved by matching diffraction patterns to the area of crystal being imaged. 
However, for the information to be representative it is necessary to calibrate the rotation 
angle (φ) that relates the image to the diffraction pattern. This was accomplished by 
recording diffraction patterns and images, simultaneously, from α-MoO3 which form 
asymmetric crystals with the long edge parallel to the 100 direction [127, 219]. Aligning the 
photographic plates of both the image and diffraction pattern it was possible to measure the 
angle between the 100 crystal edge in the image and the <100> direction in the diffraction 
pattern (fig. 5.11).  
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Figure 5.11. TEM image of a MoO3 crystal superimposed onto the corresponding diffraction 
pattern showing the miss-orientation angle φ between the 100 edge and <100> direction 
Images were recorded over a range of nominal magnification settings between X25k – 
X200k with corresponding diffraction patterns recorded at 500 and 1000mm camera lengths. 
A plot of φ vs magnification is shown in figure 5.12. 
 
Figure 5.12. Plot of angular rotational relationship between TEM images and diffraction 
patterns 
5.12.3 Calibration of Image Magnification 
Calibration of high magnification TEM settings was carried out by direct measurement from 
digitally recorded lattice images of {111} silicon planes at x400k and x500k magnification. 
According to Többens et al. [220] the lattice constant for silicon is a=5.43053Å (accurate to 
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the last digit); hence the d-spacing for the {111} Si planes is 3.13532Å. Fourteen 
measurements were recorded from seven TEM images indicating a systematic error. The 
averaged measurement of the       spacing was 3.167Å (std. dev. 0.040Å), hence an 
expected systematic error of approximately +1% was predicted for high resolution images.  
5.12.4 Selected Area Diffraction 
Selected area electron diffraction (SAD) from crystalline material was used to identify 
matrix material and precipitate phases present in foils and extraction replicas. Due to the 
multiple phases present, in many specimens, and the similarities between some of their 
crystal structures, electron diffraction patterns can be ambiguous. The use of a double tilt 
specimen holder enables the rotation of a crystal onto a number of zone axes, by recording 
multiple patterns from a single particle it was possible to eliminate such ambiguities.  
Solutions to selected area diffraction patterns (fig. 5.13), where a prior knowledge of the 
possible phases present restricts the number of probable solutions, were determined by the 
following systematic procedure. 
 
Figure 5.13. Selected area diffraction pattern 
1. Identify the 000 spot and measure reciprocal vectors        and    and calculate the 
corresponding lattice spacings   ,    and    
   
  
 
 
2. Compare the measured d-spacings with those calculated for common crystalline 
phases that have a high probability of being present in the specimen, remembering 
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that the structure factor can lead to the systematic absences of specific diffraction 
spots (d spacing equations) 
3. Assign nominal sets of Miller indices to two of the diffraction spots 
4. Measure the inter-planar angles α and β 
5. Calculate the possible angles between the two sets of nominally assigned Miller 
indices (inter-planar angle eqs.) and solve the pattern by a process of elimination 
6. The third set of indices can be found systematically where,         ,    
      and          
7. Check that inter-planar angles and d-spacing ratios are all consistent for the 
diffraction pattern 
Assignment of the zone axis [UVW] which is approximately parallel to the beam direction is 
accomplished by calculating the vector product of two sets of the assigned Miller indices. 
                        
A final check for consistency of solutions to zone axis patterns was carried out using the 
Weiss zone law. This verifies that the zone axis is perpendicular each set of the miller 
indices assigned to the diffracting planes: 
              
When dealing with hexagonal structures, using the Miller-Bravais system, the Weiss zone 
law becomes: 
                        
                        
               
         
5.12.5 Debye-Scherrer Diffraction Patterns 
The replication methods employed in this study “picked up” fine precipitates enabling their 
analysis in the TEM. Often these fine particles would have nearest neighbours within a few 
10s of nanometres. Hence, it was regularly impossible, even when using the smallest 
selected area aperture, to isolate single particles for diffraction. In such cases, large numbers 
of fine precipitates could be encompassed within an area defined by the selected area 
aperture. The corresponding diffraction pattern, which was typical of those generated by 
polycrystalline specimens, resulted in Debye-Scherrer ring patterns. Crystallographic 
~ 81 ~ 
 
information acquired from Debye-Scherrer diffraction patterns is limited to dhkl measurement 
and ratios of the interplanar spacings. The angles between atomic planes cannot be 
determined by this method, and where multi phase systems exist, satisfactory phase 
identification may be difficult. 
5.12.6 Convergent Beam Electron Diffraction  
Convergent beam electron diffraction (CBED) patterns were recorded from single crystals in 
situations where their isolation, by use of the smallest selected area aperture available 
(D=0.5µm), was not possible.  
The technique makes use of a conical beam of electrons converged on the specimen with an 
angle of convergence equal to 2α. The beam was converged by selecting the current in the 
condenser lens to a form a fine probe approximately 10nm in diameter. The limit of 
convergence angle in TEM mode is dictated by the diameter of the condenser aperture. By 
using a fully converged electron beam, it became possible to produce diffraction patterns, 
which took the form of discs rather than spots, from very small volumes of material.  
It was possible by selecting a C2 aperture that restricted the convergence angle to less than 
2θB, for reflections within specific zone axis of a particular phase, to form CBED patterns 
which consisted of small non-overlapping discs. This enabled the formation of Kossel-
Möllenstedt patterns even where large d-spacings were apparent (small g-vector). The 
absence of overlapping discs in the resultant patterns helps with the accuracy of measuring 
inter-planar spacings and angles. Indexing of CBED patterns is achieved by identical 
methods used to solve SAD patterns but it is necessary to measure      and angles from 
identical positions on each diffraction disc.  
5.13 Energy Dispersive X-ray Spectrometry: 
Chemical microanalyses of the metallic matrix and extracted precipitates were carried out by 
energy dispersive x-ray spectrometry (EDS). An Oxford Instruments detector (model: 6636) 
was used in conjunction with the 300kV JEOL 3010 microscope, data was analysed using 
Link ISIS software. An EDAX detecting unit (model: PV9757/32ME) was fitted to the 
200kV JEOL 2000FX microscope running EDAX Genesis software. Live times of no less 
than 120 seconds were used whilst dead time did not exceed 30%. The energy resolution of 
the Oxford Instruments EDS system is quoted by the manufacturer as 136eV at 5.9keV (Mn 
Kα). Low count rates of approximately 250cps were encountered in the analysis of sub 
10nm particles; this resulted in low signal to noise spectra. Probe diameters were greater 
than that of the precipitate in many such cases. Background subtraction was processed 
automatically and all specimens were assumed to be thin. Precipitate compositions were 
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generated using a range of spot sizes to help ensure, where possible, that the beam was 
concentrated within the crystal to be analysed. This did not account for beam spreading. 
Quantitative data for precipitates was based on carbide thicknesses of 60nm and densities of 
6gm.cm
-3
. 
5.14 X-ray Diffraction: 
Precipitates which were isolated from steel samples, made possible by the chemical 
dissolution of the metallic matrix, were analysed by x-ray diffraction.  
Samples were ground using silicon carbide 600 grit papers and cleaned in ethanol in an 
ultrasonic bath ensuring the removal of grinding media and debris prior to the dissolution 
process. The matrix was dissolved in a 10% nitric acid 90% ethanol solution. The 
precipitates were collected in a glass vial in an experimental set up similar to that shown 
schematically in figure 5.14.  
 
Figure 5.14. Experimental set up for bulk matrix dissolution and precipitate collection 
P22 alloy blocks with approximately 18cm
2
 surface area were dissolved for 4 hours under 
constant ultrasonic agitation allowing a continuous dissolution of the matrix. Specimens 
were removed from the etchant and precipitates were allowed to settle over a 24 hour period. 
The etchant solution was decanted off before rinsing the remnant precipitates in ethanol. The 
ethanol precipitate suspension was subsequently centrifuged followed by the decanting off 
of the liquid; this rinse, centrifuge, decant process was repeated using distilled water and 
ethanol alternately as cleaning mediums as described elsewhere [221]. After a final rinse, 
remnant ethanol was driven off on a hot plate at 100°C for 1 hour before mounting the 
residual precipitates on a glass slide. Figure 5.15 shows a secondary electron SEM image of 
~ 83 ~ 
 
a number of the carbides collected which were further analysed in the x-ray diffraction 
spectrometer. 
 
Figure 5.15. Secondary electron image of carbides recovered during the dissolution of 2 
hour PWHT P22 pipe material 
X-ray diffraction was performed using a Rigaku MiniFlex™ benchtop XRD system. X-rays 
generated from a copper target were nickel filtered providing Cu Kα x-rays of wavelength 
(λ) 1.5406Å.  
Diffraction intensity was measured continuously from a rotating sample over a 2θ range of 
10 - 60° at a scan rate of 0.2°/minute. Results were compared with those of common 
precipitates known to occur in Cr-Mo and Cr-W creep resistant alloys made available via the 
Chemical Database Service at Daresbury, UK [222].  
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CHAPTER SIX 
Optical Microscopy 
6.1 Introduction 
The results presented in chapters six through to ten were generated from experiments and 
observations made of dissimilar metal welded joints between thick section P91 pipe and 
weld consumables matching P22, P23 and P24 type alloys. The P91 pipe was in normalised 
and tempered condition prior to welding. Sample welds, as described (§5.2. p.62), 
incorporating P23 and P24 type weld metals were received in the as welded condition, 
whereas, P22/P91 DMWs were received in 2 and 8 hour PWHT form; hence, no results are 
presented for as welded P22/P91 joints.  
The experimental procedures were designed to provide information which would help 
determine the effects of decarburisation on the mechanical properties and microstructures of 
weld alloys and the P91 HAZ. Hardness testing was performed on as welded and PWHT 
welds where available. Tests were also carried out on the gauge lengths and screw ends of a 
number of creep test specimens. Equivalent times at temperature were calculated using the 
Hollomon-Jaffe equation (§6.2); this enabled the effects of long term thermal exposure, on 
materials properties and microstructures to be determined. The mechanisms of hardness 
testing are relatively well understood. Results are commonly used to evaluate other materials 
properties which include yield strength, ductility and fatigue life. The ability to derive plastic 
flow and strain hardening parameters from the Meyer hardness test indicates that creep 
properties may also be determined [223].  Hardness can also be used to provide information 
regarding the remnant creep life of power plant components; this is possible, as mechanisms 
which provide resistance to plastic flow are also operative in creep resistance. Although 
empirical, the data can be a useful compliment to metallographic investigations [224].  
Microstructural characterisation was used to determine the effect of thermal treatment on 
precipitation populations, dislocation densities and subgrain microstructures. The initial 
microstructures observed in as received samples were evaluated. Subsequent observations of 
post weld heat treated specimens enabled the microstructural changes as a function of 
thermal exposure to be assessed. The nature of the microstructural evolution in the weld 
interface region was of greatest interest. The implications of changes as a result of PWHT on 
the properties of the welds were also considered and are discussed. Particular attention was 
paid to the carbide phases present, and their distribution, in the weld alloys adjacent to the 
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9% Cr P91 alloy. The evolution of precipitation in carbon depleted regions of the weld and 
the corresponding microstructural stability was also studied as a function of time at 
temperature. 
6.2 Hollomon-Jaffe Parameter 
The Hollomon-Jaffe parameter can be used to determine the equivalent times at temperature 
for thermal treatments carried out under different time and temperature regimes. The effect 
of heat treatment for a given time at temperature on a material’s hardness can often be 
achieved by carrying out a similar treatment at a lower temperature for an extended duration. 
In contrast, the same effects may be achieved by tempering at a higher temperature for 
shorter periods. Experimentation often requires accelerated tests be performed at high 
temperatures in order to predict the long term effects of service at much lower temperatures. 
Fabrication issues may also dictate the exposure of materials to a range of temperatures for 
different durations. The Hollomon–Jaffe parameter is used to express the total thermal 
exposure at different temperatures as an equivalent time at a specified temperature. 
The rate at which ageing processes progress is governed by thermally activated processes 
and can be described by the Arrhenius equation: 
          
 
    
(Equation 39) 
Where   is the reaction rate,   is a pre-exponential constant,   is the activation energy of the 
process,   is the universal gas constant and   is absolute temperature. According to the 
equation, the rate at which thermally activated processes take place increases with 
temperature. It is possible by the substitution of empirical data to obtain the constant   that 
allow the equivalence of time at different temperatures to be calculated.  
A modification of the equation was used by Hollomon and Jaffe [225] to demonstrate stress 
relief in steels; this led to the Holloman-Jaffe parameter (HJP): 
     
            
    
 
(Equation 40) 
By calculating HJP1 according to the required temperature (T1) the effective time (teff) at T1 
can be calculated for a duration spent at a different temperature (T2): 
       
 
        
  
 
 
(Equation 41) 
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Where C is a dimensionless variable relating to steels of specified chemistries and t is time 
in hours. Larson-Millar [226] later developed a similar approach to determine creep life 
predictions. The material constant C is material specific and is related to carbon 
concentration in plain carbon steels. Typically values of C used in analysis of 2.25Cr power 
plant steels is somewhere between 18 and 22 [227],  values as high as 30 have been 
employed for 9%Cr steels [228]; C=20 was used in the present study for all of the 2.25Cr 
weld metals. The equivalent times at temperature of specimens examined are given in table 
6.1. This data does not take the effects of stress on microstructural evolution into 
consideration for the crept specimens. The equivalent time at temperature of creep test 
specimens are presented in columns 5 to 9 of table 6.1. 
Table 6.1. Equivalent time at temperature (730°C) 
P22/P91 Welds P22 AR P22 2hr P22 8 hr K 2-1 K 8-1 629.1 629.2 629.3 
teff at 730°C 0 2 8 8.114626 11.99082 13.77703 17.3017 24.60893 
 
P23/P91 Welds P23 AR P23 2hr P23 8hr P23-8-3     
teff at 730°C 0 2 8 10.7     
 
P24/P91 Welds P24 AR P24 2hr P24 8hr P24-8-3     
teff at 730°C 0 2 8 12.9     
 
6.3 Optical Microscopy 
Optical micrographs that show the fused interfaces between 2.25Cr type filler materials and 
P91 alloy are presented in figures 6.1 to 6.15. The average width of the recrystallised band 
of P22 weld alloy was determined and is plotted as a function of time at temperature (fig. 
6.16). P22 base material displayed a mixed microstructure composing proeutectoid ferrite 
and bainite (fig. 6.1). This material had been post weld heat treated for two hours at 730°C. 
Prior to the welding process and PWHT, the P22 pipe section was in normalised and 
tempered condition. The specific temperatures of the N+T treatment are not known, but 
typically consist of solution treatment at 930°C followed by tempering at 700°C for 1 hour 
per inch wall thickness [229]. The same material was used to carry out carbide 
characterisation which enabled the direct comparison of 2.25Cr-1Mo parent and weld alloy 
microstructures (fig. 8.17 p.132). 
The colours of tint etched specimens varied from sample to sample and often from etch to 
etch; hence it was not possible to differentiate between phases, based on colour, as has been 
proposed elsewhere [230-231]. However, regions of tint etched specimens varied in colour 
and nuances of the same shade in regions which clearly showed neighbouring grains of 
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recrystallised ferrite. Based on the theory that colour is phase dependent such grains should 
display tints of identical colour but do not. The most likely explanation for the difference in 
colours observed in regions of a single sample, for example different shades of blue in 
recrystallised P22 (fig. 6.6), is related to grain orientation. Szabo and Kardos [232] have 
shown a close correlation between grain orientation and tint etch colour. Their work shows 
that, rather than affect the film thickness directly, it was the variability of etch depth, which 
is affected by crystal orientation, that left a rougher surface resulting in the deposition of a 
thicker sulphate layer. This in turn affects the colours observed. Their work shows a distinct 
possibility of determining crystal orientation from colour etching. 
A relationship between precipitation volume fractions and observed colours of tint etched 
specimens was apparent. Carburised material in the P91 CGHAZ of post weld heat treated 
specimens was visibly darker than neighbouring regions of P91 HAZ. This enabled the 
approximate width of the carburised zone to be measured; the results are plotted in figure 
6.16. The ability to determine the width of the carburised zone was dependant on defining a 
point where the carbide population ceased to decrease with increasing distance from the 
fusion line. This was achieved purely by sight and significant variability of measurements 
was expected, however, the results were reproducible and were in good agreement with 
those determined by other means. 
6.3.1 P22 Parent Material 
Figure 6.1 shows a tint etched specimen of P22 pipe alloy. The microstructure consisted of 
proeutectoid ferrite islands surrounded by bainite; which is typical of normalised and 
tempered specimens [46].  
 
Figure 6.1. Optical micrograph of P22 parent alloy (N+T+PWHT, Beraha’s reagent) 
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Ferrite regions appear relatively precipitate free when viewed under the optical microscope; 
however, samples viewed in electron microscopes, with greater resolving power, revealed a 
distribution of fine precipitates (fig. 8.17 p.132).  
Bainitic material revealed a large number of intragranular particles which appeared dark 
brown in colour, most of these precipitates were later shown to be chromium rich M23C6 
carbides. Grain boundary precipitates in the same image can be seen either brown or white 
in colour. TEM analysis of similar regions showed PAGB precipitation to be more varied 
than bainitic material and precipitation of M7C3, M23C6 and M6C was common. Although 
Vander Voort states it is possible to differentiate between carbides and matrix using tint 
etchants [233], it was not clear whether differentiation between different carbide phases was 
possible by the same means. It may have been that the difference in colour was related to 
size, as grain boundary particles were coarse in comparison to intragranular precipitation. 
6.3.2 P91 HAZ and P91 Parent Material 
Optical micrographs of tint etched P91 parent material revealed an acicular microstructure 
typical of martensitic transformations in steel. Precipitates decorated prior austenite grain 
boundaries and martensite lath boundaries (fig.6.2). Intralath precipitation was not resolved 
under the optical microscope. 
 
Figure 6.2. P91 Parent material (N+T+8 hour PWHT Beraha’s reagent) 
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The parent alloy had been normalised and tempered prior to welding; this particular 
specimen, following weld production, had received a 2 hour PWHT at 730°C.The area 
shown in figure 6.2 had not been affected by the heat input of the weld cycle.  
 
Figure 6.3. P91 CGHAZ and carbon enriched HAZ, the fusion line is out of the field of view 
of the right hand side of the image (N+T+8 hour PWHT Beraha’s reagent) 
Micrographs of the P91 CGHAZ, recorded subsequent to welding and PWHT, displayed a 
microstructure similar to the parent alloy (fig. 6.3). Evidence of carburisation of the P91 
CGHAZ was revealed by a significant increase in the area fraction of carbides in material 
next to the fusion line; this can be seen towards the right hand extremity of figure 6.3. The 
coarse grained region of the HAZ extended approximately 400μm from the weld interface 
into the HAZ. Coarsening of prior austenite grains occurs in regions where precipitation is 
completely dissolved during the weld cycle [234]. Isolated islands of δ-ferrite, which were 
of similar size and morphology to coarse irregular δ-ferrite grains presented in work by 
Kishore [235], were observed in the CGHAZ. Retention of δ-ferrite only occurs in regions 
that exceeded the     temperature; hence they were observed often within 100μm of the 
apparent weld interface. Chandravathi et al.,[234] performed tests which revealed the 
formation of δ-ferrite in P91 specimens heated to temperatures >1500K; no occurrences of 
the phase were observed below this temperature.  
High equivalent chromium and nickel contents alloys are prone to δ-ferrite retention, as was 
discussed in the review section (p.19). The presence of δ-ferrite was confirmed in the P91 
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HAZ of all welds but its distribution was not thought to be affected by either the type of 
filler material used or the conditions applied during the PWHT. 
Differentiation between tempered martensite and δ-ferrite, by chemical analysis, using the 
EDS technique was inconclusive. The measured concentrations of ferrite stabilising alloying 
additions, in neighbouring areas of the two phases, were most often very similar. However, 
there were a few instances where the combined Si+V+Cr+Mo concentrations were 
significantly greater in the δ-ferritic material than the average alloy composition.  
It was not possible to determine the CNB from experimental EDS measurements (Equation 
3), as minor alloying additions were beyond the detection limits of the system. However, 
weighted CNB values could be determined by implementing concentrations of Nb, Ni, N 
and C, according to the alloy composition (Table 5.1). The P91 composition values provided 
by Doosan Babcock lead to a CNBP91 = 10.6, however, in extreme cases CNBδ-ferrite = 13.9 
were measured. 
6.3.3 P22/P91 Dissimilar Metal Welds 
The microstructure of P22 weld metal was bainitic; in contrast to P22 parent alloy, 
proeutectoid ferrite was not identified in any regions of the weld. The absence of 
proeutectoid ferrite was a result of the faster cooling rates that are associated with constant 
cooling of welds (fig.2.1, p.12).  
 
Figure 6.4. P22/P91 weld interface (2 hours PWHT at 730°C, Beraha’s reagent) 
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Post weld heat treated P22/P91 joints revealed evidence of microstructural changes in the 
P22 alloy adjacent to the interface with P91 alloy (fig. 6.5). A band of material in which the 
bainitic microstructure had been replaced by ferrite grains as large as 100μm in diameter was 
observed. The recrystallised ferrite grains, which had removed the bainitic microstructure, 
were in the main part featureless apart from the distribution of weld inclusions. The width of 
the recrystallised material varied along the length of the weld interface but was often 
observed to be widest in the regions where welds were overlapped.  
Recrystallised weld alloy displayed a low density of precipitation in comparison to bainitic 
weld alloy. It was not possible, using conventional optical microscopy, to determine whether 
precipitation densities in bainitic material, ahead of the recrystallisation front, increased with 
distance from the fusion interface. 
 
 
Figure 6.5. P22/P91 8 hours PWHT (Beraha’s reagent) 
Samples viewed at high magnification revealed an even distribution of fine particles within 
decarburised recrystallised material (fig. 6.6), electron microscopy results later identified 
these particles as complex oxide weld inclusions.  
~ 92 ~ 
 
 
Figure 6.6. P22/P91 8 hours PWHT (Beraha’s reagent) 
 
Figure 6.7. Recrystallised P22 weld metal (8 hours PWHT, Beraha’s reagent) 
Grade 22 weld metal, in regions unaffected by carbon redistribution, displayed a granular 
bainitic microstructure formed within columnar prior austenite grains (figs. 6.5 and 6.7). In 
regions that were reheated, as a result of subsequent overlaid weld beads, the columnar grain 
structure was refined to an equiaxed prior austenite grain structure (figs. 6.7, 6.12 and 6.15). 
Some areas of P22 weld alloy, located directly beneath overlaid weld runs, consisted of large 
recrystallised grains (fig. 6.7). The width of these lightly etched bands was typically in the 
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range of 100 to 200 μm. These bands, when imaged in the SEM, appeared to be depleted of 
carbides in comparison to bulk weld material (BWM). The recrystallised regions of weld 
material were more prevalent in 8 hour post weld heat treated than 2 hour PWHT samples. 
The material showed similar hardness properties to recrystallised decarburised P22 weld 
metal. In failed creep specimens, areas of recrystallised P22 weld alloy located beneath 
overlaid weld runs, revealed evidence of creep damage. The degree of cavitation in 
recrystallised weld metal was far greater than observed in areas which had retained a bainitic 
microstructure.  
Similar ‘white bands’, so named due to their etching behaviour,  have been identified by 
Zhang et al. [236] and were proposed as creep weak zones. Although, Type IV failures, in 
the heat affected zone, most often limit the creep life of Cr-Mo steel welds [237], Type I 
failures, in the centre of the weld, have also been reported. There is a propensity for these 
mid-weld failures to occur along columnar grain boundaries [238], however, there are also 
cases where failures have initiated along these recrystallised inter-bead boundaries [236].  
Chemical analysis of the welds using P91 type filler materials was carried out in Zhang’s 
work. There was a clear correlation between both Cr and C depletion and the location of the 
recrystallised bands. They cite the loss of grain boundary pinning, due to carbide dissolution, 
as the cause of recrystallisation that was experienced during creep exposure. As in welds 
made between steels differing in chromium content, the driving force for carbon 
redistribution was assumed to be related to the inhomogeneities in Cr concentrations. No 
explanation was given for the non-uniform distribution of Cr but the low mobility of Cr at 
PWHT temperatures indicates that it was most likely related to the welding process itself.  
6.3.4 P23/P91 and P24/P91 Dissimilar Metal Welds 
Optical micrographs of polished and etched transition joint P23/P91 and P24/P91 weld 
interfaces showed no evidence of carbon redistribution or recrystallisation (figs. 6.8 and 
6.9).  Weld microstructures consisted of columnar grains and reheated regions showed an 
equiaxed grain structure. No precipitation was resolved, under the optical microscope, in 
either P23 or P24 weld alloys. 
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Figure 6.8. As received P23/P91 weld interface, colloidal silica polish, differential 
interference contrast (DIC) microscopy 
 
Figure 6.9. As received P24/P91 weld (Vilella’s reagent) 
The application of PWHT resulted in widespread precipitation in both P23 and P24 weld 
metals. Extensive precipitation was also observed in the CGHAZ which prior to PWHT had 
been relatively free of secondary phases. Figures 6.10 and 6.11 show 2 hour post weld heat 
treated P23 and P24 fusion interfaces with P91 alloy, there was no evidence of 
recrystallisation, as such, large ferrite grains are absent in the low alloy P23 and P24 
matching weld materials at the interface with P91. These findings were similar to those of 
P23/P91 and P24/P91 welded joints after 8 hours heat treatment at 730°C (figs. 6.12, 6.14 
and 6.15).  
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Figure 6.10. P23/P91 2 hours PWHT 730°C (Beraha’s reagent) 
 
Figure 6.11. P24/P91 2 hours PWHT (Beraha’s reagent) 
Images of nital etched, 8 hour PWHT, P23 welds, revealed a columnar microstructure with 
equiaxed grain structures in regions that had been reheated by overlaid weld runs (fig.6.12).  
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Figure 6.12. P23/P91 weld interface 8 hours PWHT (5% Nital) 
In contrast to welds made using P22 alloy, no recrystallisation of reheated material in the 
inter-bead regions was observed. Similar observations were made of P24 weld alloy. It is 
likely that MX precipitates, formed as a result of the micro-alloying additions made to these 
alloys, stabilised the bainitic microstructure in these areas of the welds. However, MX 
precipitation should also have been present, in the P91 welds, studied by Zhang et al. [236], 
in which ‘white bands’ were also observed. Clarification of the mechanisms governing the 
formation of recrystallised material at inter-bead regions of multi-pass welds is required. 
Although recrystallisation of 8 hour post weld heat treated P23 and P24 welds was largely 
avoided, isolated recrystallised grains were observed in both P23 (fig. 6.13) and P24 weld 
material adjacent to the fusion line. The extent of recrystallisation of both P23 and P24 
interface material was less than 0.5% of the total length of weld interface that was examined. 
Tint etching of P24/P91 welds revealed clear evidence that decarburisation of weld material 
adjacent to the fusion line had taken place. This area of the weld has been shown, by other 
means, to have a very low volume fraction of secondary phase precipitation. Decarburised 
material displaying a deminished volume fraction of precipitation appeared blue when 
compared to brown tinged surrounding material which contained significant amounts of 
carbide precipitation (figs. 6.11 and 6.14). The width of the decarburised region, which was 
identified by a localised change in colour, increased from approximately 80 to 200μm as a 
result of 2 and 8 hour PWHT respectively. 
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Figure 6.13. Recrystallised grains P23/P91 weld (P23/P91 8 hours PWHT, Vilella’s 
reagent) 
Evidence that carburisation of P91 HAZ material had simultaneously occurred to carbon 
depletion from the weld alloys was also observed. P91 HAZ material, adjacent to the fusion 
line, displayed dark regions corresponding to carbon enrichment. The widths of these dark 
bands, which displayed greater carbide populations than surrounding material, were 
measured subsequent to different thermal exposures for each type of weld; results are 
presented in figure 6.16.  
 
Figure 6.14. P24/P91 8 hours PWHT (Beraha’s Reagent) 
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Figure 6.15. P24/P91 8 hour PWHT (Vilella’s reagent) 
 
Figure 6.16. Decarburised zone (DCZ) and carbon enriched P91 HAZ (CZ) widths (Optical 
microscopy measurements) 
Figure 6.16 plots the width of the decarburised zone, which was determined from the 
measured width of recrystallised material, displayed by PWHT and creep tested P22/P91 
welds. The width is not defined, in any way, by carbon concentrations, but reveals the width 
of an area of material which is destabilised by the effects of carbon depletion. PWHT 
samples of P23/P91 and P24 P91 DMWs show evidence of carbon redistribution across the 
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weld interface; however, a failure to recrystallise the bainitic microstructure makes it 
impossible to determine the widths of areas affected by optical microscopy.  
The width of recrystallised P22 weld alloy, as observed in optical micrographs of P22/P91 
welds, increased with duration of PWHT from 2 to 8 hours at 730°C. Specimens subjected to 
longer effective times (>8 hours) at 730°C had all endured creep tests and exposure to a 
range of temperatures. However, the width of recrystallised material appeared to plateau at 
durations greater than 8 hours at 730°C (fig. 6.16); although, this does not take into account 
the effects of stress. Sudha et al. [17] reported a similar trend, when observing the 
decarburisation of P22 parent plate welded with P91 filler. They found that, during PWHT at 
750°C, the soft zone width did not increase appreciably beyond PWHT durations of 10 
hours. The width of the soft zone, demonstrated in their work, plateaued at approximately 
350μm; this was somewhat narrower than measured in the present study. 
The width of the carburized zone (CZ) in the P91 HAZ, as determined from optical 
micrographs, was narrow in comparison to the recrystallised zone of P22 weld material. 
There was a general trend of increasing CZ width with time at 730°C but scatter in the 
results and difficulties associated with determining the width of carburised material by 
optical method lead to low confidence in the accuracy of the results. However, carburised 
zone widths were also determined from TEM micrographs of carbon extraction replicas and 
were found to be in good agreement with optical measurements (fig. 8.12). Comparison of 
the CZ widths shows good agreement with the findings of Sudha et al. [17]. Similarly, to the 
results shown here, they observed the CZ width to plateau at approximately 130μm for 
PWHT durations of 10 hours and longer. 
6.3.5 Summary and Conclusions 
Bainitic microstructures were formed by P22, P23 and P24 weld alloys; there was no 
evidence of the growth of proeutectoid ferrite in any of the welds. Subsequent to PWHT, 
P22 weld metal recrystallised in the regions adjacent to the DMW interface. The width of 
the recrystallised band increased with time at temperature for durations up to 10 hours. 
Further increases in width were not detectable for exposures beyond 10 hours, through to 
maximum equivalent durations approaching 25 hours.  
Although evidence of carbon redistribution is apparent in all post weld heat treated transition 
joints, recrystallisation of P23 and P24 alloys was largely avoided. P23/P91 and P24/P91 
welds did not recrystallise during 2 hour PWHT and only a few, isolated, recrystallised 
grains were observed in 8 hour PWHT samples. Similar results have been reported by 
Vodarek et al.[24], they observed the retention of a bainitic microstructure in carbon 
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depleted P23 weld metal. The stability of the carbon depleted weld microstructure was 
attributed to the retention of MX precipitation; which they predicted by Thermocalc 
modelling and confirmed experimentally. 
Refinement of the primary columnar grain weld microstructure, due to the thermal input of 
overlaid weld runs, resulted in an equiaxed prior austenite microstructure in P23 and P24 
welds. No recrystallisation, such as that observed beneath overlaid P22 weld beads, was 
observed in either P23 or P24 welds; this too is likely to be a result of the stabilising effect 
of MX precipitation.  
Optical micrographs gave evidence that P91 HAZ material became carburised during 
PWHT. A dark band, directly adjacent to the fusion line, which displayed a high density of 
precipitates, was apparent in the three types of DMW. Regions affected by decarburisation, 
in weld alloys, appeared to be wider than the carburised bands in P91 CGHAZ.  
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CHAPTER SEVEN 
Hardness Profiles 
7.1 Introduction 
Evaluation of the hardness of creep resistant steels is significant as many of the mechanisms 
which afford resistance to plastic deformation at room temperature also play important roles 
in creep strength. Correlations between hardness and creep strength have been used, by 
others, to make predictions of the remnant creep life of in service components [224].  
The degradation of hardness in Cr-Mo steels, as a result of tempering treatments, has been 
attributed to the loss of tetragonality of the martensitic phase, coarsening of precipitation, 
recovery, coarsening of subgrain microstructures and a reduction in solute strengthening [86, 
239-240]. In general, Cr-Mo (W) creep resistant steels have been shown to soften 
continuously during tempering, tending eventually toward the inherent strength of the alloy 
[227]. However, hardness curves plotted as a function of time at temperature are not always 
monotonic; this is often due to secondary hardening which is encountered during 
precipitation evolution. The substantial loss of hardness, which is apparent in recrystallised 
material, is due to the instantaneous removal of many of the strengthening mechanisms. 
Hardness measurements recorded during the present study were intended, in conjunction 
with microstructural analysis, to highlight key strengthening mechanisms which are affected 
by tempering of dissimilar metal welds.  
Figures 7.1 – 7.8 present the results of hardness test profiles which were recorded spanning 
the fusion line of dissimilar metal welds in various heat treated conditions. The approximate 
position of the fusion line is represented by zero on the x-axes; negative and positive x-
values correspond to P91 HAZ and weld material respectively.  
7.2 Post Weld Heat Treated P22/P91 Welds 
Hardness tests were performed on P22 and P91 pipe materials in N+T+PWHT (2 hours) 
condition. In regions unaffected by the thermal input of the welding process, P91 alloy 
returned a mean hardness value of 249HV (standard deviation=12.9HV). Optical 
micrographs of P22 base alloy (fig. 6.1) revealed the existence of a mixed ferrite/bainite 
microstructure consistent with those described in the literature [11, 38, 46-47, 229]; micro-
indentation hardness test values from ferrite and bainite grains returned values of 122HV 
(standard deviation=5.4HV) and 158HV (standard deviation=13.2HV) respectively. 
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Hardness profiles presented were recorded over single traversed runs spanning the weld 
interfaces. Figure 7.1 shows a run of indents, left by hardness profile measurements, taken 
across an 8 hour PWHT P22/P91 interface. The size of the indents has been accentuated by 
post test polishing but their relative size remains indicative of the comparative hard and soft 
regions of the weld interface.  
 
Figure 7.1. optical micrograph of hardness indents across an 8 hour post weld heat treated 
P22/P91 weld interface with the corresponding hardness measurements superimposed on 
the image. 
The same image shows a region of weld interface with a dark swathe of material running 
diagonally through the recrystallised P22 filler material; these features were more prominent 
in regions where overlaid weld beads intercepted the P91 pipe alloy. Similar bands of 
darkened material were visible in tint etched specimens when viewed under the optical 
microscope. Chemical analysis, by EDS, showed the swathes to contain both weld inclusions 
and chromium contents intermediate between those of the weld and P91 alloys. Typical 
chromium contents of 5-6 wt% were recorded. Similar regions of poor intermixing of weld 
and base alloys, in dissimilar metal welds, have been reported by Jandová et al. [21]. The 
microbeam analysis performed in their work revealed high concentrations of Cr but also 
revealed measurably higher carbon concentrations which corresponded to the poorly mixed 
regions and the P91 CGHAZ. Recrystallisation of these chromium rich regions was avoided. 
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The carbide populations within the bands were far greater than in the surrounding carbon 
depleted, recrystallised, weld alloy.  
The comparatively low hardness of 2 hour PWHT P22 weld alloy adjacent to the weld 
interface corresponded to a region consisting of large recrystallised ferrite grains (fig. 7.2). 
The hardness of bulk weld material tested in all welds varied from region to region and 
displayed considerable scatter. Extending the duration of post weld heat treatment resulted in 
an increase in width of the recrystallised P22 alloy adjacent to the DMW interface but no 
further loss of hardness was measured (fig. 7.2).  
 
Figure 7.2. Hardness profiles for the 730°C post weld heat treated P22/P91 joints 
The hardness profile presented for the 8 hour PWHT P22/P91 weld corresponds to the run of 
indents shown in figure 7.1. The position of the indentations correlates to a region where two 
weld beads intercepted the P91 pipe. Careful analysis of the image revealed the hardness 
spike at approximately 0.8mm into the weld corresponded to a narrow band of 
bainitic/martensitic material. This comparably greater hardness to surrounding recrystallised 
P22 was typical of unmixed regions. 
7.3 As Received P23/P91 and P24/P91 Welds 
The hardness of as received P91 HAZ, P23 and P24 weld metals was much greater than in 
tempered specimens (figs. 7.3 and 7.4). The untempered bainitic and martensitic 
microstructures, of the P23 weld material and the P91 HAZ, returned high hardness values 
(fig. 7.3). The average hardness of P23 weld alloy was 365HV (std. dev. 26HV). The values 
are toward the upper limits of those forecast for martensite or mixed martensite/bainite 
microstructures and are far greater than expected for fully bainitic P23 alloy (see CCT 
diagram, fig.2.2). However, values are largely within the range of those presented for parent 
alloys, of similar compositions, in normalised condition [122, 241]. 
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Figure 7.3. Hardness profiles of P23/P91 welds in as received and 730°C, 2 and 8 hour 
PWHT conditions 
 
Figure 7.4. Hardness profiles of P24/P91 welds in as received and 730°C, 2 and 8 hour 
PWHT conditions 
As received P24 weld metal was, on average, 37HV points harder than P23 alloy which had 
been tested under similar conditions (fig. 7.4). The average hardness measured, of 402HV 
(std dev 25HV), was greater than predicted by the CCT diagram for an alloy of similar 
composition (fig. 2.4). Values were also greater than reported in the literature, where, as 
welded hardness ranged between 335 and 375 HV for welds made by GTAW, SMAW and 
SAW techniques. Although welding techniques and parameters have an effect on the 
materials properties [52, 122], none of the results detailed in the literature were as high as 
those reported here.  
The difference in hardness observed between as welded P23 and P24 alloys could be related 
to the difference in compositions of the two alloys. Concentrations of C, B, V, and Cr were 
greater in P24 weld specimens than P23 samples; this is significant, as all increase alloy 
hardenability. Another possibility is that the welds may have experienced slightly different 
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cooling rates from the austenitic phase field. The CCT diagrams are quite different for the 
two alloys analysed and this too may have affected the results. The upper temperature at 
which austenite can transform to bainite is approximately 100°C higher in P23 than P24. The 
lower γ→bainite transformation temperature predicted for P24 and the difference in 
microstructures, which have been observed between welds made with P23 and P24 in this 
work, would almost certainly affect mechanical properties.  
Komai and co workers evaluated the hardness of P23 type steels as a function of cooling rate 
[54]. Their study showed that, as long as the cooling rate is sufficiently rapid to avoid the 
formation of pro-eutectoid ferrite, hardness of normalised material will be greater than 
300HV. An apparent increase in hardness can further be achieved by accelerating the 
cooling rate within the range necessary for bainitic and martensitic transformations. The 
comparatively low peak hardness reported, of approximately 325HV could be due to 
compositional differences between their alloy (carbon concentration 0.05wt%) and samples 
of P23 tested here.  
7.4 Post Weld Heat Treated P23/P91 and P24/P91 Welds 
All regions of transition joints, made between P23 weld metal and P91 pipe alloy, softened 
in response to a 2 hour PWHT. P23 weld alloy, at distances greater than 0.5mm from the 
fusion line, returned an average hardness of approximately 225HV. Weld metal within 
500μm of the interface displayed a mean hardness of 222HV.  
Post weld heat treated P24/P91 joints also displayed a loss of hardness during 2 hour PWHT, 
although, the properties of the P24/P91 weld were very different from those of the P23/P91 
joint. The average hardness of P24 bulk weld metal was 266HV, which, similar to P23, 
equates to a 35-40% reduction of the initial hardness displayed by non-tempered welds. The 
measured hardness of P24 weld alloy within 500μm of the fusion line was 276 HV; 
comparable regions were later shown to be depleted of carbon.  
Subsequent to 8 hours post weld heat treatment, the hardness of P23 and P24 weld materials 
was 212 and 216 HV respectively. Tempered bainitic P23 weld material within 0.5mm of 
fusion line retained an averaged hardness of 207HV which was within the scatter of results 
shown by the rest of the weld. P24 weld material within 0.5mm of the DMW join displayed 
an average hardness of 208HV which was marginally lower than that of the bulk weld 
material.  
After tempering at 730°C for 8 hours, both P23 and P24 revealed isolated recrystallised 
ferrite grains. The featureless grains were observed in carbon depleted material adjacent to 
the P91 alloy. Recrystallised grains measured in the size range of 40 to 60μm in diameter; as 
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such, hardness measurements were almost certainly influenced by mechanical constraints 
imposed by surrounding bainitic material. Tests were limited to only one measurement per 
grain, and only 5 measurements could be recorded for each material. Consequently, values 
of 168HV and 162HV, for P23 and P24 respectively, were only indicative of the loss of 
hardness which accompanied recrystallisation.  
7.5 P91 Heat Affected Zone 
The hardness of the P91 HAZ, in as received condition, was approximately 425HV. The 
width of the hard region within the HAZ extended approximately 2mm from the fusion 
interface, at which point an abrupt drop in hardness was observe (figs. 7.3 and 7.4). At 
greater distances from the fusion line, P91 HAZ material displayed a hardness of 
approximately 230HV; this was comparable to the parent alloy.  
There was an anomalous response of the P91 HAZ, in the P24/P91 weld, to the 2 hour 
duration PWHT; this resulted in a significantly greater retention of hardness in the P91 HAZ 
than was observed in welds made using P22 or P23 consumables. Subsequent to 8 hour 
PWHT the same weld HAZ was comparable to those observed in P22/P91 and P23/P91 
welds. Tests carried out by Doosan Babcock, on the same weld, returned similar results, 
further work is required to substantiate the cause of this irregular behaviour.  
Optical and scanning electron microscopy of regions corresponding to the P91 hard zone 
revealed a coarse prior austenite grain structure which had decomposed to martensite and 
some precipitation. Post weld heat treatment resulted in the formation of a band of 
carburised material in the P91 HAZ adjacent to the fusion line.  This region consistently 
displayed greater hardness than all other regions of PWHT P91 alloy. In the case of creep 
test specimen K-2-1 (table 6.1, fig. 7.6) a peak hardness of approximately 320HV was 
recorded, however, in general the hardness of carburized material was within the range of 
250 to 290HV. The width of the region showing a spike in peak hardness, which 
corresponded to the carburized zone, in a P22/P91 weld, after 2 hours PWHT, was 
approximately 100μm (fig. 8.12). Results of hardness measurements which defined the 
widths of hard zones or carburized zones were not reproducible. Also, it was not confirmed 
that the hard zone was formed as a result of carburization. Hardness measurements presented 
in the literature show that post weld heat treated P91/P91 welds display a peak hardness in 
the CGHAZ [242-243]; values between 255 and 265HV are reported. In the present work, 
the CGHAZ became enriched with carbon during PWHT. Discounting the anomalous 
behavior of P24 welds, carburized CGHAZ P91 material tested in this project displayed 
average hardness of 252HV and 265HV after 2 and 8 hours PWHT respectively. Sudha et al. 
have performed similar tests on post weld heat treated P22/P91 DMWs revealing a peak 
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hardness of 282HV in carbon enriched material. Further studies by Sudha [17] revealed 
variability in hardness of the carburized P91(HZ in their report) as a function of PWHT 
duration (fig. 7.5). Sudha’s values and those recorded in the present study are, in general, 
lower than those reported by Heuser [244]. 
 It would appear from the present results, which are in contrast to reports by others [16], that 
carbon enrichment of P91HAZ material formed during the tempering of 2.25Cr weld metal 
to P91 pipe joints does not significantly increase hardness in the CGHAZ. This has been 
shown by comparing DMW CZ material to the hardness of P91 CGHAZ in like metal 
P91/P91 welds where carbon redistribution is not reported.  
 
Figure 7.5. Carburised P91(HZ) and recrystallised P22 (SZ) hardness as a function of 
PWHT duration (750°C) (Sudha [17]) 
At first glance this may appear to contradict the findings of Hirata [245] who has shown that 
hardness in simulated P91 HAZ is a function of carbon content. However, his work details 
the properties of alloys in which carbon concentrations were measured in the material prior 
to welding. As a result, carbon would have been taken into solution at temperatures in the 
austenitic phase field during the welding process and subsequently formed martensite, of 
differing carbon concentrations, on cooling. As such it is not possible to directly compare 
the two sets of results. The case for dissimilar metal welds is quite different, the vast 
majority of carbon arriving in the P91 HAZ, resulting in carbon enrichment, occurs during 
the application of PWHT. These tempering treatments are performed in the ferrite phase 
field at temperatures below    . In such instances, carbon concentrations which are at levels 
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greater than its solubility in ferrite result in the growth of precipitates; this has been 
demonstrated in the carburized P91 CGHAZ.  Based on the findings in this study, MX 
precipitates prior to, and preferentially to, chromium rich M23C6 carbides in P91 material. If 
the increased hardness, which is also reported elsewhere, was due exclusively to the 
increased carbon concentration then the hardness increase would be as a result of the greater 
volume fraction of M23C6 carbides and their subsequent effect on microstructural 
strengthening mechanisms.  
Separation of the strengthening mechanisms which contribute to the overall hardness of this 
material has not been attempted, but the inverse relationship between inter-particle spacing 
and material strength is well established [106]. The effects of carbide volume fractions on 
solid solution strengthening would also require consideration as the matrix in the CZ is 
likely to be depleted of Mo.   
7.6 Creep Tested Materials Hardness  
P22/P91 welds that received 2 and 8 hour post weld heat treatments prior to creep testing at 
600°C revealed a general loss of hardness in the bulk weld material. The average hardness 
recorded in recrystallised weld alloy adjacent to the DMW interface did not soften further 
once recrystallised (fig. 7.6).  
 
Figure 7.6. Hardness results comparing P22/P91 8 hour PWHT at 730°C, K-2-1 teff = 8.11 
hours and K-8-1 teff = 11.99 hours at 730°C 
At distances beyond 1.2mm, the hardness of crept specimens was relatively uniform but had 
softened in comparison to the 8 hour PWHT specimen. The high hardness recorded in the 
CGHAZ of sample K-2-1, which corresponds to carburised P91 material, was 
uncharacteristic. No other cases showing increases in hardness as a result of extended 
thermal exposure were recorded. Disregarding the results of 2 hour PWHT P24 welds, which 
were out of the ordinary, carburised P91 was in the hardness range of 260 to 290HV. 
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Measurement of hardness across the interface of a P24/P91 DMW subsequent to both 8 
hours PWHT and creep testing for 4420 hours at 600°C revealed an average hardness in the 
weld metal of 192HV (fig. 7.7). There was no evidence of significant softening of weld 
material adjacent to the fusion line; here, the mechanical properties remained similar to 
those displayed by bulk weld material. The thermal exposure during creep testing, which 
according to the Holloman-Jaffe relationship equates to approximately 13 hours at 730°C, 
did not result in extensive recrystallisation of the carbon depleted zone. However, there was 
a considerable reduction in the overall hardness of weld material when compared to 
specimens which had been held at 730°C for 8 hours only. 
 
Figure 7.7. Dissimilar metal weld hardness profiles for 8 hour PWHT P24/P91 and creep 
specimen P24-8-3 teff = 12.9 hours at 730°C  
7.7 Weld Alloy Hardness as a Function of Time 
Figure 7.8 shows the results of hardness tests carried out on bulk weld material and 
decarburised P22 weld alloys. Hardness is plotted as a function of equivalent time at 730°C 
which was calculated using a Hollomon-Jaffe parameter of 20 (Equation 40). The values 
plotted were measured from sections of creep specimens which had been stressed. 
Measurements were also recorded from the screw ends of the creep test pieces (not shown); 
these regions were assumed to have undergone the same thermal exposure in the absence of 
stress. The mean hardnesses of stressed and non-stressed regions of P23 weld alloy were 196 
and 194HV respectively; hence the effects of stress, in the materials tested, were minimal. 
P24 revealed a greater disparity in hardness between the two regions where average hardness 
values of 192 and 206 HV were recorded for stressed and non-stressed regions respectively.  
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Figure 7.8. Weld metal hardness as a function of equivalent time at 730°C (error bars 
signify standard deviation) 
A continuous loss of hardness with time at temperature was experienced by all weld metals 
on test. In contrast, evidence showed that once recrystallised, P22 weld alloy suffered no 
further softening as a result of extended thermal exposures. It was concluded that a 
minimum hardness plateau had been reached during recrystallisation. 
7.8 Discussion and Conclusions 
Methods which measure hardness by indentation are widely used in engineering. The size of 
indent imposed in a material varies with the load used and the shape of the tool tip used to 
make the indent. Standard hardness measurements may introduce indents some hundreds of 
μm in diameter or diamond diagonal length. Such test methods return results which measure 
the average hardness of fine grained polycrystalline metals. Mixed phase materials have 
been shown to display hardness relative to the properties of each discreet phase. Where 
micro-indents smaller than the materials grain structure are made it can be possible to 
separate the hardness contribution of each phase. However, the effects of the surrounding 
material on the measured results from isolated grains can lead to inaccurate assessment of 
the materials properties.  
Sawada et al. [239] performed nano-indentation tests on ASME T91 alloy which had been 
subjected to a variety of thermal treatments and creep tests. The aim of their work was to 
quantify the contribution of microstructural features to the hardness exhibited by the alloy. 
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Quantification of dislocation densities, precipitation populations, lath, block and packet size 
and inter-grain angles (grain boundary miss-orientations) were made. This data was 
correlated to hardness measurements recorded by both micro-hardness and nano-indentation 
results. Their findings showed that, in agreement with results in this work (fig. 7.8), the 
overall hardness of the material reduced as a function of time at temperature. They attributed 
the loss of strength to an increase in inter-particle spacing, a decreased dislocation density 
and the increased distance between high angled boundaries. They conclude that prior 
austenite grain boundaries do not contribute to strengthening and the effect of lath 
boundaries is only minor. They quote high angle boundaries as contributing significantly to 
strength as does dislocation and precipitation hardening. They were unable to separate 
contributions of dislocation and high angle boundaries but the decreased dislocation 
densities and coarsening of subgrains and precipitation which was encountered during creep 
testing resulted in a significant loss of hardness.  
The hardness of recrystallised P22 weld alloy was measured between 120 and 150HV. Once 
recrystallised, no further degradation of hardness was apparent, even in crept specimens at 
equivalent times at 730°C approaching 25 hours. In contrast, continued exposure of bainitic 
and martensitic microstructures, to high temperatures, resulted in an unremitting loss of 
hardness. It was concluded that recrystallisation resulted in the instantaneous removal of 
strengthening mechanisms; whereas, continued tempering of bainitic and martensitic 
material resulted in the progressive removal of strengthening mechanisms. Results show the 
hardness of P23, P24 and P91 alloys tending toward the inherent strength of the alloy. 
Recrystallised 8 hour PWHT P22, P23 and P24 material returned averaged hardness values 
of 144, 168 and 162HV respectively. The values recorded for recrystallised P23 and P24 
material was based on only 5 readings some of which were made within 50μm of sample 
edges. The greater hardness of MX forming alloys could be the result of mechanical 
constriction provided by surrounding bainitic material or could be a result of the retention of 
MX precipitation. Tsuchiyama et al. [187] report an inherent hardness of 120HV for 
recrystallised low carbon 9Cr-1Mo alloy. 
The high initial hardness of P91 HAZ material which ranged approximately between 400 
and 450HV corresponds to that expected for similar martensitic material [246] and was 
comparable to results reported in literature [234].  
After 2 hours PWHT at 730°C, P23 alloy displayed an average hardness of approximately 
225HV. The hardness of material adjacent to the fusion line, in a region which was most 
probably depleted of carbon, showed some softening but hardness was not significantly 
lower than that of the bulk weld material.   
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The response of welds made with P24 alloy to post weld heat treatment was quite different 
to that of P23. Although the application of a 2 hour PWHT at 730°C softened the weld alloy 
by approximately 136HV, the average hardness remained comparatively high  at 266HV 
(std. dev. 10.5HV). Multiple hardness tests were carried out on P24/P91 welds in 2 hour 
PWHT condition, all of which gave similar results. Whether the difference between P23 and 
P24 in their response to tempering was a result of differing rates of softening or a secondary 
hardening effect on P24 was not clear. Tempering of carbide forming steels often involve 
complex responses to exposure to high temperatures. The results presented in this work 
correspond to 2 and 8 hour PWHT and a number of creep tested specimens. The hardness of 
materials corresponding to the intervals between 2 and 8 hours are not known and may have 
involved secondary hardening effects. Studies carried out by Mohyla et al. [122] on P23 and 
P24 welds revealed multiple secondary hardening peaks in the case of P24 alloy, whereas, 
P23 displayed only one. This indicates a difference in precipitation response to PWHT but 
other microstructural strengthening contributions must also be considered. However, this 
does not explain the anomalous behavior observed of 2 hour PWHT P91 HAZ in joints made 
with P24. Again the results were consistent for the multiple tests performed but similar 
behavior was not seen in joints made with P22 and P23 weld alloy in 2 hour PWHT 
condition. Tests on the same welds were also carried out at Doosan Babcock of Renfrew; 
their results were in good agreement with those presented here.  
Accuracy and scatter of hardness measurements made using the Matsuzawa Seiki micro-
indentation hardness tester were calculated using alloy calibration blocks of known 
hardness. A mean hardness of 212.5HV with a standard deviation of 8HV was recorded 
using 50gr loads on a 220HV calibration block; the graphs have not been corrected 
accordingly. Assuming the inaccuracies in indentation measurement remained constant; the 
relative error was expected to increase when measuring harder regions of material due to the 
smaller indentations. The opposite would be true for softer material. 
Further work is required to substantiate the mechanisms responsible for the response of P24 
and P91 HAZ material that is welded to P24 alloy to post weld heat treatment. There is also 
scope for further work regarding the separation and quantification of the effects of individual 
strengthening mechanisms which contribute to the mechanical properties of ferritic, 
martensitic and bainitic materials. 
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CHAPTER EIGHT 
Precipitation in 2.25 and 9 % Cr Creep 
Resistant Steels 
8.1 Introduction 
Recent decades have seen the development of ferritic steels in which the control of carbide, 
nitride and carbonitride precipitation has resulted in enhancement of their creep 
performance. Models which predict the thermodynamics and kinetics of precipitation, 
precipitation sequences and coarsening rates can be used to predict stable phases in these 
alloys [111, 247-250].  By careful selection of alloying additions and the application of 
stringent thermo-mechanical treatments it has become possible, in many ways, to control the 
species, size and distribution of particles and tailor alloys accordingly [56]. Exposure to high 
temperatures and stresses, during service, results in the aging of alloys, which manifests as 
precipitate phase changes and coarsening. Precipitation of carbides of increasing 
thermodynamic stability frequently occurs at the expense of metastable phases. These 
metastable phases precipitate, not because they represent the lowest free energy state but 
because they nucleate easily. Changes in matrix composition which occur as a result of 
preferential growth of specific carbides can also affect the stability of other pre-existing 
precipitates.  
In the case of dissimilar metal welds made between 9% and 2.25%Cr creep resistant steels 
an added complication in the control of precipitation comes in the form of compositional 
changes at the weld interface.  
This section of experimental work was carried out in order to determine the types and 
distributions of precipitation present in different areas of dissimilar metal welds. 
Examination of welds, in as received and post weld heat treated condition, was completed. 
Phase identification and characterisation was performed by a combination of SEM, TEM, 
EDS and XRD. Efforts were made to substantiate the formation of, and retention of, MX 
type precipitation in P23 and P24 welds. In particular, confirmation of their presence in weld 
metal, which had become depleted of carbon during PWHT, was sought. 
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8.2 Precipitation in the P91 Heat Affected Zone  
Precipitation in the heat affected zone has been reported as a function of both distance from 
the fusion line and of PWHT duration. The type of filler material used is stated where 
required as the decarburisation characteristics of the weld alloy have the potential to affect 
precipitation in the P91 CGHAZ. Once again, it is necessary to note that a variation of 
thermal input to different regions of the weld with respect to overlaid weld beads was 
expected to, and observed to, have an effect on microstructures and precipitation 
distributions in the HAZ. 
Prior to welding, the P91 pipe was in a normalised and tempered condition, typical N+T 
treatment of P91 consists of austenitisation between 1050-1060°C with subsequent air 
cooling followed by tempering at 730-760°C [103, 145, 242]. According to Swindeman [62] 
a typical heat treatment for T91 following the ASME code SA-213 for seamless tubing 
comprises normalising at a minimum temperature of 1040°C followed by air cooling to 
room temperature and tempering at 732°C or higher. In practice tempering treatments are 
more often in the range of 760-780°C. 
8.2.1 P91 HAZ Precipitation - As Received 
Precipitate identification and distributions were determined by means of morphological 
trends, chemical signatures and electron diffraction. Intra-lath needle shaped carbides were 
observed in etched bulk P91 HAZ specimens in the FESEM (fig. 8.1). Although this phase 
could not be identified in the SEM, carbides of similar morphology were later identified in 
the TEM as M3C. These carbides were more prevalent in regions within 0.5mm of the fusion 
interface but were none-existent at distances greater than 1mm from the weld line.  
~ 115 ~ 
 
 
Figure 8.1. Precipitation in as welded CGHAZ P91 alloy (Vilella’s reagent, P24/P91)  
 
Carbon extraction replicas were analysed in the FESEM (fig. 8.3), EDS indicated M3C 
needles were rich in iron with Cr concentrations, in the metallic component of the carbide, 
between 12 and 15 atomic %. Both bulk and extraction replicas revealed cementite particles 
displaying multiple orientation variants within single laths; this is characteristic of acicular 
cementite precipitated in tempered martensite [94]. There were no PAGB or lath boundary 
precipitates picked up on extraction replicas within 200μm of the fusion line in the P91 
HAZ. It is quite possible that the bright lath boundary features observed in SEM images 
relate to films of austenite which are retained due to the incomplete transformation 
phenomenon (fig. 8.1).  Electron diffraction patterns generated from regions of P91 HAZ 
thin foils 200μm from the weld interface have confirmed the presence of austenite in the as 
welded condition. Analysis of the patterns confirmed an orientation relationship, close to the 
Kurdjumov-Sachs OR, existed between the martensitic matrix and the austenitic phase (fig. 
8.2). 
Kurdjumov-Sachs OR: 
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Figure 8.2.Retained austenite in the P91 HAZ, a, BF TEM micrograph, b, arrows indicating 
reflections from the austenitic phase, c, indexed diffraction pattern showing the K-S OR 
Features observed on carbon film replicas, corresponding to grain boundaries, showed up as 
bright lines contrasting with the surrounding areas. Low magnification images revealed 
these boundaries to be almost entirely free of large precipitation. These observations were 
consistent with those made of etched bulk specimens.  Isolated spherical aluminium oxide, 
silicon oxide and manganese sulphide particles were also observed in the as received P91 
HAZ close to the fusion line. 
Transmission electron microscopy revealed a distribution of needle shaped precipitates, in 
the P91 HAZ, approximately 100μm from the weld line (fig. 8.4). These were identified as 
M3C carbides by electron diffraction and were observed to have preferred orientations of 
growth within each subgrain. These carbides which were rich in iron and to a lesser extent 
chromium (fig. 9.3) were located within areas of the replica that corresponded to tempered 
martensitic laths in bulk specimens.  
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Figure 8.3. FESEM secondary electron image, carbon extraction replica of the P91 HAZ 
100μm from weld line (P23/P91) 
 
Figure 8.4. TEM BF image of M3C carbides (diffraction pattern is aligned with the image) 
Ultra fine MX precipitates were identified, unequivocally, in as welded P91 HAZ. They 
were observed in material 200μm from the fusion line within the same lath region as M3C 
carbides (fig. 8.5) and were characterised by a combination of CBED, lattice imaging and 
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EDS techniques. High resolution TEM images of MX precipitates were recorded; particles 
as small as 3nm in diameter were observed in regions corresponding to the CGHAZ. 
 
Figure 8.5. Extracted precipitates from the P91 HAZ, inset CBED [100] zone axis pattern 
from the fine MX precipitate indicated by the large arrow, similar particles are indicated 
throughout the image (P24/P91) 
 
Figure 8.6. Size distribution of MX precipitates in the P91 HAZ 200μm from the fusion line 
Figure 8.6 represents the size distribution of fine precipitates in the same region as figure 
8.5. Particles were measured from photographic plates recorded at ≥X100k magnification. 
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Phase identification was based on either the presence of Nb and/or V, and in the case of 3 
particles, lattice spacings matching those of the MX phase were confirmed.  The mean 
diameter measured from 27 positively identified MX precipitates located in P91 HAZ within 
200μm of the weld interface was 4.3nm.  
The existence of these fine MX precipitates, in material adjacent to the fusion line, in a 
region cohabited by M3C, suggested that they were precipitated in austenite and/or virgin 
martensite. The region in which they had nucleated displayed evidence that all particles that 
had been present prior to welding had been taken into solution during the welding cycle. 
Hence, these ultra-fine MX precipitates must have formed either during the cooling of the 
initial weld or as a result of thermal input from overlaid weld runs and the pre-heat boost 
applied to the completed weld. It was concluded that the region had experienced some 
tempering effects, as newly precipitated M3C were observed in the P91 ‘martensitic’ matrix.  
Work by Tamura [110] verified the presence of vanadium rich MX precipitates in a 7%Cr 
steel which also contained V, N, Si, Mo and C (Nb <0.0005%) after 1 hour normalisation 
treatment at 1050°C. It was also shown that the phase was absent from the same alloy which 
had undertaken a normalisation treatment at 1200°C. Similarly, Suzuki [251] reports the 
presence of fine ‘secondary’ MX which precipitated during cooling from 1050°C in a 9%Cr 
alloy of comparable composition to P91 alloy. Interestingly, Suzuki also notes the presence 
of coarse niobium rich ‘primary’ MX precipitation, which was located on prior austenite 
grain boundaries (PAGB) in the as normalised material. Gutierrez et al. [252] have identified 
similar coarse Nb rich MX precipitates in P91 alloy normalised at 1060°C and tempered for 
40 minutes at 780°C. Identification of coarse Nb MX, which also contained Ti, was also 
confirmed in studies on normalised 9%Cr-0.5%Mo steel by Yin and Jung [253]. However, 
in that case normalisation was performed at 1100°C and the 9%Cr alloys also contained 4% 
cobalt.  
These findings would indicate that MX precipitates remain stable in a number of 7 to 9% Cr 
ferritic alloys at temperatures in the region of 1050 to 1100°C but are completely dissolved 
at temperatures approaching 1200°C; although, Totemeier quotes the temperature at which 
vanadium and niobium carbides dissolve in P91 as 1040°C [254]. The presence of coarse 
grain boundary Nb rich MX particles in alloys heat treated below 1200°C provides some 
evidence that niobium segregates to austenite grain boundaries, under these conditions, 
where it precipitates out as coarse MX particles. It is unlikely that precipitation of the fine 
MX particles observed in these studies, which were present throughout the matrix within 
martensitic laths, occurred during cooling. It is far more likely that their precipitation took 
place as a result of the tempering effect of subsequent weld passes and the final preheat 
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boost. However, this does not explain the existence of similar precipitation that was 
observed by Tamura [110] where samples were analysed in normalised condition. 
 
Figure 8.7. Micrograph of Nb MX in the HAZ 400μm from the fusion line (SEI, carbon 
extraction replica) 
At a distance of 400μm from the fusion line, intra-lath M3C were present in coexistence with 
spherical niobium rich particles (fig. 8.7). At approximately 525μm into the HAZ the 
spherical Nb-MX coexisted with larger Nb-MX precipitates (fig. 8.8a). Often formed on 
grain boundaries, and at grain boundary triple points, their morphology was complex. 
Selected area diffraction patterns recorded from the larger complex shaped Nb MX indicate 
some of the particles were polycrystalline with common crystallographic orientations of the 
constituent particles. Figure 8.8b shows a region of necking between two particles, both of 
which were viewed close to the [100] zone axis, they were in close proximity but did not 
appear to be physically joined.  
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Figure 8.8. Nb MX 0.5mm into the HAZ a, spheroidised and agglomerated GB MX, b, DF 
image of Nb MX on a [001] zone axis (formed using [200] spot) and c, complex morphology 
of HAZ MX precipitation (SAD inset        zone axis) 
At distances between 525 and 800μm into the HAZ, precipitation populations increased. In 
addition to intralath M3C needles, which were less prevalent, spherical grain boundary 
M23C6 and spherical Nb MX were also observed (fig. 8.9).  
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Figure 8.9. As received P91 HAZ between 525 and 800μm from the weld line, Nb-MX, 
M23C6 and M3C (extraction replica) 
The grain boundary M23C6 particles often appeared to be an agglomeration of smaller 
particles (fig.8.10). The composition of these spherical M23C6 showed Cr:Fe atomic ratios 
typically in the order of 1.8:1, which was similar to that displayed by precipitation in 
normalised and tempered P91 base alloy. The composition differed from M23C6 carbides, 
which were analysed in regions of the carburised zone after 2 hour PWHT, which showed 
Cr:Fe ratios of approximately 1.37. It was concluded, due to their location, shape and 
composition, that these spherical Cr rich M23C6 carbides existed prior to the welding process 
and were subsequently spheroidised due to the high temperatures experienced during the 
welding process. M23C6 are reported to dissolve in 9Cr-1Mo steels at temperatures in the 
region of 900 to 1070°C [245, 255-256].  
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Figure 8.10. M23C6 particles and Nb-MX nucleated on the surface of an unidentified particle 
containing Mn and S (extraction replica) 
Three types of carbide dominated regions of the P91 HAZ adjacent to the fusion line. The 
peak temperatures endured by different regions of the heat affected zone had an effect on the 
precipitation observed in as received welds. Acicular M3C and extremely fine MX particles 
had precipitated in material where complete dissolution of carbides, which had been present 
prior to the welding process, had taken place. At a slightly greater distance from the 
interface, where only partial dissolution of pre-existing precipitation took place, large 
spherical and often complex shaped M23C6 and Nb-MX were identified. The carbides present 
in this region, prior to welding, were assumed to be similar in type and distribution to those 
observed in P91 base alloy which was not affected by welding. Precipitation in normalised 
and tempered P91 base alloy has been analysed during the present study and shown to 
predominantly comprise of grain boundary and interlath M23C6 and intra-granularly 
precipitated MX, these findings were in good agreement with those reported elsewhere [144, 
252, 257]. The size distribution of these precipitates in normalised and tempered P91 can be 
divided into two approximate groups, where MX <40nm are common [103, 106, 257] and 
M23C6 are typically >100nm [252, 257]. The stability of the two phases also differs; 
according to Ellingham type diagrams presented by Shatynski [258], M23C6 is less stable 
than any of the MX precipitates commonly found in P91 alloy. Based on this information, it 
is reasonable to assume that, in the same alloy; M23C6 would become unstable and begin to 
dissolve at a lower temperature than MX. Prior to welding, M23C6 in P91 pipe alloy would 
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have been relatively coarse in comparison to the much finer MX, as a result, partially 
dissolved M23C6 are observed in the P91 HAZ. 
Due to their greater stability, MX precipitates present prior to welding would have been 
retained in material closer to the weld which was exposed to higher temperatures than would 
M23C6. In theory a region of P91 HAZ in which MX only partially dissolve should have been 
present.  On the other hand, partial dissolution of 10nm particles would be demanding to 
measure and it would be difficult to differentiate between those and newly precipitated MX. 
Hence MX precipitates were observed as relatively coarse spherical particles in HAZ at a 
distance of 400μm from the weld and the apparent effects of partial dissolution closer to the 
weld line were not seen. Based on the results shown here, and taking into consideration the 
findings of others, indications are that the region of HAZ within 400μm of the weld interface 
endured temperatures above 1060°C [254, 259] which resulted in the complete dissolution of 
pre-existing M23C6 and MX particles.  
The findings that have been discussed do not take into account the kinetics affecting 
precipitate dissolution. The temperatures reviewed, at which MX carbides disassociate, have 
been given but many of the observations provided in the literature were made of material in 
normalised condition. These heat treatments involved holding times far in excess of those 
endured in the HAZ during a typical welding cycle. The rate at which precipitates dissolve is 
obviously important as is the initial size and shape of the particles. 
8.2.2 P91 HAZ Precipitation - PWHT 
After 2 hours post weld heat treatment a stark contrast between precipitate populations in the 
P91 CGHAZ and the carbon depleted P23 weld alloy was apparent (fig.8.11). Similar 
observations were made of P22/P91 and P24/P91 dissimilar metal welds.  
Analysis of SEM images captured from a single carbon extraction replica specimen enabled 
measurement of the area fraction of carbides in the P91 HAZ as a function of distance from 
the weld line (fig. 8.12). Images were recorded under identical conditions and analysis was 
performed using Digital Micrograph
®
 software, again identical settings were implemented 
for image analysis. Stereological effects were not taken into consideration but the data 
presented is indicative of the approximate width of the carburised region of the P91 HAZ 
after 2 hours PWHT. These findings were in good agreement with the approximate 
measurements made of carbon enriched regions in tint etched samples viewed under the 
optical microscope (figs. 6.4 and 6.11).  
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Figure 8.11. P23/P91 weld, the approximate position of the interface is indicated by the 
white line (2 hours PWHT, SEI, Vilella’s reagent) 
 
 
Figure 8.12. Carbide area fractions in images of extracted carbides in the P91 HAZ as a 
function of distance from the fusion interface (P22/P91 2 hour PWHT) 
TEM micrographs of carbon extraction replicas and thin foil specimens of carburised P91 
HAZ material displayed a high volume fraction of precipitation. The dominant large 
precipitates were M23C6 identified as having two differing morphologies. Globular M23C6 
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were present on prior austenite grain boundaries and rod shaped carbides decorated tempered 
martensite lath boundaries (figs. 8.13a and b).  Comparison of figures 8.13 b and c shows 
the extent to which lath boundaries are populated by rod shaped M23C6 carbides in 
carburised and non-carburised P91 material.  
 
   
Figure 8.13. a, carbon enriched region of P91 HAZ (carbon extraction replica), b, P91 thin 
foil carburised material and c, P91 parent material 100mm from weld region thin foil  
Dissimilar metal weld samples exposed to 730°C for 8 hours displayed carbon enriched 
regions of P91 HAZ material (fig. 8.14a). Prior austenite grain boundaries were populated 
predominantly by chromium rich M23C6 precipitates with rod shaped M23C6 occupying 
tempered martensite lath boundaries. Fine sub-20nm precipitates were imaged in intra-lath 
material and were most likely to be MX precipitates (figs. 8.14b and 8.15).  
 
a 
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Figure 8.14a, Carbon enriched HAZ, b, secondary electron image of fine intra-lath 
precipitation in the CGHAZ (SEM, Vilella’s reagent) 
 
Figure 8.15. Sub-20nm intra-granular precipitation surrounded by coarse Cr carbides (SEI 
extraction replica) 
Subsequent to post weld heat treatment of 8 hours duration at 730°C, followed by creep 
testing for 2285 hours at 600°C, M6C carbides were detected in P91 parent pipe alloy and 
some regions of the heat affected zone. The carbides were observed in studies of carbon 
extraction replicas where they were positively identified by a combination of electron 
diffraction and EDS analysis.  
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Bulk weld specimens were analysed in the FESEM, Z-contrast in backscattered electron 
images (BSEI) revealed a distribution of coarse Mo rich M6C carbides which appeared as 
bright particles against the ferritic matrix. Point analysis, by EDS, allowed differentiation 
between coarse Nb-MX and M6C carbides although the area fraction of the former was 
insignificant in comparison to the M6C.  
A large number of tungsten rich M6C were observed at the DMW interface; similar 
observations have also been made of carbon extraction replication of the region (fig.8.35). 
Analysis of a montage of BSE images revealed the molybdenum rich phase was largely 
absent from a region of HAZ within 120μm of the DMW fusion line. The area% of images 
occupied by M6C precipitates, in BSE images, analysed using Image J software, as a 
function of distance from the fusion line, is presented (fig. 8.16). The zero point on the x-
axis corresponds to a line of tungsten rich M6C that were identified at the weld interface and 
increasingly negative values correspond to distance into the P91 HAZ.  
 
Figure 8.16. Percentage area of M6C precipitation in the P91 HAZ as a function of distance 
from the fusion interface (8 hours PWHT + 2285 hours at 600°C) 
Secondary electron images which were recorded simultaneously from the same region 
showed M6C precipitation was absent from material that was heavily populated by other 
precipitates. Given the location of these carbides, which corresponded to carburised P91 
HAZ, they were most likely to be M23C6.  
The region in which M6C carbides were absent corresponds approximately to the carburised 
zone of the P91 HAZ. An explanation is offered that the reason M6C failed to precipitate in 
the carburised zone was the depletion of molybdenum in the matrix to within the solubility 
level of Mo in the alloy. This was due to the high volume fraction of M23C6 which have been 
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shown to contain, on average, concentrations of 5.4 at% Mo (≈ 9 wt%) in the same region of 
the HAZ.  
Isolated grains of δ-ferrite were observed in the P91 CGHAZ; these grains were observed 
within 100μm of the fusion line. Precipitation within δ-ferrite grains, in PWHT material, was 
sparse in comparison to the surrounding tempered steel.  
A brief examination of the intercritically heated P91 HAZ was carried out. The material 
contained within this zone is heated to within the     to     temperature range.  Although at 
a homogeneous temperature, the two phase structure contains solid solutions with very 
different carbon concentrations [260]. On cooling material which has transformed to 
austenite decomposes to martensite and the ferritic un-transformed material suffers 
excessive microstructural recovery [261]. Precipitation in this region is not well documented 
but the results of scanning electron microscopy studies carried out in the present work 
indicated a greater density of precipitates exists in material which had transformed to 
austenite. 
Tamura et al. [262] have shown experimentally the presence of very small amounts of M7C3 
precipitates in a 9%Cr-1%Mo-0.2%V alloy. They report the existence of the phase after 1 
hour tempering time at 750°C of a normalised alloy similar in composition to that of P91 
steel examined here. XRD performed on extracted residue, confirmed M7C3 (which they 
differentiate between Fe7C3 and Cr7C3) was present in samples tempered for durations up to 
16 hours, the carbide was not detected at tempering times >16 hours.  Furtado et al. [130] 
also detected the presence of M7C3 carbides in a 9%Cr-1%Mo-VNb alloy after normalising 
and tempering treatments. Their work shows that M7C3 carbides were retained after 1700 
hours exposure to 566°C. Evidence presented in their work consisted of electron diffraction 
and EDX spectra. Furtado’s work also claims a total absence of M23C6 carbides during their 
tests which are in total disagreement with the vast quantity of literature available on this 
subject. The compositional analysis presented in his work is comparable to those given for 
M23C6 carbides in P91 alloy which are reported in the literature [144-145, 153, 263]. 
However, claims that the carbides observed were the M7C3 phase appears to be based on 
compositions compared to precipitation in 2.25Cr-1Mo steels in which the M7C3 phase has a 
similar Cr rich composition to that of M23C6 in P91(Table 9.6). No M7C3 precipitation was 
observed in P91 material in any of the conditions examined during this work. Further work 
is required to substantiate whether M7C3 precipitates in P91 alloy at lower temperatures, as 
reported by Furtado. 
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8.2.3 CONCLUSIONS: Precipitation in the P91 HAZ 
As received weld samples contained MX, M3C and M23C6 carbides in the HAZ. MX 
carbonitrides were identified as existing in two distinct morphologies. In regions where total 
dissolution of pre-existing MX particles, and M23C6 carbides, had occurred, ultra-fine MX 
precipitates were identified with an average diameter of approximately 5nm. These 
precipitates had nucleated at some stage of the welding/cooling/interpass cycle and were 
found in coexistence with intragranular acicular M3C carbides.  
At a greater distance from the fusion line, a mixture of coarsened, spheroidised and partially 
dissolved precipitates was observed in coexistence with intragranular acicular M3C. The 
second category of MX precipitates was rich in niobium but also contained some titanium. 
These carbonitrides were chiefly located on prior austenite grain boundaries and were 
identified in regions between 400 and 800μm into the HAZ. These particles were coarse and 
have the potential to affect the concentrations of free Nb in the matrix that is available for 
precipitation of secondary MX particles during post weld heat treatments.  
Post weld heat treatment resulted in a dispersion of sub 10-nm MX precipitates nucleated on 
dislocations and the dissolution of M3C carbides which were replaced by M23C6 carbides in 
the tempered martensitic matrix.  
PWHT also revealed the effects of carbon redistribution from 2.25Cr weld alloys to the P91 
material where a band of carburised material, which consisted of a high number density of 
carbides, was formed. The width of the carburised zone increased only slightly during 
extended thermal treatments.  The region where carburisation is evident also corresponds to 
material where M6C fail to nucleate. The pernicious phase was absent, even after creep 
testing; this was caused by Mo take up in the high number density of M23C6 carbides which 
resulted in Mo depletion from the matrix. Precipitation identified in the P91 CZ HAZ 
consisted of PAGB M23C6, interlath boundary rod shaped M23C6 and fine intralath MX 
carbonitrides. 
8.3 P22 Parent Alloy Precipitation 
Carbon extraction replicas were prepared from samples of P22 parent material. The alloy 
had been normalised and tempered and subsequently post weld heat treated at 730°C for 2 
hours. The precise conditions of the N+T treatment remain unknown.  
Carbon extraction replicas lifted from P22 parent alloy displayed a distinct variation in 
precipitate populations which corresponded to the ferritic and bainitic regions of the 
material. 
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Tempered bainitic material displayed numerous rod shaped M23C6 carbides lying parallel to 
one another. Identical precipitates observed in thin foil specimens, residing on tempered 
bainite lath boundaries with their long axes aligned, were identified as M23C6 by electron 
diffraction. High resolution TEM images of these carbides revealed       lattice planes 
across the short width of the rods and       direction parallel to the long axis.  
 
Figure 8.17. P22 Parent alloy (BF TEM, carbon extraction replica) 
Prior austenite grain boundaries were populated by a mixture of M23C6, M7C3 and M6C 
carbides. Ferrite regions showed comparatively low precipitation densities compared to 
bainitic material. The ferrite grains (fig.8.17) displayed precipitate free zones (PFZ) adjacent 
to the grain boundaries. These carbide denuded regions form during tempering where grain 
boundary precipitates coarsen at the expense of these fine acicular precipitates. The width of 
the PFZ is reported to be a function of service exposure [264]. Ferrite grain interiors 
contained molybdenum rich, needle and plate shaped M2C (fig. 8.18) with a hexagonal 
crystal structure, also present were fine M7C3 chromium carbides. 
Precipitate residue extracted from samples of P22 pipe was analysed by XRD (fig. 8.19). 
The presence of M23C6 carbides was by diffraction intensities corresponding to the 
                                  planes; all of which have diffraction intensities 
 
  
    . TEM experiments have demonstrated this to be the dominant carbide in this 
particular alloy. However, M2C, M6C and M7C3 were also identified, by TEM, in the alloy 
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contributing significantly to the total volume fraction of precipitation. Isolated peaks 
corresponding to         M2C and {200} M7C3 can be observed at 2θ = 34.5° and 43° 
respectively which confirmed the presence of these phases.  
 
Figure 8.18. Intra-ferrite grain M2C carbides (BF TEM, extraction replica) 
 
 
Figure 8.19. X-Ray diffraction spectrum from P22 extracted precipitates 
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X-ray diffraction has been used to analyse precipitation extracted from 2.25Cr-1Mo alloys 
[221, 264]. Quantitative analysis carried out by Mitchell and Ball [264] was used to great 
effect showing M23C6, M7C3 and M2C as the dominant phases in parent plate after relatively 
short service exposures. In contrast, weld material, after similar exposures, was found to 
contain in the main part M7C3 carbides. The difference in precipitate populations that was 
observed between the two materials was concluded to be the result of the differing volume 
fractions of ferritic and bainitic material. M2C carbides were confined to pro-eutectoid 
ferrite, this phase was not detected in the weld and a corresponding absence of M2C was 
observed. Long term service exposure saw an increase in M6C precipitation which came to 
dominate both materials.  
The maximum scattering intensity for the M6C phase corresponds to scattering from the 
{511} and {333} planes. When using CuKα radiation (λ=1.5406Å) and using a lattice 
constant for Fe2Mo4C (A2B4C) of 11.26Å, as reported by Kuo [265], 
 
  
       peak 
intensity for the       planes would appear at         . This peak was absent from 
spectra although the presence of the phase had been confirmed by TEM carried out on 
extraction replicas representing the same material. This was most probably due to the small 
volume fraction of the precipitate in the samples which was beyond the detection limits of 
the equipment under the parameters used. Improvements in the technique could be made by 
extracting larger quantities of carbides and optimising the defractometer settings. The 
technique is not capable of giving information regarding the spatial distribution of 
precipitates relative to the microstructure. Providing the samples are statistically 
representative, the technique could be used to determine relative volume fractions of 
carbides. 
8.4 Precipitation in P22/P91 Dissimilar Metal Welds 
TEM studies of carbon extraction replicas representing precipitation at the P22 and 
P91transition interface of post weld heat treated dissimilar metal welds showed clear 
evidence of the effects of decarburisation of the P22 alloy (fig. 8.20). The volume fraction of 
precipitation in P22 alloy adjacent to the fusion line was diminished when compared to the 
levels of precipitation observed in weld material some distance from the join line. A 
corresponding increase in volume fraction of precipitation was observed in the carburised 
P91 HAZ.  
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Figure 8.20. P22/P91 fusion line (extraction replica, 2 hours PWHT at 730°C) 
Precipitates following morphological trends and chemical compositions similar to carbides 
identified in P22 and P91 alloy are shown in figure 8.21. This group of particles were 
imaged on a carbon extraction replica in the interface region of the weld. The rod shaped 
M23C6 are typical of those observed on inter-lath boundaries in both P22 and P91 alloys after 
tempering treatments. However, the composition of these rod shaped carbides was similar to 
that of precipitates in the P91 CGHAZ although these were clearly located in areas of the 
extraction replica which also contained weld inclusions.  
Precipitation of M7C3 was confirmed in weld material within close proximity to the fusion 
line (fig. 8.21). These carbides did not show the faceted morphology as was common to the 
inter-lath M23C6. Differentiation between the two carbides based on chemical analysis was 
not possible in this region of the specimen (Table 9.6). Streaking observed in the diffraction 
patterns generated by M7C3 is reportedly due to the high density of stacking faults which are 
common in M7C3 precipitation [266-269]. This characteristic trait can be used to identify the 
phase, however, on specific zone axes streaking may not be present and errors can be 
expected in precipitate identification when relying on this technique alone.  
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Figure 8.21. Isolated cluster of precipitates in the intermixed region of the weld interface (2 
hours PWHT, 730°C) 
Precipitation of the MX phase was also confirmed within the small clusters of interface 
particles (fig. 8.21). The particles analysed had V:Nb ratios of approximately 1.7:1 but also 
contained Si, Cr and Mo in concentrations greater than 5wt% (of the metallic component). 
Positively identified MX precipitates had a faceted morphology and were measured within 
the size range of 20 to 40nm. A further dispersion of spherical particles were also witnessed 
which remained unidentified but were most probably MX precipitates; these particles were 
numerous and were within the size range of 10 to 30nm. 
Analysis of recrystallised P22 weld metal was carried out on thin foil specimens, which had 
been prepared from material sectioned in a plane parallel to the weld interface (axial aspect). 
The specimens comprised almost entirely of large recrystallised ferrite grains which were 
relatively free of precipitation and dislocations. Some regions showed grain boundaries 
separating the large ferrite grains from tempered bainitic structured alloy which displayed a 
polygonized lath microstructure. Precipitation populations, in regions which had retained the 
bainitic microstructure, were less prolific than areas of the weld away from the fusion line; 
this material was also in an advanced state of recovery.  Some precipitates in the size range 
of 50 to 200nm were observed along the boundary separating the recrystallised and bainitic 
grains. Direct evidence of the pinning effect of these precipitates on migrating 
recrystallisation fronts was observed (fig. 8.22).  
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The apparent volume fraction of precipitation in the recrystallised and bainitic materials was 
lower than observed in non-carbon depleted parts of the weld. Precipitation identified in 
bainitic and recrystallised metal, by a combination of electron diffraction and chemical 
analysis, was in the main molybdenum M6C; chromium carbides M23C6 were also present 
but to a lesser extent (figs. 8.22 and 8.23). Isolated M7C3 precipitates, which displayed 
characteristic streaking in diffraction patterns, faulted crystal structures in HRTEM images 
and enhanced chromium levels above that of the alloy were also identified.  
 
Figure 8.22. Recrystallisation front in P22 carbon depleted material, precipitation consisted 
on isolated M23C6 (SAD inset) and Mo rich M6C (8 hours PHWT at 730°C) 
 
Figure 8.23. BF TEM image a, of a M23C6 carbide in a ferrite matrix recorded from the 
perforation edge of a P22 DCZ thin foil, b,  lattice image of a (8 hours PHWT at 730°C) 
a b 
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Prior austenite grain boundaries were decorated with M23C6 and M6C carbides (fig. 8.24). 
The size and distribution of these larger carbides were typical of PAGB carbides which were 
present throughout all regions of the weld. Backscattered scanning electron images revealed 
distributions of M6C in carbon depleted, recrystallised and neighbouring un-recrystallised 
material. The Mo rich carbides were observed almost exclusively on PAGB in the bainitic 
material; hence, it was assumed that their distribution in recrystallised material represents 
the locations of pre-existing PAGB. 
 
Figure 8.24. P22 thin foil recrystallised and tempered bainitic material separated by a prior 
austenite grain boundary with resident Mo and Cr carbides (8 hours PHWT at 730°C)] 
8.5 P23/P91 Dissimilar Metal Weld Precipitation  
Analysis of precipitation in P23/P91 welds in as welded and PWHT condition was 
performed on bulk specimens in the SEM and thin foils were examined in the TEM; carbon 
extraction replicas were investigated in both TEM and SEM microscopes.  
8.5.1 P23/P91 Precipitation - As Received 
Carbon extraction replicas, analysed in the FESEM, revealed precipitates, which were rich in 
Fe and Cr, located on features which represented the locations of grain boundaries in weld 
material (fig. 8.25). Convergent beam and selected area electron diffraction carried out on 
coarse GB precipitation, in the TEM, allowed a number of these precipitates to be identified 
as orthorhombic M3C carbides (fig. 8.26).  
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Figure 8.25. As received P23 WM 250μm from the fusion line (SEI, extraction replica) 
 
 
Figure 8.26. Grain boundary M3C carbides approximately 100μm from the fusion interface 
with SAD patterns inset  
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Figure 8.27 a, MX precipitation extracted from as welded P23 alloy and b, EDS spectra 
corresponding to the [011] ZA precipitate in a (Cu is from the support grid) 
There was no evidence of the precipitation of acicular intra-lath M3C precipitates, which are 
typical of lower bainite and tempered martensite, in the regions replicated. High resolution 
images revealed a distribution of MX precipitates in the size range of 10 to 40 nm. These 
relatively fine precipitates coexisted alongside carbides and were located, almost 
exclusively, on grain boundaries (fig. 8.27). Chemical analysis showed these MX particles 
were composed of vanadium and niobium but also showed considerable concentrations of 
silicon. Tamura and his co-workers [110] have also reported that silicon was detected in a 
similar MX phase. 
Contrast due to lattice strain surrounding dislocations and interference moiré fringe patterns 
formed as the result of oxidation of specimen surfaces made imaging of fine precipitation 
difficult (see Appendix 1). The presence of MX particles in as welded P23 alloy was 
confirmed by analysis of carbon extraction replicas. However, no intra-granular MX 
precipitates were directly imaged in thin foil specimens; but electron diffraction patterns 
indicated they were present. Weak secondary patterns, conforming to those predicted for the 
phase, were observed in SAD patterns generated from bulk weld material (fig. 8.28). The 
solution to the selected area diffraction pattern also indicated a possible orientation 
relationship existing between MX precipitation and the ferritic matrix; where: 
                 and                  
However, this does not conform to the Baker and Nutting crystallographic orientation 
relationship which is predicted between the steel matrix and MX precipitation [56, 94, 117]. 
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Figure 8.28. TEM BF image of as received P23 (thin foil) with SAD pattern confirming MX 
precipitation in the ferritic matrix (simulated diffraction pattern describing the OR) 
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8.5.2 P23/P91 Precipitation - 2 Hour PWHT 
Post weld heat treatments of 2 hours at 730°C resulted in the dissolution of M3C carbides 
and the precipitation of M7C3 and M23C6 carbides on grain boundaries in P23 alloy.  
 
Figure 8.29. P23/P91 interface 2 hour post weld heat treated at 730°C (Vilella’s SEI) 
  
Figure 8.30. TEM BF image of a, precipitation at the P23/P91 interface and b, P23 weld 
metal 300μm from the fusion line (extraction replica) 
The transition weld interface displayed a distinct difference in levels of precipitation in the 
P23 weld metal and P91 pipe alloy (fig. 8.29). Carbon extraction replication of the weld 
interface revealed a region corresponding to weld metal adjacent to the fusion line where 
practically no large precipitates were observed (fig. 8.30a). On the same replica, the region 
which corresponds to the P91 HAZ displayed a high density of precipitation.  Indications 
were, from the same sample, that weld metal located 300μm from the weld interface was 
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more densely populated (fig. 8.30b). Weld inclusions were also present throughout the weld 
alloy.  
The fraction of grain boundary length which was occupied by precipitation is presented as a 
function of distance from the DMW interface (fig. 8.31). Measurements were made of GB 
precipitation in secondary electron images of bulk weld specimens which had been etched 
using Vilella’s reagent. Images were recorded at 4000, 10000 and 50000 times 
magnifications at incremental distances from the fusion line. The vertical error bars 
represent the maximum and minimum boundary fractions which were occupied per grain 
measured in the corresponding region.  Horizontal error bars represent the width of the 
image recorded at the lower magnification setting. Figure 8.32 plots the average length of 
precipitates (which approximates to precipitate size) measured parallel to the grain boundary 
on which they were situated. Error bars show the standard deviation about the mean length.  
 
Figure 8.31. Fraction of grain boundary length occupied by precipitation as a function of 
distance from the fusion interface 
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Figure  8.32. Average size of grain boundary precipitates as a functuion of distance from 
the weld interface 
The data presented in figures 8.31 and 8.32 is indicative of the levels of precipitation as a 
function of distance from the fusion line. It represents the degree to which carbon depletion 
has affected precipitation populations on grain boundaries only. However, resolvable 
intragranular precipitation was extremely sparse in specimens, even when viewed at 50000 
times magnification. Similarly, extraction replicas representing the same regions displayed 
few large precipitates elsewhere, other than on sub-grain and prior austenite grain 
boundaries. Levels of precipitation on lath and subgrain boundaries, in the carbon depleted 
region of the weld alloy, was extremely low when compared to precipitation populations in 
the P91 CZ (fig. 8.29).  
Images recorded using backscattered electrons in the SEM showed a number of bright 
particles displaying high Z contrast. Subsequent chemical analysis of the particles revealed 
chromium and tungsten concentrations far in excess of the alloy composition. Similar 
precipitates were identified in the TEM, by electron diffraction, as M23C6 carbides. 
Differentiation between tungsten containing M23C6 and tungsten rich M6C, which have been 
identified in P23 after 8 hours PWHT, can be made; as M6C does not readily dissolve Cr. 
Differentiation in BS images as a result of z-contrast is more difficult as both show a high 
degree of contrast to the matrix and EDS analysis is required to determine Cr levels. 
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Thin foil specimens were prepared from sections close to the dissimilar metal weld interface. 
Electron transparent P23 weld alloy approximately 200μm from the fusion line was 
examined (fig. 8.33). The microstructure, of the region analysed, consisted of tempered 
ferritic laths with significant fractions of lath and grain boundaries being occupied by Cr rich 
precipitation. Although within 200μm of the weld line, at which distance extensive 
decarburisation has been shown in other specimens, this region of material was populated by 
numerous large precipitates. These large grain boundary carbides were identified as a 
mixture of both the M7C3 and M23C6 phases. It was likely that the high degree of 
precipitation witnessed in material was due to poor intermixing as EDS analysis revealed 4.9 
wt% Cr in precipitate free regions of the matrix. 
 
Figure 8.33. Bright field thin foil TEM micrograph P23 weld material within 200μm of the 
fusion line fine lath boundary precipitation showing an enhanced vanadium signal are 
indicated by unlabled arrows, M23C6 and M7C3 carbides were also identified 
Grain and lath boundaries also displayed a dispersion of sub-30nm precipitates. EDS 
analysis of regions containing a number of these particles revealed an enhanced vanadium 
signal. It was concluded that, as the Cr levels did not differ to those of the matrix, these fine 
grain boundary particles were most likely to be MX precipitates. Images recorded at 100,000 
times magnification showed little evidence of intragranular or intralath precipitation of the 
MX phase (fig. 8.33).  
Thin foil specimens prepared from bulk weld alloy exhibited the existence of ultra fine 
intragranular precipitation. These needle shaped particles displayed a preferred orientation of 
growth in the ferritic matrix (fig. 8.34) and averaged only 6nm in length and only 1nm, or 
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so, in width. No compositional data has been generated from this phase and no intensity 
representing a second phase was observed in any of the SAD patterns recorded. However, 
the precipitates are of a similar morphology to vanadium nitride MX dispersions that have 
been presented in works by Klueh [156] and Miyata [117]. There was no evidence of these 
ultra fine precipitates observed on carbon extraction replicas or in 8 hour post weld heat 
treated specimens. 
 
Figure 8.34.Bright field thin foil micrograph revealing a dispersion of ultra-fine needle 
precipitates, some of which are indicated by arrows, in 2 hour PWHT P23 weld alloy 
8.5. 3 P23/P91 Precipitation - 8 hour PWHT 
TEM images of carbon extraction replicas lifted from an 8 hour PWHT P23/P91 weld 
interface revealed extensive decarburisation of P23 alloy (fig. 8.35). Large precipitates were 
almost completely absent from weld metal within 375μm of the fusion line. Images recorded 
at a distance of 0.5mm from the weld line showed a marked increase in the precipitate 
population. There was no discernible difference in carbide populations observed in images 
recorded at distances ≥ 0.5mm from the weld line. 
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Figure 8.35. BF TEM micrograph series showing the effects of carbon redistribution on 
precipitate populations in P23 weld metal adjacent to the fusion line (8 hours PWHT) 
Fusion line material contained M23C6 carbides which were similar in composition to those 
analysed in the P91 HAZ. These M23C6 carbides were present in an area that was populated 
by weld inclusions but displayed only negligible concentrations of tungsten. At a distance of 
approximately 5-10 µm from the interface, small clusters of tungsten rich M6C and 
chromium rich M23C6 carbides were observed (fig. 8.36). Similar clusters containing M6C 
carbides were detected in FESEM studies. Showing high contrast to the surrounding matrix 
in backscattered electron SEM images, numerous M6C were situated on prior austenite grain 
boundaries in carbon depleted material and the clusters appeared to be positioned at 
boundary triple points close to the weld interface. 
The M23C6 carbides, found in these clusters, again displayed compositions similar to M23C6 
in P91 alloy. Unlike examples of M23C6 in other regions of P23 WM, these carbides, which 
were clearly surrounded by carbon depleted material, contained molybdenum but did not 
reveal detectable levels of tungsten. 
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Figure 8.36. Cluster of isolated precipitates observed within 10μm of the fusion line [SAD 
inset], the composition of M23C6 carbides in this region was similar to CGHAZ M23C6 
In areas of extraction replicas, which represented carbon depleted material, approximately 
125μm from the weld line, MX precipitates were observed in coexistence with larger M6C 
carbides (fig. 8.37). The MX precipitates examined, which were predominantly located 
along features assumed to correspond to grain boundaries, were analysed for chemical 
composition. The metallic components, of these fine particles, consistently displayed a 
composition dominated by vanadium with niobium also present and small amounts of iron 
detected. An EDS spectrum typical of that recorded from MX precipitation in the region is 
presented (fig. 8.37).  
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Figure 8.37. a, M6C, vanadium rich MX and weld inclusions populating regions 125μm 
from the fusion interface (extraction replica), b, EDS spectrum from MX precipitate 
Diffraction patterns were generated from a M23C6 carbide (fig. 8.38) located in the same 
region as the tungsten M6C. Diffraction patterns were recorded first on the       zone axis 
and subsequently, after rotating the crystal 11.4° towards the       direction in the       
plane, onto the       zone axis. Thus the identification of this phase was unambiguous and 
the corresponding composition of this particular particle defined. Unexpectedly, this 
particular carbide did not contain detectable concentrations of tungsten even though it was 
approximately 125μm from the fusion line and surrounded by M6C carbides, which were 
rich in W. The chemical compositions of M6C carbides, analysed in the carbon depleted 
region, showed little variance. The metallic component (wt%) ratio of these precipitates was 
8:2 tungsten:(MoFe) with small amounts of Cr and V also detected. Chromium rich M23C6 
were positively identified by selected area diffraction, the composition of these particles was 
similar to that of fusion interface M23C6.  
There were no M7C3 carbides identified on carbon extraction replicas representing carbon 
depleted material within 200μm of the fusion line. They were identified by electron 
diffraction at greater distances from the fusion line and their composition was not as variable 
as that of the M23C6 carbides. Characteristic streaking observed in the diffraction patterns is 
due to electron diffraction from stacking faults which are common in M7C3 precipitation 
[266-269]. Although the Cr:Fe ratio of the carbide overlaps with that of some variants of the 
M23C6 phase, the two phases can be differentiated by the apparent absence of tungsten from 
the orthorhombic phase. 
 
a b 
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Figure 8.38. a, SAD pattern pair from a M23C6 carbide 125μm into the weld, b,  EDS 
showing the absence of tungsten in this particular carbide 
Chromium rich carbides were analysed in carbon depleted regions approximately 250μm 
from the weld interface. Again, M23C6 was unambiguously identified (fig. 8.39); by keeping 
the       and          diffraction spots strong whilst tilting the crystal 22.4°C in the plane, it 
was possible to record both the        and         zone axes patterns (fig. 8.39). Chemical 
analysis of this particle revealed a very different composition to that recorded from particles 
which were examined in regions at the interface and 125μm into the DCZ. Molybdenum was 
only apparent in extremely low concentrations and tungsten showed solubility levels of 
approximately 19wt% of the metallic component in the carbide. 
 
             
Figure 8.39. a, Selected area diffraction patterns from a M23C6 precipitate in P23 weld 
metal 250μm from the fusion line, b, corresponding EDS  
A stereographic projection illustrating the rotation paths used and the proximity of zone axis 
pattern pairs is presented (fig. 8.40). The zone axes poles are indicated by solid square 
markers, red and green colours are assigned and correspond to figures 8.38 and 8.39 
a b 
a b 
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respectively. Traces normal to the zone axes are plotted and the poles of diffracting planes 
are plotted on the traces according to each diffraction pattern.  
  
Figure 8.40. Stereographic projection illustrating rotation paths used for zone axis patterns 
shown in figures 8.38 and 8.39 
8.5.4 Debye-Scherrer Diffraction P23 
Selected area diffraction studies of carbon extraction replicas which represented 
precipitation in transition joints between P23 weld and P91 pipe alloys were performed. A 
low magnification TEM micrograph showing part of the weld interface region examined is 
presented in figure 8.41a. Diffraction patterns were generated from different regions of 
extraction replicas which represented precipitation in weld metal at increasing distances 
from the fusion line. In heavily decarburised material, diffraction corresponding to 
intragranular regions produced patterns that were almost completely devoid of diffracted 
intensities. Using the same aperture to select grain boundary material (fig. 8.41c) in a similar 
region produced diffraction rings consistent with MX precipitation (fig. 8.41b). Diffraction 
patterns were formed using an aperture of approximately 8μm diameter from areas 
containing subgrain boundaries and intragranular material in both bulk weld and 
decarburised material. Due to contributions to diffraction intensities from phases other than 
MX precipitation, patterns formed in the DCZ and BWM were not directly comparable. 
However, to a first approximation, there appeared to be little difference between MX 
distributions in carbon depleted and bulk weld material.  
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Figure 8.41. a, P23/P91 interface, b, SAD ring pattern consistent with MX precipitation on 
GB in DCZ and c, grain boundary MX precipitation corresponding to b (extraction replica) 
It was observed that intragranular precipitation of MX particles was not nearly as populous 
in P23 DCZ material as was seen in similar regions of welds made using P24 alloy. 
Differentiation between grain boundary precipitate densities could not be made between the 
two alloys. 
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8.5.5 SUMMARY: 
Precipitation in P23 Weld Metal  
The secondary phases positively identified in P23 weld metal specimens consisted of MX, 
M3C, M7C3, M23C6 and M6C. The preferred nucleation sites, size and number distributions of 
these carbides and carbonitrides varied with time at temperature. A variation in distributions 
was also observed in different locations with respect to distance from the fusion line. As 
received weld metal displayed grain boundary precipitation of M3C carbides and some fine 
MX precipitates were also observed. Little evidence of intragranular acicular M3C 
precipitation was observed in as received P23 weld alloy.  
Precipitate type and distributions displayed significant variations from region to region in as 
received specimens. There was some evidence that the tempering effect due to the thermal 
input from overlaid weld runs influenced precipitation in weld material, and this was clearly 
the case in the P91 HAZ. The weld procedures used to produce the specimens meant that all 
but the final pass would have experienced a degree of tempering due to subsequent weld 
passes.  The effect on existing weld metal by subsequent overlaid weld runs has not been 
investigated in this work, but it was noted in P22 welds that regions adjacent to overlaid 
beads had recrystallised. No such recrystallisation was observed in the P23 or P24 weld 
alloys. This is probably the result of the microstructure stabilisation effects of the MX 
precipitates which have been observed in P23 alloys. 
The application of post weld heat treatment resulted in the formation of a carbon depleted 
zone containing very few chromium based carbides. The width of the carbon depleted zone 
was not constant along the weld interface. The fraction of grain boundary that was occupied 
by precipitation, in PWHT specimens, increased with distance from the fusion line. 
Although quantitative computation of precipitate volume fractions was not determined, the 
results indicate an increase in precipitation populations with distance from the weld 
interface.  
Selected area diffraction studies which generated Debye-Scherrer ring patterns revealed 
intragranular regions to be almost totally devoid of MX precipitation. Precipitation of the 
MX phase was confirmed but its nucleation and growth was concentrated on subgrain 
boundaries and prior austenite grain boundaries. 
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8.6 P24/P91 Dissimilar Metal Weld Precipitation 
8.6.1 P24/P91 Precipitation - As Received 
SEM characterisation of bulk weld interface specimens revealed a predominantly acicular 
microstructure (fig. 8.42). The results of XRD examination of as welded bulk specimens 
indicated the matrix was ferritic, there was no evidence that austenite had been retained; this 
was confirmed by electron diffraction studies of thin foil specimens.  
Precipitation observed at 22000 times magnification, or less, consisted of fine needle shaped 
intra-lath and coarser grain boundary carbides (fig.8.42). Interlath precipitation which was 
confirmed as M3C took a form similar to that observed in lower bainitic P22 alloy as 
presented by Hippsley [40]. Not all regions of weld metal displayed intergranular 
precipitation; material was also observed where only trans-granular precipitation was 
identified.  
 
Figure 8.42. a, As received P24 weld metal, b, intra-lath M3C carbides (SEI, Vilella’s etch) 
Examination of carbon extraction replication films, which represented precipitation 
distributions adjacent to the weld interface, was carried out in both the SEM and TEM. 
Needle shaped intra-granular carbides were identified as M3C by analysis of corresponding 
electron diffraction patterns (fig. 8.43). Similarly, coarse grain boundary precipitation was 
also identified as the M3C phase. Lenticular cementite crystals were observed in thin foil 
TEM specimens of as received P24 weld metal. Selected area diffraction patterns, recorded 
on      
 
 on        zones, displayed secondary diffraction patterns consistent with the 
     
     
 and           zone axes respectively (figs. 8.44 a and c). The symmetry of the 
diffracted intensities about the 000 reflection indicated they were not exactly aligned with 
the cementite zone axes. 
a b 
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Dark field images were recorded by aligning the      
    
 reflection with the optical axis 
and aligning an objective aperture to select both the      
    
 and      
    
 reflections 
(fig. 8.44b). Within each DF image recorded, using cementite reflections, numerous particles 
could be observed to light up within similarly oriented laths. Carbides displaying a single 
variant of preferred orientation of growth were observed within each lath; this is typical of 
lower bainite. The cementite habit plane was close to the        as reported by Thomas and 
Goringe [219]. 
Stereographic analysis of data aquired from electron diffraction patterns revealed an 
orientation relationship between the cementite crystals and ferritic matrix. The orientation 
between intra-lath cementite and the lower bainite matrix conformed to the Bagaryatski OR 
as proposed by Shackleton and Kelly [91]. Acicular M3C precipitation appeared to be finer 
in P24 material than in the adjacent P91 HAZ. Sizes ranged from 40 to 175 nm and 60 to 
210nm in length for carbides analysed in P24 and P91 alloys respectively. 
 
Figure 8.43. Acicular M3C precipitation in as received P24 weld metal (extraction replica) 
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Figure 8.44 a, ZAP indicating Fe3C//α OR, b, corresponding DF image of acicular M3C 
precipitation (formed using the      
    
 and      
    
 reflections), c,      
 
       
    
 
SAD pattern and d, stereographic representation of the OR according to diffraction patterns 
Extraction replication of as welded P24 alloy revealed a dispersion of extremely fine 
precipitates. Chemical analysis by EDS revealed the presence of vanadium and niobium, 
indicating they were MX precipitates. Direct measurement of lattice spacings and inter-plane 
angles from HRTEM images were consistent with the MX phase (fig.8.45a). The mean 
particle size of positively identified MX precipitates was approximately 4.7nm. Also 
confirmed by chemical analysis was the presence of silicon, chromium and iron. Many of 
the particles were observed in P24 weld material adjacent to the weld line (fig. 8.45) and 
their existence was also corroborated in bulk weld material.  
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Figure 8.45 a, HRTEM image of a 5nm MX particle on a 011 zone axis and b, spherical 
intragranular MX precipitation (extraction replica within 50μm of the P24/P91 interface) 
 
8.6.2 P24/P91 Precipitation - 2 hour PWHT 
Subsequent to 2 hours post weld heat treatment at 730°C, SEM analysis of the dissimilar 
metal transition joint interface was carried out. Images of P24 weld alloy showed evidence 
that a carbon depleted region of material, next to the dissimilar metal fusion line, had formed 
(fig. 8.46). At a distance of 20μm from the weld interface, grain boundary precipitation was 
extremely sparse when compared to regions of bulk weld metal.  
 
Figure 8.46. 2 hour post weld heat treated P24/P91 fusion interface (SEI Vilella’s reagent) 
a b 
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In areas of weld material, approximately 100μm from the DMW interface, intragranular 
material was devoid of large precipitates; however, a dispersion of very small particles could 
be seen. Grain boundaries, in the same region, were decorated with coarser carbides but their 
number density was not as great as in the bulk weld material. 
FEGSEM images of etched samples recorded at high magnifications (>X50k) revealed a 
dispersion of sub-30 nm precipitation throughout intragranular material (fig. 8.47). The fine 
particles, which were similar to those positively identified as MX precipitates in the TEM, 
were observed in weld alloy in regions that were depleted of other larger carbides.  
 
Figure 8.47. FEGSEM secondary electron image of coarse grain boundary and fine 
intragranular precipitation (P24 weld metal 350μm from the fusion line, Vilella’s reagent) 
Measurements confirmed that grain boundary precipitation increased with distance from the 
fusion line, up to, and including, 1mm. Quantification of the fraction of grain boundary 
length occupied by precipitates was performed under identical conditions to those used to 
determine the extent of GB precipitation in P23 alloy. A general increase in the fraction of 
boundary occupied by precipitates larger than 50μm was observed with increasing distance 
from the fusion line (fig. 8.48). Precipitates were measured within the size range of 50 to 
470nm their average size as a function of distance from the DMW fusion line is presented in 
figure 8.49. 
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Figure 8.48. Fraction of grain boundary length occupied by precipitation as a function of 
distance from the fusion interface 
 
Figure 8.49. Measured grain boundary particle sizes in P24 weld alloy as a function of 
distance from the fusion line (error bars show standard deviation)  
Analysis of thin foil specimens prepared from P24 weld metal revealed fine spherical 
precipitation dispersed throughout the material. These particles, which have been identified 
as the MX phase, were observed both on lath boundaries and within the laths themselves. 
Sub 30nm particles were often distributed along dislocations, all of which were assumed to 
be the MX phase; they had an average diameter of approximately 6.7nm (fig. 8.50). 
Thin foil specimens displaying regions of carbon depleted weld metal were examined; 
spherical precipitates, which were assumed to be MX carbonitrides, were observed. The 
distribution of sub 30nm particles appeared of a similar size and number density to the MX 
precipitation seen in non-decarburised material.  Many of the particles were distributed 
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along dislocations as was the case in bulk weld material. Measurements of fine spherical 
precipitates in foil specimens sectioned from carbon depleted alloy displayed an average 
diameter of approximately 7.9nm (fig. 8.51), although fewer particles were measured in the 
carbon depleted specimens than were measured in samples of the bulk weld alloy.  
 
Figure 8.50. BF thin foil TEM 2 hour PWHT P24 weld alloy (BWM) 
 
Figure 8.51. BF TEM micrograph of fine spherical MX type precipitates in carbon depleted 
P24 weld metal within 150μm of the fusion line (thin foil) 
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Figure 8.52.Size distribution histograms of MX precipitates in weld alloy and carbon 
depleted weld material 
The weld alloy consisted of a polygonized lath microstructure. Chromium rich M7C3 rod 
shaped precipitates 100 to 500nm in length were observed in thin foil specimens and on 
carbon extraction replicas. They were located on interlath boundaries and generated streaked 
diffraction patterns which are typical of the phase. The size distributions of sub-30nm 
particles, measured in both carbon depleted and bulk weld material, are presented (fig. 8.52).  
A series of diffraction patterns were recorded from the M7C3 carbide shown in figure 8.53a; 
this carbide had been extracted from 2 hour PWHT P24 alloy. Six patterns were generated 
from different zone axes (fig. 8.53 c-h); all of which contained characteristic streaking. The 
stereographic analysis presented in figure 8.53b plots the poles of the [UVW] beam 
directions and the traces of corresponding planes.  
For some special cases, zone axis patterns recorded from other M7C3 carbides were free from 
streaking; this was the case for diffraction patterns recorded on the [001] ZA (fig. 8.54). This 
indicated the fault planes lay parallel to the beam direction; which is consistent with the 
findings of Dudzinski et al. [270]. They reported three different but equivalent fault plane 
systems which corresponded to the                          planes, employing 
hexagonal notation. The equivalent planes, according to the orthorhombic system, are listed: 
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                                                            (020)orth = (01 0)hex 
                                                            (1 0)orth = (1 00)hex 
Hence, when the [001], [UVW] beam direction is perpendicular to the fault planes there is 
no related diffraction intensity caused by the faults. 
 
 
 
Figure 8.53. a, HRTEM lattice image of an M7C3 carbide (beam direction [111]), b, 001 
oriented stereographic projection showing the zone axes poles and their traces for the SAD 
tilt series (images c-h) the poles of  diffracting planes, the reflections of which were parallel 
to the direction of streaking,  are also plotted (CER P24 2 hour PWHT) 
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Figure 8.54. M7C3 ZAP, beam direction [001] 
Streaking in the diffraction patterns is caused by the diffraction of electrons by the high 
density of stacking faults and anti-phase boundaries which are present in the carbide [139, 
270-272]. The faulted crystals can be considered as comprising two or more aligned crystals 
interrupted by a planar defect which disrupts the crystal periodicity. The stacking faults 
result in rel-rods perpendicular to the fault plane, these are, in addition to those normal to the 
sample surface. Multiple scattering events result in satellite reflections in close proximity to 
true reflections. The diffracted intensity, which forms the streaks, is the result of the Ewald 
sphere cutting these rel-rods which are normal to the fault planes. The position of the 
satellite spots, or streaks, in relation to the true reflections, hold information regarding the 
nature of the faults [127].  
The streaks, in the ZAPs presented, were consistently aligned parallel to  h    directions  
indicating that the rel-rods, which can be considered as fault plane normals, all lay parallel to 
the {001} plane. The appearance of the diffraction, caused by the stacking faults, differed 
depending on the orientation of the ZAP. Some patterns contained almost continuous streaks 
between       reflections, whereas, other orientations displayed distinct periodicity of 
diffracted intensity within the streaks. The periodic intensities indicated there was some 
ordering or preferential periodicity of the faults [273]. The separation of the spots is 
inversely related to the separation of the faults, or their repeat periodicity [127]. The points 
of high intensity within the streaks appear to be true reflections but could not be indexed 
using either the orthorhombic or hexagonal M7C3 conventions.  
The satellite reflections within the streaks have been analysed by Kowalski[273]. It was 
reported that a number of polytypes of the M7C3 carbide exist. The base orthorhombic unit 
cell has lattice parameters comparable to those provided in table 4.1 (p.34). The basic layer, 
upon which the polytypes are built, is composed of columns of triads, each triad contains 
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three trigonal prisms which are formed by six metal atoms at the corners with a carbon atom 
located at the centre. The columns of triads are arranged alternately pointing upwards and 
downwards. The ordered stacking of these basic layers results in the orthorhombic structure, 
as proposed by Fruchart & Rouault[138]; but, it is often found that the stacking is 
disordered. A random stacking sequence, in which there are breaks in the alternate 
orientation of the triads, results in the streaking in diffraction patterns of a constant intensity. 
However, ordered stacking of blocks, which consist of multiple like oriented layers before 
the pattern is disrupted by a further block of the same number of layers, results in a super-
lattice based on the original base layer. Kowalski reports the existence of 11 different 
polytypes of M7C3 carbides with blocks formed by as many as eight layers. 
The reflections spaced at        in the [110] zone axis diffraction pattern (fig. 8.53g) 
indicate a preferred stacking, consisting of blocks made up of two layers, exists. This was 
the most common stacking sequence found in Kowalski’s work. However, reflections at 
locations 1/3
rd
 and 2/3
rd
 of g200 are not consistent with simulated patterns generated from 
such a structure. Further work is required to define the polytypes of M7C3 carbides which 
form in Cr-Mo alloys. 
8.6.3 P24/P91 Precipitation - 8 Hour PWHT 
Electron diffraction studies, carried out on extraction replicas that represented weld material 
unaffected by carbon redistribution, confirmed the existence of several species of carbides. 
Molybdenum rich M6C precipitates were identified; their morphology was often elongated 
along grain boundaries coming to sharp points at either end. M7C3 interlath boundary 
carbides were present along with globular grain boundary M23C6.  
Selected area electron diffraction patterns, which were used to identify the larger 
precipitates, often contained ring patterns consistent with MX precipitation (fig. 8.55). 
Vanadium niobium MX precipitates were identified on grain boundaries; these particles 
were coarse in comparison to intra granular MX precipitation. Chemical analysis of MX 
particles revealed a wide range of compositions; mass ratios of V:Nb ranged between 1:1 to 
4:1, Cr, Mo and Fe were also often detected.  
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Figure 8.55 Precipitation in bulk weld alloy and a, b and c electron diffraction patterns 
confirming the presence of M6C, M23C6 and MX precipitation (extraction replica) 
Extraction replicas revealed the effects of carbon depletion in weld metal adjacent to the 
fusion line. Large precipitates were largely absent, in these areas of the specimen, apart from 
solitary cases. At low magnification (< X10k) only weld inclusions and grain boundaries 
were visible in TEM images (fig. 8.56). At greater magnifications, images revealed a 
distribution of fine precipitates both on lath boundaries and within the laths themselves (fig. 
8.57). All sub-30nm intralath particles that were analysed, in the carbon depleted region, 
were identified as the MX phase.  
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Figure 8.56. Dissimilar metal weld interface P24/P91 after 8 hours tempering at 730°C 
 
Figure 8.57. DF image of a large M7C3 carbide (diff. inset) in the carbon denuded weld 
zone, all of the surrounding fine particles that were analysed were identified as MX 
precipitates using CBED and EDS (image formed using the M7C3 [330] spot on the optical 
axis, extraction replica) 
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High resolution FEGSEM images recorded from different regions of the weld alloy 
confirmed a dispersion of sub-30nm precipitates. Number densities were similar in weld 
metal at distances of 20, 100 and 300μm from the weld interface (figs. 8.58 and 8.59). MX 
precipitate dimensions were measured from images of carbon extraction replicas and thin 
foils; the size distribution of intragranular MX precipitation is presented in figure 8.60. 
  
Figure 8.58 a, High resolution FEGSEM SEI of sub-30nm precipitation close to the fusion 
line, b, HRTEM lattice image of a MX precipitate in the DCZ (FFT inset) 
     
Figure 8.59. FEGSEM images of fine intragranular precipitation in P24 weld alloy, a, 
20μm, b, 100μm and c, 300μm from the weld line (Vilella’s reagent) 
 
Figure 8.60. Size distribution of intralath MX precipitates measured in the carbon depleted 
region of P24 weld metal 
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8.6.4 Debye-Scherrer Diffraction P24  
Selected area diffraction patterns were recorded from regions of carbon extraction replicas 
representing precipitate populations in the carbon depleted areas of the weld (fig. 8.61a). 
Patterns recorded from lath boundaries and intra-lath material, in the absence of large 
precipitates, displayed diffraction rings consistent with the MX phase (figs. 8.61b and c). 
Retention of MX precipitation, after 8 hours PWHT, was confirmed in all regions of the P24 
weld alloy that were examined. Of particular interest was their presence in the carbon 
depleted material adjacent to the fusion line in regions where all other precipitate phases 
were absent. 
Analysis of extraction replicas, using SAD, generated ring patterns typical of polycrystalline 
specimens.  Careful analysis of the Debye-Scherrer patterns revealed each diffraction ring 
existed over a range of scattering angles (fig. 8.61c). This distribution of diffracted intensity, 
within each ring, equates to a variation in the diffracting angle (2θ), which can indicate a 
variability in the corresponding lattice plane spacing (d(hkl)). Accurate measurements of the 
angular range of diffraction, within each ring, were used to calculate the variability of the 
lattice parameter. Some diffraction patterns, formed exclusively from MX precipitation, 
revealed a distinct bimodal distribution of diffraction intensity within each ring. Other 
patterns showed rings more diffuse in nature but interspersed with discreet diffraction spots.  
The width of the MX {200} diffraction ring, in a 200kV electron microscope, was measured, 
and the scattering angle was found to vary over the range between 11 and 12 mrads. 
Calculations showed these measurements equate to a variation in lattice parameter of MX 
precipitation between 4.2 and 4.5Å; this was consistent for many of the patterns measured.  
8.7 Debye-Scherrer Diffraction Studies  
The diffraction intensity profiles of ring patterns that were formed under kinematic 
scattering conditions in the TEM are analogous to diffraction spectra formed in XRD 
experiments. Many of the phenomena which affect peak widths in XRD also apply in the 
TEM. Concentric Debye diffraction rings in the TEM may vary in width similarly to peak 
broadening which is observed in XRD experiments. The diffuse scattering of electrons from 
a polycrystalline sample can have a number of different implications. Firstly a number of 
assumptions must be made, they include; that the energy spread of electrons, the source size 
and beam incoherencies did not contribute significantly to the variable distribution of 
diffracted intensity of the electron beam. And that the selected area aperture was accurately 
positioned in the back focal plane with the diffraction pattern optimally focused using the 
objective lens. During this work diffraction patterns formed from large crystals consisted of 
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very small, bright, well defined spots and assumptions have been made that deviations from 
this were characteristic of the specimen.  
Assuming that under the settings used, a fine well focused diffraction spot would be formed 
from a ‘perfect crystal’, it becomes possible to attribute the broadening of diffraction rings to 
one or more phenomena. In theory it should be possible to measure the effects of crystal 
imperfections by careful analysis of diffraction profiles, in practice, separation of the 
contributory factors is difficult [274]. 
 
 
Figure 8.61.a, BF image of lath boundary and intra-lath MX precipitation in carbon 
depleted weld metal (extraction replica), b, MX SAD ring pattern from intralath area of a, c, 
diffraction ring widths a={111}, b={002} and c={220}  
a 
b c 
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8.8.1 Specimen Temperature 
Specimen temperature can affect the distribution of scattered intensity. This is related to the 
Debye-Waller temperature factor, where, an increase in the mean-square root of atomic 
vibrations (phonons), which increases with temperature, results in a change in shape of the 
diffraction peak. A redistribution of intensity from the peak maxima into the peak tails 
results in a broadening of the integral breadth of the diffraction peak but does not affect the 
FWHM. The integral breadth of a peak is defined as the ratio of peak area to the peak 
maxima [275]. Hence in the TEM it would be expected that the Debye-Waller factor results 
in a reduction in maximum intensity and a broadening of a diffracted line. Specimens 
examined during this work were not cooled in any way and the temperature effect on the 
nature of scattered radiation could not be accounted for. 
8.8.2 Crystallite size 
Crystallite size can be measured in a number of different ways. Often, size refers to the cube 
root of the volume of a crystal; where a range of sizes exist, the mean value can refer to 
either the cube root of the mean value of the volumes of the individual grains or the mean 
value of the cube roots of the individual crystal volumes. 
The effect of crystallite size on the peak broadening was first approached by Scherrer [276]. 
He showed that x-ray diffraction peak widths displayed an inverse relationship to the crystal 
size: 
      
  
      
 
(Equation 42) 
where B is the peak width at a given angle (2θ),   is the mean crystal diameter and λ is the 
radiation wavelength. The Scherrer constant K depends on the size distribution and shape of 
the diffracting particles. Typical values of K are 0.94 for full width half maximum (FWHM), 
spherical particles of cubic symmetry, this varies to 0.89 when calculating for integral 
breadth; in practice values between 0.62 and 2.08 are used [277]. In the case where electrons 
are diffracted in transmission, according to Barret [278], the scattering angle and particle 
shape do not affect peak broadening significantly and the Scherrer relationship simplifies to: 
  
 
 
 
(Equation 43) 
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where B is the line width in radians at half maximum intensity. This interprets to 
approximate line broadening in the order of 2.5mrads for a 200kV microscope in which a 
sample consists of 10nm diameter particles. This compares with the 11 to 12mrad line 
widths measured during the present study. It was concluded that the effects of crystallite size 
alone are not sufficient to account for the observations made experimentally.  
8.8.3 Lattice strain 
The effects of lattice strain on diffraction profiles are dependent on its nature. If internal 
stress results in a uniform strain within a crystal, the effects would manifest as a line shift 
corresponding to the uniform change in dhkl. However, if the strain was non-uniform, a range 
of diffraction peaks corresponding to the variable dhkl would be formed around the 
unstressed peak which would appear as line broadening in the TEM. 
8.8.4 Lattice parameter 
The radius of a diffraction ring (rhkl) generated by a family of planes, from polycrystalline 
samples, is related to the diffraction vector (ghkl) by the following expression: 
     
  
    
 
(Equation 44) 
where   is the camera length and   is the electron wavelength. 
The lattice parameter of the diffracting species, MX precipitation (FCC structure), can be 
determined: 
  
  
    
           
(Equation 45) 
The different lattice parameters measured from Debye-Scherrer ring patterns was most likely 
to be the result of non-uniform compositions of the phase; this has been confirmed by 
chemical analysis (fig. 9.1). However, figure 8.61c shows well defined discreet diffraction 
spots within each ring scattered at slightly different angles. In that case a bimodal 
distribution of diffraction intensity was apparent indicating the presence of two phases of the 
same crystal structure but having two well defined but differing lattice constants; this could 
be interpreted as two dominant preferred precipitate compositions.  
Furthermore, diffraction rings recorded from P24, screw end, creep specimen extraction 
replicas, displayed well defined rings with relatively little diffuse scatter. Once again, the 
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diffraction patterns confirmed the presence of MX precipitation with two distinct lattice 
parameters. This could indicate that composition of the MX phase was no longer variable 
and that the extended time at temperature had enabled the formation of two distinct MX 
phases, each of more uniform compositions. However, MX precipitates in these samples 
were far coarser than in PWHT specimens, hence diffuse scatter could be expected to have 
diminished.  
Based on Vegard’s law, the lattice parameter of a crystal in a binary system may vary 
depending on the concentration of the components A and B. If the components are 
completely miscible, the lattice parameter, at a constant temperature, will vary in some way 
between that of    and    which are the lattice parameters of A and B respectively. This 
predicts a linear relationship between the lattice parameter of the mixed alloy and the 
relative volume fractions of A and B in the alloy.  
                
(Equation 46) 
However, the relationship is rarely observed as deviations from linearity often exist. The 
added complication, in this work, is the considerable solubility of multiple elements in the 
MX phase and although the lattice parameters of NbC and VC are known, as is that of 
NbVC2, the relationship between more complex compositions are not documented. Attempts 
were made to determine, accurately, the lattice parameters of MX carbides, as a function of 
composition, by the HOLZ diffraction technique (appendix 2). However, the studies remain 
incomplete; hence are omitted from the main text. 
 
8.8 MX Precipitate Area Fractions and Inter-Particle Spacing 
Figures 8.62 and 8.63 show dispersions of sub 30nm precipitates typical of those observed in 
P23 and P24 weld alloys. Similar populations of particles were visible in high resolution 
FESEM images. The information, made available by both techniques, was combined in 
order to establish the distributions of MX precipitates in PWHT P23 and P24 alloys. Of key 
importance were their distributions in carbon depleted regions of the welds. 
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Figure 8.62. BF image of grain boundary MX precipitation (2 hour PWHT, P23 WM, 
extraction replica) 
 
Figure 8.63. BF image of intragranular MX precipitates in 8 hour PWHT P24(thin foil) 
Area fractions of sub-30-nm precipitation in 8 hour PWHT P23 and P24 weld alloys, which 
were measured on FESEM images, are presented in figure 8.64. The mean inter-particle 
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spacings for both materials were calculated using mean diameters and number densities 
determined from the same images (fig. 8.65). All data used to determine number densities, 
precipitate diameters and interparticle spacing (λ) were recorded at magnifications between 
X50k and X100k. Images of a single location were recorded at 15, 25 and 30kV acceleration 
voltages and no discernible difference in results was recorded. All measurements were taken 
from regions of weld material within 0.5mm of the weld interface, similar areas of P23 and 
P24 weld materials have been shown to exhibit the effects of carbon depletion. Grain 
boundary precipitation was not included in this section of work. 
Mean inter-particle spacing      was calculated according to equation 18. Area fractions 
were calculated by summing the individual particle areas (A) measured in each image and 
dividing by the total area of the image. 
   
   
          
 
(Equation 47) 
 
Figure 8.64. MX precipitate area fractions as a function of distance from the fusion line in 8 
hour PWHT P23 and P24 weld alloys 
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Figure 8.65. Inter-particle spacing      of sub-30nm particles (8 hr PWHT P23 and P24) 
8.8.1 Discussion 
Based on a homogeneous distribution of spherical precipitation it may be assumed the area 
fractions are approximately equal to volume fractions        . The volume fractions of 
intragranular MX precipitation, calculated from FESEM images, were higher than expected. 
Explanations for the findings are discussed in the following passage of text. 
Vodopivec [115] performed, what were in his own admissions “simplified calculations”, 
which showed the solubilities of C, V and Nb in the ferrite phase of a steel containing 0.46 
at % C, 0.22 at% V and 0.058 at % Nb, to be negligible. Using values for the free energies of 
formation for NbC and VC of -134.7 kJ/mol.K and 90.7kJ/mol.K respectively he calculated 
that vanadium concentrations in the matrix would be less than 0.003 at% and niobium levels 
would fall to approximately 0.0001 at%.  
In spite of the simplifications used, the insignificant concentrations of V and Nb predicted in 
ferrite enables basic calculations to be made. Assuming that, in a steel containing a 
(CN):(NbV) ratio of 1:1, vanadium and niobium would be relatively insoluble in the ferrite 
phase of the steel. Furthermore, assuming, incorrectly, that no phases that involve these 
elements other than MX precipitates form in the steel; that MX precipitates are 
stoichiometric compounds and that the density of all MX precipitates is equal to that of the 
matrix. If these assumptions were to hold, even though there is obviously a plethora of 
research showing to the contrary [279], it becomes possible to calculate the maximum 
theoretical volume fractions of (VNb)X.  
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Based on the alloy compositions of P23 and P24, MX volume fractions would be limited by 
the metal components of the phase (Table 8.1). However, it has been shown here (fig. 9.1), 
and in numerous literary articles, that MX precipitation in modified Cr-Mo and Cr-W steels 
contains considerable concentrations of other metallic elements. Taking that into 
consideration and limiting theoretical volume fractions according to the interstitial element 
concentrations of the alloys; it would appear that the volume fractions measured, using to 
FESEM images alone, are too great. In addition, the solubility of vanadium and niobium in 
carbide phases that have also been identified in the post weld heat treated samples; and the 
fact that carbon is gettered by other phases, then these results appear to be even further from 
what may be physically possible. This analysis, although extremely crude, requires the 
results presented receive scrutiny. 
Table 8.1. MX element constituent concentrations in P23and P24 alloys 
 C N V Nb N+C V+Nb 
P23 at% 0.28 0.08 0.22 0.024 0.36 0.244 
wt% 0.06 0.02 0.2 0.04 0.08 0.24 
P24 at% 0.421 0.064 0.27 0.026 0.485 0.296 
wt% 0.091 0.016 0.25 0.044 0.107 0.294 
 
The measurements recorded using FESEM images, based precipitate identification on 
morphological and size distribution trends, this is an obvious source for error. The 
assumption that all sub-30nm precipitates in the carbon depleted zone were MX particles has 
been supported by TEM observations where there was little, if any, evidence of other 
intragranular phases within that size range. Regions deeper into the weld showed evidence 
of intergranular precipitation including M23C6, M7C3 and M6C but these were consistently 
larger than 30nm and omitted from the calculations. 
However, the size distributions of the precipitates differed considerably to measurements 
made from TEM observations (fig. 8.66). Table 8.2 compares the measurements, recorded 
using SEM and TEM, of sub-30nm particles in P23 and P24 alloys. The results for 
intragranular (IG), and grain boundary (GB) precipitation are presented. The numbers in 
parentheses refers to the number of particles analysed, BWM and DCZ refer to bulk weld 
metal and decarburised specimen regions respectively. 
Table 8.2. A comparison of average MX diameters measured in the TEM and FESEM 
Alloy PWHT FESEM (nm) TEM ER (nm) TEM foil (nm) 
P23 IG 2 hours  7.0 (39) 6.1 nm needle length (27) 
P23 GB 2 hours  12.8 (20)  
P23 IG 8 hours 14.7 nm (547) 8.6 (50) interface  
P23 GB 8 hours _ 12.5 (20)  
P24 IG 2 hours   6.7 bwm (95) 7.9 dcz (48) 
P24 IG 8 hours 14.6 nm (796) 7.2 (184) DCZ 7.8 nm (69) dcz 
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The average precipitate diameters recorded from FESEM images were between 1.7 to 2 
times larger than those measured in the TEM (fig. 8.66). This would reasonably lead to a 2/3 
to 3/4 reduction of area fractions of MX precipitation for both alloys bringing the results to 
within the theoretical limitations.  
 
Figure 8.66. Intragranular MX precipitate size distributions P24 8 hour PWHT (SEM and 
TEM measurements) 
The resolution of the FESEM is limited by probe size, however, at the limits of resolution 
the beam, if assumed to form a circular probe, will result in an increased yield of secondary 
electrons when the probe edge overlaps a prominent feature.  Hence the image formed would 
show a bright feature of the true particle diameter plus some fraction of 2 times the probe 
diameter.  
A second possible source for error, which was considered for SEM analysis, result from the 
electron beam interaction with the specimen. The sampling depth of electrons depends on 
the beam energy and the atomic number of the sample [211]. The depth to which electrons 
penetrate the sample is defined by the Kanaya-Okayama range (RKO) [280]: 
    
           
    
       
       
(Equation 48) 
where, A is the weighted atomic mass (56.05 g/mol [P23]) E0 is the electron beam energy 
(15, 25 and 30kV), Z is the weighted atomic number (26.02 [P23]) and ρ is the density of the 
sample (7870kg/m
3
). The resultant penetration depths are approximately 100, 240 and 
325μm for 15, 25 and 30kV respectively. Using the same relationship in reverse, secondary 
electrons (E0< 50eV) [281] would only escape from approximately 7nm, independent of 
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acceleration voltage. This result is similar to that predicted by Joy et al. [211] and is related 
to the mean free path of low energy electrons in a specific medium. Consequently, 
secondary electron images are, to a good approximation, from the surface only, and 
sampling volume need not be considered. For obvious reasons, these observations should be 
taken into account when forming images using backscattered electrons. 
Corrections for the truncation of precipitates have not been made; however whether particles 
are cut when polishing features of these dimensions is unclear. In a similar train of thought, 
concerns over re-deposition of particles on the sample surface may also require 
consideration. Although it is difficult to measure the depth of etch, i.e. the volume of 
material removed over a surface area of the sample, features exposed in high resolution 
FESEM images suggest depths are in excess of 100nm. Within this volume of material is a 
significant number of fine precipitates which, if allowed to fall vertically would drop onto 
the specimen surface directly below. All efforts were made during sample preparation to 
remove these particles by vigorous rinsing. However good specimen preparation also 
demands samples are cleaned and dried within as shorter time as possible. There is no 
evidence that precipitates observed arrived on sample surfaces in this manner.  
Sample surface areas were calculated by measuring the long and short sides of images. The 
area calculated is based on assumptions that the sample surface is planar and normal to the 
direction of the beam. Samples were not tilted during this study but it was quite obvious that 
relative to the precipitate dimensions, the specimen surface could not be considered planar 
and errors incurred would lead to an overestimation of precipitate area fractions. 
Although considerable errors are to be expected using FESEM analysis alone, the 
combination of mean diameters measured in TEM studies and number densities recorded 
from FESEM images lead to area fractions of MX precipitation within theoretical limits.  
The mean diameters determined from TEM images of foil and extraction replica specimens 
are similar to the size ranges reported in 9-12Cr alloys. The accuracy of precipitate 
measurements carried out in the TEM was expected to be superior to those made in the 
FESEM.   
Precipitation of MX phases has been confirmed in P23 and P24 alloys in the normalised and 
tempered condition [10, 54]. However, at the time of writing, there was no detailed 
information regarding the size distributions of MX precipitates in either P23 or P24 type 
bainitic creep resistant alloys. Tsuchida et al. [121] have reported the existence of 20nm 
diameter MX in a vanadium modified 2.25Cr-1Mo alloy but niobium was not present in that 
melt. Miyata and Sawaragi [282] provide evidence of MX precipitates in the size range of 5 
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to 50 nm in a steel similar in composition to P24 and 10 nm diameter MX in a P23 type 
alloy. However, the alloy tested there had been aged for 10
4
 hours at 650°C and the results 
are not directly comparable to those found here. Ennis et al. [183] report on spherical  NbCN 
particles observed within martensite laths in P92 pipe alloy, the average diameter after 2 
hours tempering at 715°C is 14nm. However, these precipitates are reported as remaining 
undissolved after the normalisation treatment carried out at 1070°C. This could possibly 
affect the size distribution of these particles, as could the differing alloy composition. 
8.8.2 Conclusions 
A Comparison of MX Distributions in P23 and P24 Weld Alloys 
Throughout the present study TEM images of thin foils and extraction replicas has shown 
ultra-fine precipitation in intragranular regions was more prevalent in P24 weld material 
than in P23 alloy. Selected area diffraction studies of carbon extraction replicas, representing 
intragranular regions of both alloys, have shown that the MX phase precipitates more readily 
in P24 intragranular material. This has also been confirmed by analysis of thin foil 
specimens and in SEM images recorded of the same material. Intragranular precipitation in 
the sub-30nm diameter size range has been shown, by analysis of SEM images, to be 
relatively sparse in all regions of the DCZ other than within 25μm of the fusion line in P23 
alloy following 8 hours PWHT. Spherical intragranular precipitation was not prevalent in 
other regions of 8 hour PWHT P23 weld metal.  
Grain boundary and sub-grain boundary MX precipitation has been identified in 2 and 8 
hour PWHT samples of both alloys. These particles were relatively coarse (ave. 12.8nm in 2 
hour PWHT P23) when compared to intergranular MX particles found in both P23 and P24 
welds.  
Ultra fine needle shaped precipitates were observed in TEM images of 2 hour PWHT P23 
weld alloy; these particles were probably beyond the resolution limits of the FESEM 
equipment used in these studies. However, spherical MX type precipitates, which were 
observed in P24 alloy, in the same condition, were not seen in either TEM or FESEM 
experiments investigating P23 alloy. Carbon extraction replicas delivered similar results. 
There is a possibility that many of the fine needles, which are consistent with morphological 
trends of VN precipitates, were overlooked in many cases. Their extremely diminutive size 
and reported coherence with the matrix makes identification in heavily dislocated, and often 
oxidized, material difficult. The appearance of precipitates which remain coherent with the 
matrix are shown in work by Miyata [282], where a better lattice fit between W containing 
MX and the ferrite matrix exists than similarly with MX containing Mo. It was reported 
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there that MX precipitates lose coherency with the matrix after short term aging in 1% Mo 
alloy whilst coherency of MX particles and the matrix exists for longer durations at the same 
temperature in alloys containing 1.6%W. It was also postulated that the performance of W 
containing 2.25Cr alloys would be superior as a result of the retained coherency.  
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CHAPTER NINE 
Chemical Compositions of Precipitation 
9.1 Introduction 
The precipitation of binary carbides in steels which contain multiple alloying elements is 
rarely observed. Cr-Mo and Cr-W creep resistant steels are comprised of multiple alloying 
additions, many of which are soluble in the precipitate phases which form. Furthermore, the 
chemical compositions of carbides often vary with time at temperature; this may be in 
response to changes in the composition of the matrix or simply as conditions approach 
equilibrium [41]. It has also been shown that precipitates may differ in composition with 
respect to their location in the microstructure [49].  
Race and Bhadeshia [20] presented calculations predicting equilibrium compositions of 
carbides in a 2.25Cr-1Mo steel (Table 9.1). No calculations were made regarding the 
compositions of MX precipitates as neither V nor Nb was included in their alloy model. It 
should be emphasised that calculations were made according to equilibrium states, hence 
cannot be compared directly with those presented here. In reality, equilibrium conditions are 
rarely realised and measured compositions of carbides, in a single alloy, are often found to 
vary significantly (Table 9.2). 
Table 9.1. Theoretical equilibrium compositions (wt%) of carbides permitted in 2.25Cr-1Mo 
calculated using Mtdata according to Race and Bhadesia [20] 
Carbide Fe Cr Mn Mo C 
M6C 27.93 38.92 0.001 19.468 2.5 
M7C3 31.58 44.93 11.37 3.48 8.61 
M23C6 58.68 20.22 0.003 16.08 5.04 
Fe3C 64.15 18.00 10.82 0.22 6.78 
 
Table 2.2. Measured elemental compositions (wt%) of carbides in a 2.25Cr-1Mo steel [39] 
 
According to Peddle and Pickles [39], identification of precipitates, using a TEM, can be 
achieved by either crystallographic data acquired from diffraction patterns, or by chemical 
analysis. They state that the chemical signatures common to a particular species is a 
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satisfactory method for identification, and this has become the preferred technique adopted 
by many [50, 146, 283-284]. However, caution must be applied as precipitate compositions 
are strongly affected by the chemistry of the alloy, thermal exposure, the matrix phase in 
which they nucleate and other species present [49].  
The chemical compositions presented in this work are discussed in terms of the metallic 
components of the carbides only. The x-axis of figures 9.1 – 9.7 denotes columns, within 
which is contained the concentrations of specified elements measured in a single precipitate. 
9.2 Composition Results 
9.2.1 MX Compositions 
The compositions of MX precipitation determined by EDS analysis of carbon extraction 
replicas representing different regions of P91, P23 and P24 alloys subsequent to a range of 
thermal exposures are presented (fig. 9.1).  
 
Figure 9.1. Metallic component concentrations in MX precipitation identified from carbon 
extraction replication of P23, P24 and P91 type alloys 
Although many of the EDX spectra, which were often generated from particles smaller than 
10nm in diameter, displayed low signal to noise ratios, sufficient spectra of “good quality” 
were recorded to indicate compositional trends. The element concentration ranges measured 
in MX precipitation (Table 9.3), indicate compositions primarily containing V, Nb or VNb 
with other elements showing appreciable solubility. Caution must be applied when 
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interpreting data presented in table 9.3 as extremes of concentrations are represented. The 
concentrations of elemental species measured in MX precipitation are indicative only of the 
wide range of compositions observed in the phase. The results were important however, as a 
correlating variation in lattice parameters was expected. This was substantiated by electron 
diffraction studies performed on MX precipitation in both P23 and P24 welds (fig. 8.61). 
Table 9.3. Elemental concentration ranges in MX precipitation 
 V Nb Cr Si Fe Mo W 
 max min max min max min max min max min max min max min 
wt% 63.3 2.9 93.4 7.6 18.3 0.8 19.4 0 19.2 0.8 12.7 0 28.4 0 
at% 73 5.1 90.4 5.1 19.9 1.4 34.1 0 15.3 1.3 11.9 0 10.7 0 
 
Coarse agglomerated P91 HAZ MX precipitates were consistently rich in Nb; concentrations 
of approximately 90 wt% Nb was typical for the metallic component of this phase. 
Vanadium was detected at levels of approximately 4 wt% and titanium was detected at 
levels as high as 2.7 wt%. Traces of molybdenum, iron and chromium were present detected 
but manganese and silicon did not show any significant solubility in high NB content MX. 
Coarse Nb MX of similar composition were produced in P91 pipe material as a result of 
thermal treatments comprising 17 hours exposure to 1000°C.  
At the other extreme, MX rich in vanadium displayed V:Nb concentration ratios (mass) of 
6:1. A general trend showing that niobium concentration increased as vanadium decreased 
was observed (fig. 9.1).  
Tungsten was detected in many of the MX type precipitates extracted from P23 weld alloy; 
this was probably related to the favourable conditions provided by the other elements present 
in the carbide [120]. Miyata et al. [285] have shown similarly, that tungsten is soluble in MX 
precipitation in a 0.06C-2.25Cr-1.6W-0.1Mo-0.25V-0.05Nb steel. The alloy, which had 
been subject to creep testing, contained vanadium and niobium MX particles both which 
dissolved tungsten. Furthermore, they were able to differentiate between NbN and NbC on 
the basis that the former does not take up tungsten. Unfortunately no data was generated 
here to substantiate this particular aspect of their findings. 
Shen et al. [286] give a summarised overview of the compositions of MX precipitates which 
are reported in the literature; the maximum solubility of tungsten reported was 3.3at% of the 
metallic component and was far lower than observed here. An extremely limited solubility 
of Mo was also reported, as was the negligable solubility of iron in all cases other than that 
presented in work by Orr et al. [287]. The composition ranges reported in the article 
correspond to precipitation in the 9-12Cr group of martensitic steels and show that Cr is 
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readily dissolved in a variety of V and Nb MX precipitates. The solubility of Cr in vanadium 
MX has been confirmed by Tamura where he also reports Si in the phase [110]. Here, he 
points out that Suzuki attributes the presence of Si in vanadium precipitates as a possible 
‘technical problem’, however, Si and Cr were detected in MX precipitates in as welded 
specimens in this work.  
Extensive studies detailing precipitation in vanadium modified alloys containing 
approximately 2.5Cr and 1Mo details both precipitate evolutions as a function of thermal 
exposure and the compositions of the resultant precipitation phases has been carried out by 
Jonovec et al. [107]. There, they state that precipitation of MC type carbides is only 
observed after long term heat treatment, t ≥ 500 hours, at 660, 700 and 720°C. Although 
their alloys did not contain niobium or nitrogen, their findings do not agree with those 
reported here; where MX precipitation, containing V and Nb, was observed in as received 
P23 and P24 weld metals. However, they do comment on compositional variations in the 
phase and concentrate particularly on V/Mo ratios which are shown to vary with time at 
temperature. In addition they also refer to Cr concentrations in vanadium molybdenum rich 
MC carbides.  
9.2.2 M2C Compositions 
Molybdenum carbides displaying a hexagonal crystalline structure were detected in P22 pipe 
alloy only. They appeared as fine needle shaped precipitates in the size range 150 to 200nm 
in length and only a few 10s of nm wide. Chemical compositional analysis of 13 carbides, 
all of which were identified by electron diffraction, in regions of extraction replica 
representative of intra-ferrite grain material was carried out (fig. 9.2). 
The concentrations of molybdenum, chromium and to a lesser extent iron were found to vary 
in M2C carbides. Molybdenum concentrations ranged between 45.8 and 83.6 wt% (31.9 to 
71.3 at%) and the corresponding changes indicate that Mo atoms are replaced by chromium 
and less significantly Fe. Some of the compositions measured were similar to those reported 
in the literature [16, 49, 264] and most were within the compositional range which was 
found experimentally by Peddle and Pickles [39]. However, a number of M2C carbides 
displayed Mo concentrations lower than reported in the literature [39]. Although these 
precipitates were unambiguously identified from diffraction patterns, the Mo levels 
measured place them within the concentration range typical of M6C. However, the high Cr 
concentration and comparatively low Fe levels do not fit with common compositions of the 
M6C phase as reported. Yang et al. [109] have reported similarly composed M2C in service 
aged P22 alloy. 
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Figure 9.2. Atomic concentrations of alloying elements in M2C carbides extracted from P22 
pipe alloy  
9.2.3 M3C Compositions 
Cementite type precipitates were identified in as received P23 and P24 weld specimens. 
These carbides, which were also observed in the as received P91 HAZ, displayed two 
distinctive morphologies of globular grain boundary and intragranular needles.  
A plot of atomic concentrations of the metallic components of M3C carbides is presented in 
figure 9.3 and the range of compositions over which the carbides were measured is presented 
in both atomic and weight % (Table 9.4). Also shown in figure 9.3 are a set of results 
corresponding to EDS data which was generated in the FESEM from acicular intralath M3C 
precipitates on a carbon extraction replica lifted from the as welded interface between the 
P91 HAZ and P23 alloy. These FESEM EDS results showed relatively uniform 
compositions for the precipitates analysed. The compositional variations pertaining to 
acicular precipitation, measured in the TEM, were generated from M3C in P23/P91 interface, 
P24 weld and P91 HAZ material; compositions relating to grain boundary M3C are also 
shown. A general trend where Fe concentrations decreased with increasing Cr levels was 
observed. The range over which chromium and iron concentrations were measured fit well 
with M3C compositions reported in the literature [39, 288]. The greatest compositional 
differences were observed in carbides located along grain boundaries, where chromium 
levels between 5 and 19 at% were detected.   
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Figure 9.3. Atomic concentrations recorded for cementite carbides in as received alloys 
Results from measurements recorded in the TEM indicate that Mo and Nb show significant 
solubility in intra-granular precipitates. Peddle and Pickles also show Mo take up in M3C at 
levels as high as 21wt%, their alloy was not modified with Nb or V additions. It has not been 
possible to find reports of Nb solubility in M3C but the present results indicate solubility as 
substantial as 7 at%.  
It is reported that the composition of cementite type precipitates formed in low alloy steels 
reflect the composition of the alloy in which they nucleate. Hence, it was expected that 
carbides located in the P91 HAZ would have greater Cr concentrations than in the lower 
alloyed steels. However, it was not possible to differentiate M3C which was precipitated in 
P91 or P23 and P24 based on composition.  
Table 9.4. Compositions of M3C carbides extracted from P23, P24 and P91 alloys 
 V Cr Mn Fe Nb Mo W 
 max min max min max min max min max min max min max min 
wt% 2 0 15.8 4.9 3.2 0 90.9 57.7 7.3 0 8.5 0 13.2 0 
at% 2.2 0 18.9 5.2 3.7 0 90.3 60 6.4 0 5.2 0 4.2 0 
SEM wt% 1.8 0 14.2 11.4 1.8 0 85.7 81.3 0.8 0 1.5 0 1.1 0.1 
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9.2.4 M7C3 Compositions 
Analysis of M7C3 carbides which had been extracted from post weld heat treated P22 parent 
alloy, and P22, P23 and P24 weld alloys was carried out in the TEM. The chemical 
concentrations (at%) of the metallic component of the precipitates is presented in figure 9.4; 
also shown are the combined chromium and iron concentrations corresponding to each 
individual particle. 
 
Figure 9.4. Chemical composition of the metallic component of M7C3 carbides 
Chromium levels ranged between 54 and 63 at% in carbides which had been extracted from 
2 hour PWHT P22 weld metal (Table 9.5). Iron concentrations varied between 30 and 38 
at%, and within that range appeared to be directly interchangeable with chromium. On 
average, Cr + Fe contributed 92 at% (std. dev. = 0.78 at%) of the entire metallic component 
of the carbide. Molybdenum was measured at an average concentration of 4 at% ±0.3; 
manganese and silicon also showed minor solubility in the phase at averages of 1.7 and 1.2 
at% respectively. 
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Table 9.5. Composition of the metallic component of M7C3 in P22 pipe, P22, P23 and P24  
 Cr Fe Mo W V Nb Mn 
 max min max min max min max min max min max min max min 
P22 WM  59.8 50.5 38.3 30.4 7.6 6.9 0 0 0.7 0.5 1 0.6 1.8 0.6 
at% 63.2 53.9 38.1 29.9 4.4 3.8 0 0 0.8 0.5 0.6 0.4 1.8 0.6 
P22 parent wt% 44.4 38.3 50.6 44.7 7.4 5.9 0 0 0.2 0 0.9 0.4 2.9 1.8 
at% 47.5 41.2 50.7 44.5 4.5 3.4 0 0 0.2 0 0.72 0.2 3.0 1.8 
P23 2hr wt% 54.1 46.1 37 27.7 4.1 1.2 10.7 5.9 5.9 2.5 4.4 0.8 2.9 1.3 
at% 60.4 50.8 37.5 28.7 2.5 0.7 3.4 1.8 6.7 2.8 2.7 (0.5 3.0 1.4 
P23 8hr wt% 52.7 44.8 36.9 30.8 4.0 1.3 9.3 5.0 3.7 2.5 2.3 0.3 4.1 1.9 
at% 56.7 49.4 37.9 31.9 2.5 0.8 3.0 1.5 4.1 2.8 1.5 0.2 4.3 2.0 
P24 8hr wt% 55.6 49.8 37.1 32.1 7.5 5.3 0 0 4.1 2.9 2.2 0.8 2.6 2 
at% 58.4 52.7 36.6 31.4 4.3 3.0 0 0 4.5 3.1 1.3 0.5 2.6 2.0 
 
The composition of M7C3 carbides analysed in P22 pipe alloy differed markedly from those 
measured in any of the weld alloys. The combined iron and chromium concentration showed 
little variation from the mean value 92.6 at% (std. dev. = 0.55 at%) which was similar to that 
observed in precipitates analysed in P22 WM.  However, the mean Fe/Cr ratio of 1.1 (based 
on at%), was far greater than ratios of 0.58, 0.62 and 0.59 which were displayed by P22, P23 
and P24 weld alloy carbides respectively. Concentrations of molybdenum were nearly 
constant at 4 at%, manganese was also measured at an average of 2.4 at% showing little 
variation; silicon was not present above 0.8 at%.  
Precipitates examined in the TEM on extraction replicas from P23 and P24 alloys were 
consistently rich in Cr; concentrations ranged between 50.1 and 60.4 at%. Their 
compositional range was similar to that observed of carbides in P22 weld alloy.  
The combined concentration of Fe+Cr in P23 and P24 precipitation averaged 88.5 at% (std. 
dev. = 1.55 at%); this was lower than was observed in P22 WM precipitates. The lesser 
Cr+Fe contribution was attributed to the solubility of vanadium in the phase. Palcut et al. 
[289] reported similar findings, noting the solubility of vanadium M7C3 carbides; the 
preference for vanadium to replace iron, which was shown in their work, was not apparent in 
the present findings.  It was also shown there, by thermodynamic calculations, that 
increasing the carbon concentration of the alloy dramatically increases the theoretical Fe/Cr 
ratio; this may help explain the Fe rich nature of M7C3 precipitation in P22 pipe alloy.  
The combined concentrations of Mo and W in P23 alloy in both 2 and 8 hour post weld heat 
treated samples amounted to approximately 3.7 at%, variations were within the expected 
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accuracy of the system. This combined concentration is very similar to that of Mo (3.6 at%) 
measured in M7C3 particles extracted from 8 hour post weld heat treated P24 weld material.  
9.2.5.1 M23C6 Compositions in P91 Alloy 
The compositions of M23C6 extracted from P91 parent alloy, which had not been affected by 
the welding process, differed from that of carbides extracted from the CGHAZ (fig. 9.5). 
Precipitates located in the carburised zone, consistently displayed Cr concentrations lower 
than were observed in P91 parent alloy carbides. It is possible that the parent material 
precipitates, having experienced greater thermal exposure, had become enriched in 
chromium. However, this was unlikely as there was no significant difference in 
compositions noted between the chemistries of precipitates in 2 and 8 hour PWHT 
specimens. Hong [290] has shown that Cr:Fe ratios of precipitates formed during tempering 
at 700°C were lower than those in precipitates grown at both 650 and 750°C, unfortunately 
there were no tests carried out at 730°C. The base alloy tested here had been normalised and 
subsequently tempered at approximately 760°C. Hence, according to Hong, carbides formed 
at that temperature may be expected to be richer in Cr than those precipitated during 
exposure to 730°C.  However, a further possible cause is related to the difference in carbon 
concentrations of the two regions. Increased carbon concentration, in the carburised zone, 
results in greater volume fractions of M23C6 precipitation [16, 36]. The simultaneous 
depletion of Cr from the matrix results in continued growth of precipitates from an alloy that 
was becoming impoverished of Cr, hence, a lower Cr content in the new carbide growth is 
observed. Vodárek et al.[24], noted similarly, iron enrichment of carburised zone M23C6 
precipitates in P23/P91 dissimilar metal welds, although no mechanism for their observation 
was proposed.  
9.2.5.2 M23C6 Compositions in P22 Alloys 
The concentration of iron in M23C6 precipitates, which were extracted from P22 pipe 
material was higher than that observed in carbides analysed in PWHT P22 weld material. 
The pipe alloy carbides, which were examined by EDS, revealed an average Fe:Cr ratio 
(at%) of 2.56:1 (std. dev. = 0.2at%). Although the pipe alloy composition data is that given 
as nominal, and the exact N+T temperatures used could not be confirmed, this does show 
quite clearly variations that can be expected in the literature when referring to precipitates 
from the “same alloy”.  
The difference between composition of M23C6 in BWM and the DCZ was ascribed to the 
effects of alloy intermixing. Melt back of P91 results in a Cr enrichment of the P22 filler 
alloy at the fusion interface, Cr concentrations as high as 6wt% have been measured in weld 
metal 250μm from the fusion line.  
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Figure 9.5. Chemical composition of the metallic component of M23C6 carbides 
9.2.5.3 M23C6 Compositions in P23 weld alloy 
EDS analysis, of carbides extracted from P23 WM, has shown that tungsten is soluble in the 
M23C6 phase. Tungsten concentrations averaged 6.5 at% (std. dev. = 0.9%), which equates to 
approximately 18 wt%, with little variation found in 2 and 8 hour PWHT specimens. 
Molybdenum concentrations averaged 2.8 at%, which transpires to a W:Mo ratio of 
approximately 2.3:1;  this compares with a W:Mo ratio of 24:1 in the alloy. This indicates 
that in P23 alloy, M23C6 carbides dissolve Mo preferentially to W; whether this was driven 
by thermodynamics or dictated by kinetics is not clear. At present, no articles reporting the 
solubility tungsten in M23C6 carbides, formed in P23 type alloys, could be found. However, 
its solubility in carbides precipitated in P92 alloy, which is a 9Cr wt% steel made with 
additions of tungsten, has been confirmed by Shen et al. [286]. They report tungsten 
concentrations of approximately 5at% subsequent to 2 hours at 750°C. Also of interest were 
the Cr:Fe ratios measured in their 9% chromium steel, which were similar to P91 parent 
alloy carbides examined here. 
The variation in Cr and Fe levels was greater in M23C6 precipitates examined in 2 hour 
PWHT specimens than in 8 hour tempered specimens (730°C); tungsten levels remained 
relatively unchanged. In comparison, 8 hour PWHT, P23/P91 interface carbides, were richer 
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in Cr than bulk weld metal precipitates. The range of compositions spanned those observed 
in both P91CGHAZ and parent pipe alloy. The tungsten levels in fusion line precipitates was 
far lower than that observed in bulk weld metal precipitation. 
9.2.5.4 Compositions of M23C6 carbides in P24 weld alloy 
The chemical compositions of M23C6 carbides which were examined in 8 hour PWHT P24 
weld material were compared to those analysed in P23 in the same condition. Chromium 
concentrations averaged 41.5 at%, in the metallic component of the phase; this was 4 at% 
higher than carbides analysed in P23 weld metal. The average Mo 6.8 at% concentration was 
of similar magnitude to the average level of W that was measured in P23 precipitation in the 
same condition. As observed in all of the welds, M23C6 carbides located in the region of the 
weld interface displayed a wide range of compositions. The chromium and iron 
concentrations ranged from 45 to 61 and 30 to 44 at% respectively.  
Carbides within the screw end of a P24 WM creep test specimen differed in composition to 
those analysed in PWHT specimens. The thermal history of the sample consisted of 8 hours 
PWHT plus 4420 hours at 600°C. The carbides showed enrichment of Cr, Mo and Mn when 
compared to precipitates extracted from PWHT specimens.  
9.2.5.5 Summary: M23C6 compositions in Cr-Mo and Cr-W steels 
The concentration of chromium and iron found in M23C6 precipitation varied significantly 
depending on the material and the thermal history of the alloy in which it was detected. The 
carbide was Fe rich in 2.25Cr alloys but was dominated by Cr in P91 material. Carbides 
examined on carbon extraction replica specimens from 2 hour PWHT P23 bulk weld alloy 
showed a considerable variability in Fe:Cr ratios; subsequent to 8 hours PWHT the 
variability was less pronounced. The changes observed in the compositions of M23C6 
carbides, which were extracted from PWHT P24 and crept P24 specimens, also indicate that 
these carbides do not grow at their equilibrium compositions.  
The chemical compositions of M23C6 measured in carbides found in P22, P23 and P24 bulk 
weld metal specimens are different from those of M7C3 precipitates in the same materials. 
However, in carbides extracted from weld interface material, the Cr/Fe ratios, which have 
been used by others to differentiate between M7C3 and M23C6 carbides, were shown to 
overlap (Table 9.6). Compositional variations at the weld interface resulted in precipitation 
of M23C6 carbides which were considerably enriched in chromium when compared to 
carbides studied in bulk weld material. These carbides which were located in regions of 
material in coexistence with weld inclusions often had chromium concentrations 
intermediate between those measured in bulk weld metal and P91 HAZ M23C6 precipitates 
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(fig. 9.5). Similar variations in the composition of M23C6 carbides in P22/P91 DMW have 
been reported by Anand et al. [30] but their work does not make clear from which region of 
the weld the carbides were examined. In work carried out by Sudha et al. [16], which 
investigated dissimilar metal welds made between P22pipe/P91weld, M23C6 of various Cr:Fe 
ratios were detected. The precipitates examined were within the “hardzone” of the P91 weld 
material which had become enriched in carbon, the P22 pipe alloy adjacent to the P91 weld 
suffered decarburisation. Interestingly, their work details welds made between P22 parent 
alloy and P91 9%Cr type SMAW consumables where a soft recrystallised zone was formed 
in the P22 CGHAZ during PWHT as a result of carbon depletion. 
Table 9.6. Composition ranges of M7C3 and M23C6 in 8 hour PWHT P24/P91 welds 
 Cr Fe Mo Mn Si V 
 max min max min max min max min max min max min 
M7C3 BWM 55.6 49.8 37.1 32.1 5.7 5.3 2.6 2 0.4 0.2 3.6 3 
M7C3 DCZ 54.8 52.3 34 32.1 7.5 6.1 2.3 2 0.3 0.1 4.1 2.9 
M23C6 BWM 38.5 36.1 48.6 40.9 12.6 9.8 2.2 1.7 0.6 0.2 1.7 1.2 
M23C6 DCZ 57 41.5 43.7 29.7 11.7 9.5 1.6 0.7 0.4 0 1.3 0 
M23C6 P91 CZ 56.6 41.6 39.5 29.5 12 8 1.8 0.2 0.9 0.3 2.3 0.7 
 
Dissimilar metal welds made between P23 pipe and P91 type weld filler have been studied 
by Vodárek and co-workers [36] in which they reported iron enrichment of the M23C6 phase 
in the vicinity of the DMW fusion line. Although they do not mention Cr levels, it would be 
reasonable to assume a corresponding reduction would have been observed and their 
findings would thus fit well with results found here. These results indicate that the variations 
in composition are related to the intermixing of 2.25 and 9%Cr alloys and a brief survey of 
relevant literature shows that, in general, the Cr content of M23C6 precipitates increases with 
Cr levels in the alloy [39, 252, 286, 291].  
Carbides which were located in weld material that was in close proximity to the weld 
interface displayed compositions over the full range of Cr and Fe concentrations measured in 
the non-HAZ P91 to those found in bulk weld alloy precipitates. There was also evidence 
that precipitates in P24 alloy became enriched in Cr during long term thermal exposure.  
Carbides formed in Cr-Mo alloys dissolved approximately 7at% of molybdenum, M23C6 
extracted from P23 alloy showed significant concentrations of tungsten and molybdenum. 
Manganese displayed a degree of solubility in the phase as did vanadium but concentrations 
were not uniform. The solubility of tungsten in M23C6 carbides examined in the intermixed 
region of P23/P91 DMW did not correlate well with the reduced Cr content in the phase. 
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9.2.6 Compositions of M6C carbides Cr-Mo and Cr-W alloys 
M6C carbides were detected in 8 hour post weld heat treated P22, P23 and P24 type weld 
alloys; they were also identified in all creep tested specimens. M6C precipitated in P22 and 
P24 material was rich in molybdenum, whereas, in P23 weld alloy, the carbide was 
dominated by tungsten (based on wt% values) (fig. 9.6). Averaged concentrations of 68 wt% 
tungsten after 8 hours PWHT were measured in P23 M6C; this however equates to an 
average of only 41 atomic%.  
 
Figure 9.6. Metallic component concentrations observed in M6C carbides 
The compositions of M6C precipitation which had been extracted from the screw ends of 
failed creep test specimens are also presented. Carbides were extracted from P22 (specimen 
629.2) and P24 (specimen P24-8-3) weld alloys which had both received post weld heat 
treatments prior to creep testing at 620°C for 2145 hours and 600°C for 4420 hours 
respectively. The PWHT applied to the P22 alloy consisted of 2 hours at 760°C followed by 
2 hours at 730°C the P24 specimen was tempered at 730°C for 8 hours prior to creep testing. 
Coarse carbides, which were often located on grain boundaries, were observed on extraction 
replicas from the screw end of the P22 weld alloy creep specimen. EDS analysis showed 
they were rich in iron; this was also the case for precipitates examined from 8 hour PWHT 
P24 alloy. However, subsequent to creep testing, the M6C carbides extracted from P24-8-3 
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had become enriched in molybdenum and a greater atomic fraction of silicon was also 
observed. Simultaneously, a reduction in iron was detected there were indications that 
chromium levels diminished in the carbide during prolonged thermal exposure.  
Analysis of M6C precipitation extracted from P23 weld alloy subsequent to 8 hours PWHT 
revealed a very different composition to precipitates in either P22 or P24 specimens. The 
carbide was composed of near equal concentrations of iron and tungsten (approximately 40 
at%) with molybdenum measured in concentrations of approximately 7 at%. Chromium 
levels were similar in both P23 and P24 specimens subsequent to tempering for 8 hours at 
730°C. The apparent replacement of molybdenum with tungsten in the P23 specimen was 
not unexpected [292]. The low Mo concentration in the alloy, and addition of W 1.59 wt%, 
has an obvious effect on M6C composition. It is known that tungsten is readily accepted into 
the η-carbide structure and forms quaternary carbides of compositions extending from 
roughly Fe3(MoW)3C to Fe4(MoW)2C [120]. Similar results have been shown for M6C 
carbides found in P23 alloy [114], but these refer to creep specimens and both the tungsten 
and molybdenum concentrations were lower than those recorded in this work. 
Silicon concentrations of approximately 10 at% were observed in M6C carbides extracted 
from the screw ends of creep tested P22 and P24 specimens. The significant solubility of Si 
is shown by EDS spectra and quantification results in a number of publications detailing 
microstructural evolution of 2.25Cr-1Mo alloys [20, 39, 130, 293-294]. Yang et al. [288] 
have shown that silicon stabilizes the M6C phase and state this as the reason that no η-
carbides were found in low Si 2.25Cr-1Mo alloys on which they reported. Taylor and Sachs 
[294] also reported on the stabilizing effects of silicon in the synthesis of iron free M6C 
carbides. It is therefore of interest, given that silicon levels in P23 and P24 alloys were 
almost identical, 0.48 and 0.49 at% respectively, that the silicon concentration in M6C 
carbides extracted from P23 was on average only 1.5 at% (0.4 wt%) which was only1/3 of 
the average level in P24 alloy carbides. The maximum level detected was 3 wt% (0.8 at%) 
and Si was beyond the detection limits of the system in isolated cases. It would appear that 
in the presence of tungsten, Si becomes less soluble in the M6C carbide. 
9.3 Vanadium Concentrations in Cr and Mo Carbides 
Vanadium was detected in all M7C3 precipitates which were extracted from P23 and P24 
welds (Table 9.5); this was deemed to be of particular importance as these weld alloys rely 
on the precipitation of vanadium MX carbides and carbonitrides to confer good creep 
strength [8]. Beech and Warrington [295], who investigated precipitation sequences in Cr 
containing steels, observed that vanadium was soluble in the M7C3 phase and possibly had a 
stabilising effect. This is significant, as suppressing the dissolution of M7C3 slows down the 
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rate at which carbon and chromium are released into the matrix; this has the positive effect 
of retarding the formation of M23C6 precipitation.  
The extent to which M7C3 precipitates during both PWHT and service could influence MX 
precipitation considerably. The effect of vanadium consumption in P23 weld metal may be 
further exacerbated due to the considerable solubility of vanadium (ave. 2.3at%) which is 
also found in M23C6 precipitates. In contrast, the vanadium content of M23C6 detected in P91 
HAZ and P24 alloy averaged 1.5at% and 1.3at% respectively. Laha has confirmed the 
solubility of vanadium in M23C6 carbides and states a possible suppression of coarsening 
rates due to its presence [296]. 
 
Figure 9.7. Vanadium concentrations (at%) in the metallic component of M7C3, M23C6 and 
M6C carbides analysed by EDS in P23 and P24 extraction replica studies 
Vanadium and niobium were also detected in significant concentrations in weld inclusions. 
Levels of vanadium as high as 5at% were not uncommon in particles examined in P23 alloy; 
the presence of vanadium was also evident in weld inclusions examined in P22 WM where 
vanadium is not intentionally added to the alloy. Indications were that, rather than V and Nb 
being dissolved in weld inclusions, in fact MX precipitates may have nucleated on, or within 
these spherical particles. Electron diffraction studied revealed the particles to be largely 
amorphous but weak patterns consistent with a cubic phase of lattice parameter 4.4Å 
(approx) were observed. However, the existence of VNb MX was not confirmed as Ti was 
present which also forms an NaCl structured carbide with a similar lattice parameter. 
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9.4 Summary 
The work of Peddle and Pickles [39] suggests that carbides, which are common to the Cr-
Mo steel system, can be identified by their chemical signatures. This was certainly the case 
in many of the materials tested in the present study.  Once identification of carbides in bulk 
weld or parent materials was satisfactorily completed by a combination of electron 
diffraction and chemical analysis; continued identification could be achieved by 
compositional analysis alone. However, due to the variations in carbide compositions from 
alloy to alloy, the presence of different phases during microstructural evolution and changes 
in precipitation compositions with time at temperature, it was necessary to identify and 
catalogue the chemical signature of each carbide in each alloy as a function of thermal 
exposure. Identification of precipitates based on chemical trends which are provided in 
literature must therefore be treated with caution.  
By following the afore mentioned criteria, adequate identification of precipitates was 
achieved by analysis of chemical signatures in regions of weld and parent materials which 
were assumed to be unaffected by the effects of either decarburisation or alloy intermixing. 
However, in regions of weld material, where the effect of alloy intermixing was strongest, 
carbide identification by chemical composition signatures was unsatisfactory. There was a 
significant overlap in the compositions of M23C6 carbides at the weld interface and M7C3 
compositions found throughout the weld alloys.  
Precipitation of M7C3 carbides in Cr-Mo and Cr-W alloys containing 2.25 to 7.5 Cr wt% has 
been confirmed in numerous research activities [38-39, 49, 109, 129]. Very few cases of it 
existing in alloys of greater Cr concentrations are reported but evidence of very small 
volume fractions of the phase in 9Cr alloy is available [131]. The Fe/Cr ratios (wt%) 
measured in M7C3 carbides showed little variance in the three different weld alloys. 
Averaged ratios ranged between 0.6 and 0.7 and were in good agreement with those 
determined experimentally by Palcut et al. [289]. The average Fe/Cr ratio measured in M7C3 
carbides extracted from P22 pipe alloy was, at 1.2, far greater than recorded in weld alloys.   
Differentiation between molybdenum carbides M2C and M6C can be made based on 
compositional analysis. Although both are rich in Mo, M2C’s affinity for Cr and the 
solubility of iron in M6C made it easy to tell them apart. The high solubility of Si in M6C, in 
most cases with Cr-Mo alloys, was also used to help identify the carbides which were 
examined in the presence of the steel matrix.  
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9.5 Conclusions 
The evolution sequence of precipitates in bainitic P22 type weld alloy was in keeping with 
that proposed by Baker and Nutting [38]. Modification of 2.25Cr weld alloy, by the 
introduction of strong carbide and nitride forming elements, vanadium and niobium, resulted 
in a slight modification to the precipitation sequence. In as welded specimens, MX 
precipitates were present in both P23 and P24 welds alongside M3C carbides.  The failure to 
nucleate pro-eutectoid ferrite in weld alloys, due to the cooling rates, resulted in the absence 
of M2C carbides. Although M2C have been reported elsewhere in P22 weld material, its 
absence from P23 and P24 may have been affected by the presence of vanadium which is 
reported to suppress nucleation of the phase [10]. 
The large variability in compositional ranges detected in a number of the carbides indicated 
that precipitates had not reached their equilibrium compositions. In addition, the effects of 
intermixing of the weld and P91 alloy resulted in undetermined matrix compositions; this 
was most probably a pivotal factor in carbide compositions. The composition of M7C3 
carbides, in weld alloys, was not as variable as that of M23C6. This trend was consistent even 
though many of the carbides were analysed in similar regions of the intermixed zone; hence, 
alloy composition did not appear to affect the composition of M7C3 as strongly as it did 
M23C6. 
The chemistry of MX precipitates was varied; their compositions were dominated by a 
mixture of vanadium and niobium. The MX phase was also shown to readily dissolve a 
number of other elements; significantly silicon, which has been debated by others.  
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CHAPTER TEN 
Subgrain Microstructures 
10.1 Introduction 
The creep strength of martensitic and bainitic steels is partially dependant on the size 
distribution of subgrains within the microstructure. Subgrain boundaries are obstacles to the 
glide of mobile dislocations; and, have been proposed as the most important creep 
strengthening mechanism in ferritic alloys [297]. The tempered microstructure of martensite 
and lower bainite consists of lath structured material which is further divided into subgrains; 
the lath boundaries are populated by a number of species of carbides. The dimensions of 
subgrains, in a tempered microstructure, are dictated by the width of the as transformed laths 
and dislocation densities.  
It is necessary to retain a fine subgrain microstructure in order to maintain good creep 
strength. Recovery and subgrain coarsening takes place during in thermal aging but occurs at 
an earlier stage and at a greater rate in the presence of stress, i.e. under creep conditions. In 
both cases retardation of the subgrain coarsening rate is attributed to the pinning force 
exerted by M23C6 carbides on subgrain and lath boundaries [246, 298]. 
The following section of work investigates subgrain coarsening as a function of PWHT. 
Efforts were made to demonstrate the effects of carbide dissolution, and the inherent loss of 
grain boundary pinning, on subgrain coarsening in carbon depleted material.  
Subgrains can be measured from TEM images of thin foils, however, automated analysis in 
the SEM, which exploits electron backscattered diffraction (EBSD), is also widely used. 
Statistically relevant analysis from TEM images requires specimens are made with large 
areas of electron transparent material. This is difficult to achieve and multiple specimens 
may be required in the analysis of a single region of a weld specimen. Sample preparation is 
comparatively straight forward for the SEM and areas available for analysis are far greater 
than in the TEM.  
EBSD is a powerful technique which is fully automated and can provide a wealth of 
microstructural information including grain size measurements [87]. Furthermore, computer 
processing of data enables fast data acquisition and the ability to identify angles between 
neighbouring crystals and textures. Optimisation of beam parameters has shown the 
technique is readily capable of measuring features of dimensions less than 50nm [299]. 
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In the present study, subgrain microstructures have been measured using electron channeling 
contrast images (ECCI). In many instances channelling contrast images were obtained in 
both secondary electron and backscattered electron imaging modes. In many cases, 
precipitates and subgrains were of a similar size; comparison of BSEI and SEI micrographs 
enabled differentiation between the two features. 
The size of subgrains can be measured in terms of the short width of elongated laths [56] or 
in terms of the equivalent subgrain diameter (ESD) which is calculated according to the 
subgrain area (Asg) [103].  
      
   
 
 
(Equation 49) 
The standard deviation, which is indicative of the variability of the measured subgrain 
diameters, was calculated according to:  
    
 
 
        
 
   
 
(Equation 50) 
where  is the number of data points in the set,    is a value in the data set and   is the mean 
value of the data set. 
10.2 P22/P91 - 2 hour PWHT 
Electron channeling contrast images of post weld heat treated P22/P91 transition welds 
revealed a diverse microstructure. The weld metal could be separated into three distinct 
regions. Directly adjacent to the HAZ there was a region of fine grain non-recrystallised 
material; this material contained both precipitation and weld inclusions. The area, which was 
located on the P91 side of the band of recrystallised weld material, displayed a subgrain 
microstructure comparable to that of the bulk weld material (fig. 10.1). Alloy composition of 
this material was intermediate between P22 and P91 due to the strong effects intermixing. 
The microstructure was predominantly acicular, containing a mixture of precipitation 
including M23C6 and MX phases. Subsequent to extended thermal exposure, the same region 
displayed the emergence of molybdenum rich M6C.  
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Figure 10.1. ECCI (BSEI), reveals the P91/P22 fusion line, the majority of the image 
showing recrystallised and intermixed P91/P22 weld alloy 
P22 weld material, in regions unaffected by carbon redistribution, displayed a granular 
bainitic microstructure. Equivalent sub-grain diameters were measured in weld alloy at 
distances greater than 1mm from the dissimilar metal weld fusion line. The size distributions 
are displayed in figure 10.2 and mean values are presented in table 10.1. Directly ahead of 
the recrystallisation front, in the P22 weld alloy, the subgrain microstructure was relatively 
coarse when compared to weld material at greater distances from the fusion line. TEM 
micrographs of comparable regions of 8 hour PWHT P22 alloy have shown this material to 
be in an advanced state of recovery.  
 
Figure 10.2. Equivalent sub-grain diameter size distribution for bulk and intermixed weld 
regions    
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10.3.1 P23/P91 - As Received 
As welded P23 weld alloy displayed a mixed granular and lath structured bainitic 
microstructure (figs. 10.4 and 10.5). Fine grains of an unidentified microstructural 
constituent were distributed along grain and lath boundaries. Electron diffraction and 
chemical analysis of these fine structures, performed in the TEM, confirmed they were a 
ferritic phase of a similar composition to the surrounding bainitic material. Selected area 
diffraction from a number of the fine grains, all of which were located on a single grain 
boundary, revealed they had a common crystallographic orientation.  
 
Figure 10.3. P23 weld metal, as received condition, arrows indicate lath boundary ferritic 
grains of a common orientation, all are close to a <111> axis 
Fig 10.3 shows a TEM image of a thin foil specimen containing a number of the small grain 
boundary crystals which closely resemble those observed in channeling contrast images 
(figs. 10.4 and 10.5). Here, the grain boundary crystals, which were all oriented close to the 
<111> zone axis, bear a resemblance to those presented by Habraken and Economopoulos 
[47]. They identified similar regions of material as carbon enriched martensitic/austenitic 
(M/A) islands which had formed during the growth of bainite. The islands were formed 
during continuous cooling from the austenitic phase but were only observed in samples 
cooled at fast and intermediate rates (35 to 220°C/min composition dependent) between 800 
and 500°C. Habraken & Economopoulos [47] state that the M/A islands were easily 
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identified in the TEM due to their lack of transparency which resulted from only light 
etching during the polishing process. The islands observed in this work did not appear to 
show preferential thinning but often displayed strong diffraction contrast to the surrounding 
material when they were aligned to low order zone axes. The report of greater dislocation 
densities in bainitic material adjacent to M/A islands compared to other bainitic alloy could 
not be confirmed. Neither TEM nor XRD of as welded specimens provided any evidence of 
austenite retention in either P23 or P24 alloys. 
 
Figure 10.4. Granular bainitic, as received, P23 weld material (secondary electron ECCI, 
Ar ion beam polished) 
Thin foil micrographs of as welded P23 weld material revealed the microstructure to be in 
the primary stages of recovery (fig. 10.6). Dislocation distributions were inhomogeneous 
and dislocation forests could be seen forming what were assumed would become subgrain 
boundaries. It was proposed that this was the initiation of the subgrain structure, and that the 
dislocation networks would further re-order to form subgrain boundaries during further 
thermal exposure.  
A mean lath width of approximately 0.4μm was determined from TEM and SEM 
micrographs which were recorded in regions that displayed an acicular microstructure.  
Subgrain boundaries were not well defined in ECCI or thin foil TEM micrographs showing 
granular microstructures, hence, subgrain dimensions could not be determined for this 
material in the as welded condition.  
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Figure 10.5. Lath bainite, as received, P23 weld material (BSEI, Ar ion beam polish) 
 
Figure 10.6. BF TEM image of as welded P23 alloy (thin foil) 
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10.3.2 P23/P91 – 2 Hour PWHT 
Subsequent to PWHT, the subgrain microstructure was visualised in SEM and TEM images 
of bulk weld material. A mixed acicular and equiaxed microstructure was observed. The 
mean acicular ferrite lath width, which had remained relatively unchanged from as welded 
material, was measured at approximately 0.4μm. The measurements were recorded from 
images of bulk weld material where the lath and grain boundaries were populated by both 
coarse carbides and MX precipitates. Laths, in general, did not appear to have sub-divided, 
via polygonisation, to form a subgrain structure. Channeling contrast images revealed 
monotone shades of grey along the entire length of laths. In addition, the subgrain structure 
displayed by equiaxed grain structured regions remained largely unchanged from the as 
received samples. The apparent lack of grain refinement during PWHT resulted in a 
relatively coarse mean ESD of approximately 0.9μm. The subgrain structure was similar in 
bulk and decarburised regions of the weld. Equivalent subgrain diameters measured in 
regions of weld material within 100μm of the fusion interface did not differ significantly 
from those recorded in regions at a distance greater than 1mm from the weld interface (Table 
10.1).  
 
Figure 10.7. ECC image of 2 hour post weld heat treated P23/P91 DMW, the approximate 
position of fusion interface is shown by the white line (BSEI) 
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Although it has been demonstrated that P23 weld alloy, adjacent to the P91 HAZ, had 
become significantly depleted of carbides, there was no evidence of recrystallisation in any 
regions of the weld. The subgrain microstructure of the intermixed area of metal between the 
DCZ and P91 HAZ was finer than any other regions of P23 weld metal.  
 
 
Figure 10.8. P23 WM a, 50μm from the fusion line (DCZ), b, 1mm from fusion line 
(colloidal silica, BSEI),c, fine grain BWM (PIPS, SEI) d, intermixed P23/P91(PIPS BSEI) 
 
Figure 10.9. Subgrain size distributions in 2 hour post weld heat treated P23 weld material 
in regions unaffected by carbon redistribution 
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10.3.3 P23/P91 – 8 Hours PWHT 
After 8 hours tempering at 730°C, isolated recrystallised regions of P23 type alloy, adjacent 
to the fusion line, in carbon depleted regions, were identified. Such instances were extremely 
rare, <<1% of the entire length of the weld interface that was examined displayed evidence 
of recrystallisation. Subgrain measurements recorded from P23 alloy at distances greater 
than 1mm from the fusion interface revealed a slightly coarser subgrain microstructure than 
that determined in carbon depleted material. Coarsening of the subgrain microstructure as a 
result of extending PWHT from 2 to 8 hours was not observed. In fact the regions of 
material examined in 8 hour PWHT specimens revealed a slightly finer subgrain structure 
than in the 2 hour PWHT specimens (Table 10.1).  
 
Figure 10.10. Isolated recrystallised region of P23 weld metal adjacent to the fusion line 
with P91(BSEI) (single occurrence observed only) 
 
Figure 10.11. P23 8 hours a, DCZ, b, weld metal (colloidal silica polish, BSEI) 
a b 
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10.4.1 P24/P91 – As Received 
The microstructure of as received P24 alloy multi-pass welds was predominantly tempered 
lower bainite. Weld material displayed long narrow laths of a continuous shade of grey in 
ECC images; this indicated a uniform orientation of material within the bounds of each lath. 
Subgrain formation by the polygonisation process was not yet established; this was 
confirmed by thin foil TEM analysis where lath structured material containing a high density 
of homogeneously distributed dislocations was observed (fig. 10.13).  
No discernible decarburisation of the low alloy filler material was apparent in SEM 
observations of P24 joints in the as welded condition. There was also no evidence of 
recrystallisation or grain growth in the region of the weld interface (fig. 10.12).  
The mean measured lath width was determined from six different TEM and SEM images; a 
total of 70 measurements were recorded, all of which were made at the widest point of the 
lath. An average lath width of 0.35μm was recorded, however, there was considerable scatter 
in the values (std. dev. = 0.13μm). Sub-grain measurements from ECC images were not 
possible as the fine substructure was not yet developed sufficiently to give good image 
contrast.  
 
Figure 10.12. ECCI as received P24/P91 (Ar ion beam polish, BSEI) 
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Figure 10.13. BF thin foil TEM micrograph (as received P24 weld alloy) 
10.4.2 P24/P91 – 2 Hour PWHT 
Figure 10.17 displays the size distribution of equivalent sub-grain diameters measured from 
2 hour post weld heat treated P24 weld material. Measurements taken from regions of 
carbon depleted material revealed a relatively coarse sub-grain structure when compared to 
bulk weld metal (Table 10.1). The information presented also enables the comparison to be 
made between the different measurement techniques of TEM thin foil and ECCI in the 
FESEM. The measurements made by the two techniques were in good agreement, however, 
the number of measurements made by TEM is small (N=38) when compared with the ECCI 
technique (N=272). 
The microstructures of the carbon depleted region at a distance of 50μm from the weld 
interface and bulk weld material unaffected by carbon redistribution are shown in figures 
10.14 and 10.15 respectively. Equivalent subgrain diameters were calculated as 
approximately 0.45µm in the carbon depleted weld and 0.31μm in regions of the weld 
unaffected by carbon redistribution.  
Observations of bulk material revealed stable lath boundaries which had remained straight 
during PWHT (figs. 10.15 and 10.16). In the carbon depleted region lath boundaries could 
not be identified and the subgrain structure appeared equiaxed. Lath boundary migration, 
which had extended into neighbouring lath material, resulted in a relatively coarse subgrain 
structure in carbon depleted weld alloy.  
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The absence of straight lath boundaries was attributed to the dissolution of carbides. The 
absence of carbides and the loss of the associated pinning forces resulted in lath boundary 
instabilities; hence, subgrain boundary migration. 
Analysis of carbon extraction replicas has revealed a diminished density of lath boundary 
and PAGB chromium carbides in the DCZ in comparison to areas away from the weld 
interface. However, fine particles of approximately 10nm diameter, identified as MX 
precipitates by Debye-Scherrer diffraction patterns, were found in all regions of the weld 
including the carbon depleted weld material. Spheroidised MX precipitates were observed 
within laths and on lath boundaries, many of the intralath precipitates were located on 
dislocations.  
A possible explanation for the larger subgrains in the carbon depleted region, as opposed to 
non-decarburised P24, is related to the dissolution of lath boundary Cr rich precipitation in 
the DCZ. The combined pinning effect of MX and chromium based carbides, which form 
and are retained on lath boundaries in areas unaffected by decarburisation, maintain well 
defined straight lath boundaries. Subgrain growth in this material is restricted to the confines 
of intralath boundaries; however, in the case of decarburised material the lath boundaries 
rely almost entirely on the pinning effect of MX precipitation. In this case lath boundaries 
are breached and subgrain growth is observed to occur into adjacent laths. 
 
Figure 10.14. ECCI P24 carbon depleted region (2hours PWHT colloidal silica, SEI) 
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Figure 10.15. ECCI P24 bulk weld material (colloidal silica polish, SEI) 
 
 
Figure 10.16. BF thin foil TEM micrograph 2 hour PWHT P24 weld alloy 
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Figure 10.17. Equivalent sub-grain diameter size distribution in different regions of a 2 
hour post weld tempered P24/P91 dissimilar metal welded joint 
10.4.3 P24/P91 – 8 Hour PWHT 
Again, as in 2 hour PWHT P24 specimens, the lath boundaries observed in ECC images of 8 
hour PWHT P24 bulk weld material were straight and well defined. Similarly, sub grain 
growth was confined by lath boundaries which were populated by both coarse carbide 
species and fine MX precipitates. An average lath width of 0.36μm was determined from 
thin foil TEM micrographs; hence, lath widths remained relatively unchanged as a result of 2 
and 8 hour PWHT. 
The polygonized lath structure, displayed in bulk weld regions (fig. 10.19 and 10.20), had a 
mean ESD of approximately 0.47μm. Intra-subgrain material showed evidence of recovery. 
A number of migrating, curved, subgrain boundaries were observed within laths; this is only 
possible if the force driving grain growth is sufficient to surmount the pinning effect of 
precipitates. It has been shown that intra-subgrain material contains, almost exclusively, MX 
type precipitation. Therefore, it can be assumed that the pinning force exerted by MX 
particles alone, of the population densities observed, is insufficient to prevent grain growth. 
However, the additional pinning force provided by Cr carbides, and possibly the greater MX 
populations on grain boundaries, sufficiently stabilises lath boundaries to prohibit their 
migration. 
In contrast, as was observed of 2 hour PWHT P24/P91 welds, subgrain growth in carbon 
depleted material involved breaching of lath boundaries; hence, well defined lath structures 
were no longer identifiable. ECC images show grain and lath boundaries within the DCZ to 
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be devoid of coarse precipitation; hence, in these regions boundary pinning becomes totally 
dependent on forces exerted by MX alone.  
 
Figure 10.18. Dissimilar metal weld interface (colloidal silica polish, SEI) 
 
Figure 10.19. BF thin foil TEM micrograph showing 8 hour PWHT P24 weld alloy 
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Figure 10.20. Subgrain microstructure of P24 weld material 1mm from the weld interface 
(colloidal silica polish, SEI) 
 
Figure 10.21. 8 hour PWHT carbon depleted P24 weld alloy (colloidal silica SEI) 
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Figure 10.22. Sub-grain equivalent diameter size distributions in bulk and carbon depleted 
regions of 8 hour post weld heat treated P24 weld alloy. 
Table 10.1. Sub-grain measurements 
Alloy PWHT region 
Equival
ent dia. 
(μm) 
std dev. 
Diameter 
N 
P22 2 hr BWM 0.67 0.33 61 
P22/P91 2 hr IM 0.57 0.26 99 
      
P23 2 hr BWM 0.91 0.64 238 
P23 2 hr DCZ 0.90 0.56 143 
P23/P91 2 hr IM 0.70 0.44 242 
P23 8 hr BWM 0.68 0.43 167 
P23 8 hr DCZ 0.76 0.54 166 
P23 8hr recrystallised 20~60 
 
5 
P23 P23-8-3 GE 1.22 0.88 170 
      
P24 2 hr BWM 0.29 
 
38 
P24 2 hr BWM 0.31 0.12 272 
P24 2 hr DCZ 0.45 0.19 263 
P24 8 hr BWM 0.47 0.16 415 
P24 8 hr DCZ 0.62 0.27 361 
P24 P24-8-3 GE 1.24 1.01 86 
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10.5 Summary 
The electron channeling contrast imaging technique and TEM thin foil investigations have 
been exploited in the determination of the affects of PWHT on the microstructural evolution 
of P22, P23 and P24 welds. Sub grain measurements recorded from different regions of weld 
materials after 2 and 8 hours post weld heat treatment showed different response as a 
function of thermal exposure. Results gained using the ECCI technique have been shown to 
correlate well with those generated from thin foil TEM observations. The technique relies on 
the use of a high beam current, to generate sufficient emissions, to provide adequate contrast 
in images. This required the use of a large probe diameter and/or a large objective aperture 
both of which limited the available resolution. High magnification ECC images revealed the 
smallest satisfactorily resolved features were approximately 100nm and no subgrains finer 
than this were measured. However, TEM images of thin foils did not reveal subgrains of 
lesser dimensions.  
Welds could be separated into three distinct regions based on their proximity to the fusion 
line. A region of material containing a very fine subgrain microstructure was found adjacent 
to the P91 alloy; this was particularly apparent in the P22 welds. The material was 
characterised by a substantial increase in precipitation over the neighbouring carbon 
depleted material but at the same time revealed numerous weld inclusions. The subgrain 
microstructure in this region was similar to that of the CGHAZ. Bulk weld material was 
adjudged to conform to regions at 1mm or a greater distance from the weld line, this material 
was assumed not to be affected by the redistribution of carbon.  Measurements referring to 
carbon depleted material were made between at distances between 50 and 100μm from the 
fusion line. The effects of poor intermixing of the weld and parent alloy were observed, in 
other sections of this work, to affect the precipitation distributions in such regions. Efforts 
were made to avoid subgrain measurements in such material but whether this was achieved 
could not be guaranteed.  
10.6 Conclusions  
Subgrain microstructures have been shown to evolve during PWHT. The as welded 
substructure of P23 alloy appeared to be more advanced state of recovery than equivalent 
P24 material. The initial subgrain dimensions of non-acicular P23 remain relatively 
unaffected by the application of PWHT; although the effects of recovery were observed. 
The as welded microstructure of P24 alloy appeared coarse in comparison to the 
subsequently tempered microstructure. TEM images of thin foil specimens revealed high 
densities of dislocations, which in the case of P24 weld alloy, were distributed 
homogeneously within the confines of lath boundaries.  
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The application of PWHT to both alloys resulted in microstructural recovery leading to an 
overall reduction in dislocation densities. However, a large variation in microstructural 
evolution was observed from region to region. Recovery and polygonisation of P23 alloy 
which had initially transformed from austenite to granular ‘upper bainite’ resulted in a 
coarser subgrain microstructure than was seen in recovered lath material in both P23 and 
P24 alloys. The difference in subgrain size and stability between the two microstructures is 
related to the confining effect of lath boundaries. Where martensite or lower bainite is 
formed, the stability of the lath boundaries, which are pinned by a combination of precipitate 
phases, confines subgrain evolution to growth within the lath.  
Decarburisation of weld alloys adjacent to the P91 HAZ occurs during PWHT. Chromium 
carbides which decorate lath boundaries in bulk weld material were absent from 
decarburised alloy. The reduced stability of lath boundaries, as a result of the depleted 
pinning forces due to carbide dissolution, leads to grain growth which is no longer confined 
to intralath material. These lath boundary instabilities and subsequent grain growth, which is 
free to occur in all directions, results in a coarser microstructure than is observed in the bulk 
weld material.  
The retention of fine MX precipitation both on lath boundaries and within laths provides 
sufficient stability in order to suppress recrystallisation but does not prevent lath boundaries 
from becoming unpinned.  
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CHAPTER 11 
Closing Comments and Conclusions 
Transition joints, made by the shielded metal arc welding process, between 9Cr-1Mo-VNb 
thick section pipe material and three different 2.25Cr filler alloys have been investigated. 
The weld consumables closely matched commercially available P22, P23 and P24 parent 
alloys. Although accounts of microstructure evolution and the creep performance of P91/P22 
dissimilar metal welds are widely available [15, 21, 26, 29, 300] the literature available for 
P23/P91 and P24/P91 transition joints tends to focus on their mechanical and creep 
properties [19, 23, 34, 301]. Apart from the recent publication by Vodarek et al. [24], which 
shows evidence of MX retention within carbon depleted P23 parent alloy in a transition joint 
made using consumables matching P91, no other detailed analyses of P23/P91 or P24/P91 
transition joint microstructures are available. Although a survey of the literature reveals that 
Type IV cracking remains an issue in Cr-Mo and Cr-W ferritic creep resistant dissimilar 
metal welds, it has also been shown that carbon depleted material can be a weak position in 
the weld [23-24]. Creep tests have shown that time to rupture of P23/P91 joints is close to, 
but sometimes falls slightly below, the ±20% creep strength curve [24] and, although the 
failure location was varied, failures in the DCZ were apparent. 
When combined, the findings which are reported separately within each experimental 
chapter offers evidence which explains the superior creep performance of welded joints 
made using consumables which precipitate the MX phase. The detailed experimental 
observations of weld alloy unaffected by carbon redistribution and direct comparisons made 
with carbon depleted material have enabled an informed review of the likely connotations of 
alloy selection and PWHT duration on creep strengthening mechanisms. 
The primary objective of this project was to evaluate the effect that post weld heat treatment 
duration has on the microstructures of dissimilar metal transition joints. A key issue 
highlighted in the initial stages of the work was to substantiate the retention of MX 
precipitation in carbon depleted regions of P23 and P24 alloys. This was achieved and the 
effects of its presence on microstructure stability were determined during further 
experimentation. Table 11.1 lists precipitation phases which have been characterised in the 
different alloys and the locations in which they were observed. The table generalises 
distributions with respect to location and the alloy condition, and details phases which 
displayed widespread precipitation in the denoted regions. As received (AR) material 
showed little evidence of carbon redistribution. In this condition, M3C carbides and MX 
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precipitates were observed throughout all regions which had encountered temperatures 
greater than     during the weld procedure. The matrix shown in table 11.1 considers the 
P91 HAZ as two separate regions; CZ refers to P91 directly adjacent to the fusion line, 
which displays a high density of precipitation subsequent to PWHT, as distinct from the rest 
of the HAZ, which did not show evidence of carbon enrichment.  
MX precipitates were present throughout the welds in as received and PWHT samples. The 
only significant variations were their distributions in the as received HAZ, where coarse Nb 
rich MX was observed at levels, which had the potential to affect the re-precipitation of fine 
secondary MX during PWHT (fig 11.1). 
Table 11.1 Precipitate phases identified in different regions of the weld zone as a function of 
thermal history 
Region ► P91 HAZ P91 CZ P23 BWM P23 DCZ P24 BWM P24 DCZ 
Condition ► AR PWHT AR PWHT AR PWHT AR PWHT AR PWHT AR PWHT 
Duration (hr)►  2 8  2 8  2 8  2 8  2 8  2 8 
Phase ▼                   
M3C ♦   ♦   ♦   ♦   ♦   ♦   
MX ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ ♦ 
M7C3        ♦ ♦     ♦ ♦    
M23C6 ♦ ♦ ♦  ♦ ♦  ♦ ♦      ♦    
M6C   ♦      ♦   ♦   ♦   ♦ 
 
During PWHT, carbon redistribution was apparent across the transition joint interface from 
all of the 2.25Cr weld alloys to the higher Cr content P91. The process, which occurred as a 
result of uphill diffusion, resulted in the dissolution of existing chromium containing M23C6 
and M7C3 carbides. The DCZ was defined by the region in which Cr carbides were largely 
absent (fig. 11.1), while the width of this zone was greater following eight hour PWHT. 
Large precipitates in the PWHT heat affected zone consisted of M23C6 carbides; subsequent 
to eight hours PWHT molybdenum M6C was also identified, however, this phase was not 
apparent within the P91 carburised zone. M6C was also identified in weld metal and was the 
dominant large particle phase in the DCZs of 8 hour PWHT welds. 
This project has shown that MX precipitation remains stable in carbon depleted regions of 
P23 and P24 weld material during PWHT at 730°C for durations of up to and including 8 
hours. Electron channeling contrast images of 2 hour PWHT welds showed no evidence of 
recrystallisation in either P23 or P24 weld metal adjacent to the P91 alloy. However, 
experimental evidence clearly demonstrated that these areas were partially depleted of 
carbon. Suppression of recrystallisation, which is augmented by the pinning pressure exerted 
on grain boundaries by precipitation, was, in theory, greatly reduced in these regions and the 
subgrain microstructure was measurably coarser than bulk weld regions. However, it has 
been established that the pinning forces imposed by the retained MX carbide populations, 
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subsequent to 2 hours PWHT, were sufficiently large to counter the driving force for 
recrystallisation. Figure 11.1 shows schematically the microstructural features which were 
observed in PWHT P23/P91 and P24/P92 transition joints during this study. 
 
Figure 11.1. A schematic representation of precipitation and matrix microstructures of 
PWHT dissimilar metal welds made between MX precipitating 2.25Cr ferritic weld alloys 
and P91 parent material 
After to 8 hours PWHT at 730°C, isolated recrystallised ferrite grains were apparent in 
carbon depleted material in both welds. The length of recrystallised weld interface was less 
than 1% of the total weld lengths investigated. There was no significant loss of hardness in 
non-recrystallised carbon depleted regions of either P23 or P24 welds; both alloys revealed 
similar hardness at the weld interface to that of bulk weld regions. However, recrystallised 
material, where tested, was far softer than bulk weld alloy. The implications are that the 
stabilising effect of precipitation within the DCZ must be diminished during prolonged 
PWHT as it is unlikely that the driving forces had increased. Possible explanations are that 
particles were dissolved, or that particles coarsened, leading to an increased λOr; although 
evidence of coarsening was not apparent.  
Tint etching of polished weld specimens, which was initially proposed as a method to 
determine whether recrystallisation of carbon depleted material had taken place, was further 
exploited in the determination of carburised zone width. The findings, although crude, 
showed a good correlation with measurements carried out by TEM. These findings were 
further substantiated by measurements of a region of P91 HAZ in which M6C carbides failed 
to nucleate due to molybdenum depletion from the matrix (fig. 11.1). This region 
corresponded to carburised P91. The high volume fraction of Cr rich M23C6 carbides in this 
material, which also contain Mo, was sufficient to deplete the Mo concentration in the 
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matrix to levels where M6C did not form. The width of this region was relatively unchanged 
beyond 2 hours PWHT. 
Tint etching also provided the first evidence that, although recrystallisation of weld material 
was avoided, carbon transfer from the low alloy weld material had taken place. The width of 
weld material which became depleted of carbon was, in general, greater subsequent to 8 
hours PWHT than after 2 hours at the same temperature. However, further exposure to 
service temperatures for prolonged durations did not significantly increase the recrystallised 
zone width.   
The distribution of precipitation was determined by a combination of FEGSEM and TEM 
analysis of bulk, thin foil and carbon extraction replica specimens. In the case of P23/P91 
and P24/P91 welds, additions of V, Nb and N to the alloys facilitated the formation of MX 
precipitation. These fine carbides and carbonitrides were identified in regions of the weld 
and HAZ in as received specimens prior to PWHT. Subsequent to PWHT of 2 hours at 
730°C, MX precipitates were measured in the size range of 5 to 30nm, and did not coarsen 
significantly during 8 hours tempering. Decarburisation of weld material was observed in 
both P23 and P24 welds, with dissolution of the Cr carbides, which also occurred in P22. 
However, examination of P23 and P24 weld material adjacent to the fusion line showed that 
MX precipitation was retained in these regions and that its distribution was not significantly 
different to that in bulk weld material. Debye-Scherrer diffraction patterns, which were 
generated from extraction replica specimens in regions of carbon depletion, showed that not 
only had MX precipitation been retained but indications were that it was present over a 
range of compositions.  
Quantitative analysis of the subgrain microstructures in carbon depleted P23 and P24 
material was performed on P23/P91 and P24/P91 welds after PWHT. The stability of the 
microstructure, which has a significant effect on the creep strength of the alloys, was 
attributed to the retention of MX precipitation. Formation and retention of a fine subgrain 
microstructure was also shown to be achieved, although significant differences between P23 
and P24 microstructures were observed. Instabilities of bainitic lath boundaries have been 
shown in PWHT samples of decarburised P24 alloy. The dissolution of M23C6 and M7C3 
carbides, which are known to pin and stabilise these boundaries, resulted in a slightly coarser 
subgrain structure in carbon depleted material.  
The P23 and P24 weld specimens displayed very different microstructures. P23 material was 
predominantly of a granular, upper bainitic structure; whereas, P24 showed a classical lath 
type lower bainite microstructure. Welds formed using P24 alloy retained a finer subgrain 
microstructure and a homogeneous distribution of MX precipitation both within laths and on 
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lath boundaries. The distribution of MX precipitation in P23 welds, which displayed an 
upper bainitic microstructure, was concentrated on grain boundaries resulting in a larger 
interparticle spacing (λOr). Hence precipitation strengthening and sub-grain strengthening is 
expected to be greater in the P24 DCZ than the P23 DCZ. In addition, although dislocation 
densities were not measured, it is reasonable to assume, due to the differences in MX 
distributions, that recovery in the P23 DCZ would be more advanced than in similar regions 
of the P24 weld and dislocation strengthening would also be favourable in the P24 material.   
In view of the experimental findings of this project, it is possible to recommend weld 
configurations for joints between P91 and 2.25Cr type filler materials. Should the code of 
practice permit the construction using any of the three weld materials examined, it is 
suggested that, based on the microstructures of P22, P23 and P24, under the conditions 
tested, the most favourable microstructure subsequent to PWHT was provided by the 
P24/P91 joint. 
With regards to the duration of PWHT, it is expected that 2 hours at 730°C would develop a 
microstructure which will provide superior creep strength to that tempered for eight hours at 
the same temperature.  
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FURTHER WORK 
A difference in microstructures of P23 and P24 alloys supplied for this work was apparent. 
As a result it was difficult to compare, like for like, MX precipitate distributions and 
microstructural stabilities in the two materials. It is necessary to clarify whether the 
difference in precipitate distributions was inherent to the alloy or due to the initial as welded 
microstructure. Studies of MX precipitation in a single alloy which had been cooled to form 
upper and lower bainitic and possibly martensitic microstructures could indicate the 
preferred transformation product for optimised creep strength.  
The present study has concentrated on the effects of tempering time of welds at 730°C on 
transition joint microstructures. The PWHT temperature used was a compromise between 
that commonly used for 9-12Cr martensitic ferritic alloys and 2.25 bainitic steels and is 
lower than is typically used for grade 91 alloys. A study detailing the effect of temperature 
on microstructural stability of carbon depleted regions of MX forming 2.25Cr alloys P23 
and P24 would be of obvious interest to industry.  
The anomalous behavior of 2 hour P24/P91 welds requires further investigation. Of 
particular interest, besides the tempering response of P24 alloy, was the high hardness 
retained within the P91 HAZ. Neither P22/P91 nor P23/P91 welds, which had been 
subjected to 2 hour PWHT, displayed hardness within the range recorded for the P91 HAZ 
when welded using P24 consumables. It may therefore be speculated that the tempering 
response of the P91 HAZ was affected by being coupled to P24 alloy. If that were the case, 
the width of the HAZ affected indicates that a fast diffusing species would be responsible.  
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Native Oxide Growth on Argon Ion Beam 
Polished Thin Foil TEM Specimens 
 
Introduction 
The quality and detail of information contained within transmission electron micrographs is 
often dependent on methods utilised in specimen preparation. For many years the choice of 
final thinning process in the production of metallic samples has involved electro-polishing. 
There are a wide range of electrolytic formulae and variable processing parameters, 
including applied voltage, electrolyte flow rate and temperature, which are critical in the 
production of good specimens. However, the reproducibility of good specimen production 
by electro-polishing methods is difficult to achieve. The use of argon ion beam milling for 
the final thinning stage in thin foil sample preparation mitigates the formation of corrosion 
products that so often limit the quality of electro-polished foils. In addition, thinning of 
dissimilar chromium content ferritic steel weld interfaces by argon ion beam methods 
potentially alleviates the preferential polishing of one of the dissimilar alloys which can be 
encountered when preparing samples by electro-polishing. The possibility of thinning to 
electron transparency in regions spanning the interface of the two alloys and consistent 
production of oxide and corrosion free specimens makes argon ion beam thinning of 
dissimilar metal welds (DMW) interface TEM foils an attractive prospect. However, ion 
beam polishing is not without its own issues; the high energy argon ion beam has the 
potential to alter the integrity of specimen surfaces causing artefacts. Furthermore, 
modification of specimen surfaces could, in theory, alter the kinetics of the initial stages of 
oxide growth on steel substrates and possibly influence orientation relationships. This has 
been confirmed by investigations into the oxidation behaviour of metal surfaces which have 
been modified by inert ion or self-ion bombardment [1-2]. Such work has shown that 
enhanced surface reactivity, due to the creation of defects, leads to an initial, short-lived, 
increase in oxidation rate in comparison to that of unmodified surfaces.   
Iron is reported to oxidise at low temperature, forming almost exclusively Fe3O4 (magnetite), 
when exposed to oxygen [3-4]. Preferential nucleation of oxide islands on specifically 
oriented crystal faces of iron grains has been shown to occur [5]. Orientation relationships 
between the oxide crystallites in intimate contact with the iron exist [3, 6] and epitaxially 
grown 4nm thick oxide layers on fine iron particles have also been reported [3, 6].   
During studies of dissimilar metal welds made between 9wt% Cr 1wt% Mo ferritic pipe 
material and 2.25wt% Cr 1wt% Mo welding consumables, specimens have been thinned to 
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electron transparency by argon ion beam polishing methods. It was necessary to transport 
the samples between the ion polishing equipment and the TEM during which time they were 
exposed to laboratory air.  
Samples observed in the TEM show contrast as a result of mass thickness and, on particular 
zone axes, diffraction contrast. However, images recorded on specific zone axes also 
displayed arrays of moiré fringe patterns over large areas of the photographic plate. It was 
concluded that these patterns were as a result of oxide films formed either during the 
thinning process or as a result of exposure to laboratory air on transfer between the polishing 
equipment and the microscope. This work aims to characterise the oxide film, offer 
unambiguous solutions to the complex diffraction patterns observed, and help explain the 
nature of the moiré fringes seen in TEM images. 
Moiré patterns are observed in the TEM when two (or more) sets of lattice planes are 
superimposed on one another. Superimposition of parallel lattice planes of two slightly 
differing periodicities creates an interference pattern observed as periodic arrays of lines 
which are parallel to the mutually parallel interfering lattice planes. In the case of 
overlapping crystals, where a degree of rotation exists between the two contributing periodic 
features, a new set of interferences fringes are generated, but now in an orientation not 
common to either set of contributing planes [7]. 
The spacing of moiré fringes which are formed by parallel miss-fitting planes can be 
calculated: 
1
2
2
12 1
1
d
d
d
gg
dm



  
(Equation 1)  
where    is the spacing of moiré fringes created by the interference between parallel lattice 
planes 1d and 2d  which correspond to the larger and smaller diffraction vectors 1g  and 2g
respectively, which are also parallel [8].
 Moiré fringes created by miss-fitting lattice planes which are not parallel to each other have 
a spacing  rmd  which can be calculated: 
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(Equation 2)  
where   is the angle of rotation between the interfering lattice planes. It is common for the 
resultant moiré fringes not to be parallel to either set of contributing lattice planes [7]. 
 
Results 
A continuous rim of oxide approximately 5nm wide was observed around the perforation 
edge of both P22 and P91 thin foil steel TEM specimens subsequent to final thinning by ion 
beam polishing (fig. 1). The width of the oxide material on perforation edges was 
independent of the ion beam thinning conditions within the range of 3-5kV acceleration 
voltage and 3-5º incident beam angle. The oxide rim displayed signs of periodicity in high 
resolution TEM images but informative diffraction analysis, exclusively from the oxide rim, 
could not be performed by either CBED or SAD techniques.  
 
Figure 1. HRTEM image of a 5nm thick oxide layer on the perforation edge of an argon ion 
beam thinned 2.25Cr-1Mo steel foil [PIPS settings: Acceleration voltage 3kV, angle of 
incident beam 3°] 
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Ferrite/Oxide Orientation Relationship 
Selected area diffraction patterns and corresponding TEM images recorded from thin foil 
specimens of 2 hour post weld heat treated P91 heat affected zone material are shown in 
figures 2 and 3.  
 
 
Figure 2. a,         zone axis pattern recorded from an argon ion beam prepared TEM foil 
(P91 HAZ), b, corresponding dark field image formed using the 200α diffraction spot, c, 
colour coded scattering centers each producing a          zone axis pattern as shown in d 
The diffraction conditions were set to record zone axes patterns corresponding to         
(fig. 2) and         (fig. 3), where the suffix α refers to the ferritic steel foil. Analysis of 
SAD patterns revealed secondary diffraction patterns superimposed on the ferrite zone axes 
patterns. These secondary patterns were identified to be consistent with that of either 
magnetite (Fe3O4) or a (FeM)3O4 spinel (M refers to metallic elements forming spinel 
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oxides) which crystallise adopting a cubic structure with lattice parameters of approximately 
8.4Å. A variation of lattice parameter between magnetite and iron based spinels with 
differing metallic element compositions has been reported. The lattice parameter of 
magnetite has been measured as a=8.396Å [9], whereas, MnFe2O4  and FeCr2O4 spinels have 
lattice parameters of a=8.498Å [10] and a=8.377Å [11] respectively. Crystallographic data 
including lattice constants of spinel oxides of differing compositions are available via the 
Chemical Database Service [12].  
Solutions to the selected area diffraction patterns (figs. 2 and 3) show a Nishiyama-
Wassermann orientation relationship exists between the oxide and the steel substrate, which 
conforms to: 
                  and                   
SAD patterns from         zone axes (fig.2 a) displayed small arcs of diffraction intensity 
corresponding to the         and         (suffix ox refers to oxide) planes. Each arc had a 
centre of curvature located at its corresponding scattering centre.  
According to the Nishiyama-Wasserman orientation relationship the zone axes         and 
        are parallel, as such, electrons which were scattered by the steel substrate can be 
further scattered by the          oriented oxide crystal. The result of these multiple 
scattering events from the two phases were observed, each strong spot created by diffraction 
of electrons by the steel substrate formed a          zone axis pattern. 
Each scattering centre corresponding to a diffraction spot in the        ferrite pattern is 
shown with an assigned colour code in figure 2c. The corresponding colour coded           
oxide zone axes patterns are observed in Error! Reference source not found.a with the 
indexed         zone axis pattern given in figure 2d. The small arcs corresponding to 
reflections in the          diffraction pattern which exist over a small angular range, indicate 
that the oxide layer is polycrystalline with a small variation in orientation. This is further 
supported by information in the corresponding dark field image (fig. 2b), where, moiré 
fringes were observed to have lengths in the range of 5-15nm. The distribution of these short 
fringes would indicate the oxide takes the form of islands 5-15nm wide and 15-30nm length, 
with the direction of elongation being close to the        direction.  
Moiré Interference Patterns 
Figure 2b shows a dark field micrograph recorded from the region of material corresponding 
to the SAD pattern in the same figure. An average moiré fringe spacing of 3.2nm was 
measured from the image; the short fringes observed are not perpendicular to g   α or 
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g      vectors indicating that the miss-fitting lattice planes of the substrate and oxide are 
non parallel. This is further supported by information garnered from SAD patterns where the 
diffraction vectors g   α and g       were not exactly parallel.   
Calculated moiré fringe spacings for parallel miss-fitting         and         planes 
(equation 1) using lattice parameter values available from the ICSD [12] are given in table 1. 
Values for   are also included in the table which, when applied in equation 2, result in moiré 
spacings (
rmd ) similar to those measured in the images. 
Table 1. Calculated moiré fringe spacing for magnetite and spinel oxides on steel substrates 
oxide/spinel lattice parameter (Å) d{440}ox (Å) d{200}α (Å) β (°) dm (nm) drm (nm) 
Fe3O4 8.396 1.484 1.434  
4.195 
 
FeCr2O4 8.377 1.481 1.434  
4.482 
 
MnFe2O4 8.498 1.502 1.434  
3.132 
 
Fe3O4 8.396 1.484 1.434 0.029 - 3.222 
FeCr2O4 8.377 1.481 1.434 0.032 - 3.194 
MnFe2O4 8.498 1.502 1.434 0.000 - 3.132 
 
A moiré spacing of dm=4.195nm was calculated as a result of interference between almost 
parallel but miss-fitting        and            lattice planes; based on lattice parameters 
for bccα and magnetite of 2.867Å and 8.396Å respectively. However, the fringes in the 
images were not perpendicular to g   α therefore the interfering        and         
planes must be non-parallel. Bearing this in mind, comparison of measured and calculated 
moiré spacings shows MnFe2O4 is unlikely to be responsible for the patterns observed in 
images as there must be a rotation angle β between the contributing planes considering the 
non-parallel relationship of the        plane and the fringes. The introduction of a rotation 
term reduces rmd  which, in the case of MnFe2O4 on steel is already smaller than the spacing 
measured in TEM images. Rotation angles (β) of 0.029° and 0.032° between the substrates 
and magnetite and FeCr2O4 respectively provide a good fit with observed spacings. 
However, miss-orientations observed in        SAD patterns between g     and g      
are visibly greater than the calculated values of β and further work is required to fully 
understand the nature of the moiré fringes observed. Possible explanations for the spacing of 
moiré fringes seen could be as a result of the lattice parameters of the substrate or oxide 
differing from those quoted. Another factor that has not been considered are the effects of 
lattice strain of either the oxide or substrate as a means of accommodating the differing 
atomic spacings of the        and         planes. 
~ 243 ~ 
 
 
Figure 3. a, SAD pattern revealing the Nishiyama-Wassermann orientation relationship 
between magnetite (no subscript) and a P91 HAZ (α subscript) substrate parallel zone axes  
                 ,               , b, TEM DF image of the area contributing to the 
diffraction pattern 
During this work moiré fringes were more prevalent when viewing crystals on certain 
orientations; notably, the        zone axes which corresponds to the         zone axes (fig. 
2a). High contrast moiré fringes were also observed when viewing steel samples on their 
       zone axes (fig.3). It was determined by use of stereographic projections that when a 
Nishiyama-Wasserman orientation relationship exists between body centred and face centred 
cubic crystals the directions         and          are approximately 1° apart. Therefore, 
when viewing ferritic grains on a        zone axis, the oxide will be within 1° of a         
zone axis. The significance of these findings is that strong diffraction contrast will be 
observed from both the steel substrate and the oxide as these zone axes contain       , 
        and         which are the planes of greatest scattering amplitude for the two 
materials in question. Figure 3 shows the diffraction pattern for the         and 
corresponding          zone axes. The image shows high contrast moiré fringes formed as a 
result of interference between the near parallel        and         planes.  
Conclusions 
Selected area diffraction patterns confirmed a Nishiyama-Wasserman orientation 
relationship exists between the oxide and the steel substrate. Moiré fringes were observed in 
images as a result of interference between almost parallel, but miss-fitting        and 
        planes. 
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Higher Order Laue Zone Electron 
Diffraction 
Introduction 
The sensitivity of the lattice parameters of MX precipitates to their chemical composition 
has been discussed (§8.8.4 p.179). Due to an absence of data corresponding to the lattice 
parameters of MX precipitates of multi-element compositions, efforts were made to 
accurately determine their lattice constants. 
It was apparent that MX precipitates, in general, made up only a small volume fraction of 
the precipitation present in tempered Cr-Mo alloys. XRD analysis of extracted precipitates, 
which had been isolated by the removal of the matrix by chemical dissolution (as described 
in the experimental chapter) did not yield evidence of MX precipitation. Whether this was 
the result of their loss from the specimen in the centrifuging, decanting and rinsing process 
or if they were present but beyond the detection limits of the equipment was not clear. Had 
they been present, there was still an issue with defining the composition of the precipitates 
which contributed to the specific diffraction intensities. 
By using the TEM, it was possible to collect compositional information from a specific 
particle prior to collecting a diffraction pattern. However, the proximity of other crystal 
phases most often requires that convergent beam electron diffraction is used to isolate the 
particle of interest. The determination of lattice parameters from electron diffraction patterns 
is limited by the accuracy of measurements on the photographic plate and calibration of the 
camera constant. An added complication, where CBED patterns are used, is the particularly 
difficulty associated with accurate measurement of the spacing of reflections in the form of 
diffraction discs. A small condenser aperture can be inserted to minimise the convergence 
angle, which results in small discs more akin to spots in a SAD pattern. However, the 
accuracy of lattice determination from SAD patterns themselves is unlikely to be better than 
±1 or 2% [1]. 
Another technique which has been used to more accurately determine the lattice constants of 
crystals in the TEM is by the analysis of high order Laue zone (HOLZ) patterns [1-3]. This 
technique exploits the sensitivity of HOLZ intensity deficient lines in the 000 disc to lattice 
spacings in the higher order zones of a diffracting crystal. These dark lines, which appear in 
the central diffraction disc, can also be used to determine the acceleration voltage of 
microscopes, when a material of known lattice constant is used. Another positive aspect of 
HOLZ diffraction is that the camera length plays no role in the measurements made; hence it 
need not be known to any degree of accuracy. 
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Origin of HOLZ Patterns 
Conventional electron diffraction techniques make use of the geometry of zero order Laue 
zone (ZOLZ) reciprocal space patterns to identify crystal structures by their d-spacings and 
inter-plane angles. These patterns, which can be formed in either selected area or convergent 
beam modes, consist of periodic intensity maxima at diffraction angles where conditions are 
satisfied for constructive interference. A schematic representation (fig.1) shows an 
imaginary Ewald sphere of radius (R), which is equal to 1/λ, bisecting relrods in the in the 
ZOLZ. It is also apparent from the reconstruction that, at greater angles from the beam 
direction, the Ewald sphere intersects relrods in higher order Laue zones. The HOLZ layers 
are sometimes referred to as first and second order Laue zones, FOLZ and SOLZ 
respectively. Classification of FOLZ and SOLZ layers are dependent on the value of N in 
the zone equation: 
            
(Equation 51) 
 
Figure 1. Schematic representation of the Ewald sphere construction for electron 
diffraction. R is the radius of the sphere, λ is the wavelength of the incident electrons, d is 
the inter-planer distance and H is the distance by which reciprocal lattice layers are 
separated. 
The structure factor, which determines planes from which diffraction may occur for a given 
crystal system, remains applicable for HOLZ diffraction. Thus, on specific zone axis, it may 
be the case that no planes within a reciprocal layer give rise to diffraction intensities. The 
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first reciprocal lattice layer which produces allowed reflections, whether 1H or 2H from the 
ZOLZ layer, is termed the FOLZ. 
Permissible reflections for cubic structures which are dictated, under kinematic scattering 
conditions, by the structure factor are given by: 
 simple cubic – all reflections allowed 
 body centred cubic – allowed if              
 face centred cubic – allowed if       are all even or odd (i.e. unmixed) 
The procedure used to index ZOLZ reflections is described in the experimental section 
(§5.12.4. p.79). Determination of the first order zone which gives rise to a diffraction ring 
where the Ewald sphere intercepts a reciprocal lattice layer is dependent on both the crystal 
structure and the zone axis. Two examples of FOLZ determination for an FCC crystal on 
zone axis [411] and [120] follow. 
FCC ZA = [411] 
The ZOLZ will contain first order reflections     ,      ,       and their coplanar 
reflections which are rotated by 180°. In all cases the reflections conform to the restrictions 
imposed by the structure factor, and the zone equation  
(Equation 51) is satisfied for N=0. 
Calculating for the FOLZ can be approached in a systematic manner, recalling the 
restrictions for the FCC structure, it is obvious that no permitted reflections will result in N = 
±1 when applied to the zone equation. However,                      and their 
inversely related reflections all result in N = ±2 using the zone equation and the UVW zone 
axis of [411]. Hence the FOLZ consists of reflections from the layer 2H distance from the 
ZOLZ. Further analysis reveals the sequence of layers satisfying structure factor conditions 
for a FCC crystal aligned on the [411] zone axis is N= 0, 2, 4, 6,.... where 2 is the N value 
for FOLZ, 4 is the N value for the SOLZ, and so on. 
FCC ZA = [120] 
Applying the same methodology to solving for the ZOLZ and FOLZ, as above, it is found 
that the ZOLZ will consist of first order reflections                      . Here, the first 
order reflections in the FOLZ consist of                       and the value N = ±1; the 
sequence of reciprocal layers contributing to the diffraction pattern becomes N= 0, 1, 2, 3,.... 
A simple relationship for FCC crystals is that N=2 when U+V+W is even and N=1 when 
U+V+W is odd [4].  
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Although the FOLZ reflections listed above are first order in type, they rarely appear in 
CBED patterns as they are not at a sufficient scattering angle from the beam to be 
intercepted by the Ewald sphere. In reality, the FOLZ reflections observed will be of a high 
order (fig. 2). 
The reciprocal layers are obviously present in diffraction whether using SAD or CBED 
techniques. When parallel illumination is used, unless the crystal is thin in the direction of 
the beam, the Ewald sphere will often not intercept relrods in the upper Laue zones and 
distinct HOLZ rings are absent from the diffraction pattern. Where they are present, in SAD 
patterns, they appear as discrete spots spaced on a grid in an identical array to that of the 
ZOLZ but shifted by a translation vector. However, when the beam is converged, diffraction 
discs are generated; the diameter of which is dictated by the convergence semi-angle α. By 
increasing the convergence semi-angle, which is achieved by inserting the required C2 
aperture, larger diffraction discs may be formed. Where HOLZ diffraction occurs, discs, 
which intercept the Ewald sphere, give rise to high intensity lines lying tangential to the 
sphere/FOLZ intercept. Where these high intensity lines are observed, dark, mutually 
parallel lines, given the required conditions, may be seen in the 000 disc.  
 
Figure 2. Schematic reconstruction of a CBED [411] zone axis pattern for a FCC crystal 
(space group Fm3m) showing FOLZ layer reflections  
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The radius of the circle        , which is projected onto the ZOLZ pattern, at which the 
Ewald sphere intercepts the FOLZ is calculated: 
         
  
 
 
(Equation 52) 
Where H, the spacing of reciprocal layers in the UVW direction, is given by: 
  
 
           
 
 
 
(Equation 53) 
where a is the lattice parameter  and UVW is the beam direction. 
An example calculation for the FOLZ ring radius, of an FCC crystal, with a lattice constant 
of 4.4686Å, aligned on the [411] zone axis, recorded at a camera length (L) of 0.8m, using a 
beam of incident electrons of wavelength λ=2.5x10-12 m, follows: 
            
        
 
         
 
 
                       
 
 
 
 
 
            
(Equation 54) 
The radius of the SOLZ is calculated similarly: 
          
  
 
 
(Equation 55) 
Analysis of figure 2 shows that the FOLZ net does not project exactly onto the ZOLZ net. 
According to Fournier et al.[5], the translation vector, which determines the position of a 
FOLZ reflection,  projected onto the ZOLZ net, relative to the 000 location and rotated by 
some angle from a reference plane, is calculated as follows. 
                                  
where,  
  
 
          
 
(Equation 56) 
For the example FCC crystal on a [411] zone, the displacement vector can be found; the 
translation vector from the       to the       reflection in the FOLZ is calculated: 
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hence, 
          
 
 
        
 
By taking the        direction as a reference                 , the resultant displacement 
vector is rotated by the angle φ from the reference line. 
       
 
 
 
 
 
 
 
 
  
        
  
 
  
 
  
 
  
 
  
  
  
 
   
 
 
 
          
the magnitude of the vector is calculated: 
                
  
 
  
   
    
    
 
 
 
 
             
 
          
   
  
 
  
 
  
 
  
 
  
  
  
 
 
 
         
(Equation 57) 
The prediction of HOLZ net shifts with respect to the ZOLZ patterns for non-cubic crystal 
structures has been addressed by Jackson [6].  
The bright lines which make up the HOLZ rings are analogous to Kikuchi lines. They differ, 
however, as they do not require initial diffuse scattering of electrons. The range of incident 
angles which produce diffuse scattering, necessary in the formation of Kikuchi lines, is 
similarly provided under CBED conditions due to the angular range within the highly 
convergent incident beam. Another difference between HOLZ line pairs and Kikuchi lines is 
that their separation, which likewise is    , is far greater in the case of HOLZ lines. The 
electrons which are diffracted to large angles, which make up the high intensities in the 
HOLZ ring, are diffracted directly from the incident beam. Hence a line within the 000 disc, 
which corresponds to the incident angle satisfying Bragg conditions for the higher order 
lattice plane, is electron deficient [4]. The diffraction contrast which appears as dark lines 
within the ZOLZ 000 disc and parallel intense line pairs in the HOLZ ring can be used to 
determine acceleration voltage, crystal structures and lattice constants.  
Reconstruction of HOLZ Electron Deficient Lines in the 000 Disc 
Figure 2 shows a schematic reconstruction of a CBED pattern including the positioning of 
diffraction discs in the FOLZ. The discs are not apparent in the HOLZ rings but high 
intensity lines caused by Bragg scattering are present in locations where the discs intercept 
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the Ewald sphere (fig. 3a). The position of each line within the disc of the corresponding 
reflection relates directly to its position in the 000 disc (fig. 3b).   
  
Figure 3. a, CBED ZOLZ pattern displaying FOLZ and SOLZ HOLZ rings, b, Geometric 
representation of HOLZ ring and ZOLZ deficient line spacing [4] 
 
Figure 4. Indexed FOLZ SAD grid showing the calculated position of the (11 3 1) reflection 
and indexing of HOLZ reflections in close proximity to the FOLZ ring 
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The positions of HOLZ reflections can be determined. Calculations show that the Si 200 
reflection, although forbidden for Si, in the FOLZ would be located at a scattering angle of 
9.079 mrad (beam energy 200kV) from the centre of the ZOLZ net. This equates to 9.08mm 
from the 000 given parameters of λ=2.5pm and L=1m. The location of the 002 reflection 
would be at an angle of 44.226° clockwise from the [220] direction. The radius of the FOLZ 
ring under the same conditions is calculated at 54.65mm (54.465 mrad). Using this 
information, it is possible to align the HOLZ nets with respect to the ZOLZ net and find the 
location of the FOLZ net/Ewald sphere intercept. Given that the convergence semi-angle is 
known, it is further possible to calculate which HOLZ reflections will contribute deficient 
lines to the 000 disc which can subsequently be identified in SAD patterns (fig. 4). 
An alternate method is to plot the position of HOLZ reflections which scatter at angles 
within ± 0.5α. By this method, calculations reveal the FOLZ reflection (11 3 1), where N=2, 
is scattered through an angle of 52.62 mrad hence, given λ =2.5pm and L=1m, would be 
located at a radial distance 52.66mm from the 000. The point would be located on this arc in 
a clockwise rotation 30.086° from the [220] direction (fig. 4). Thus, the precise location of 
the (11 3 1) reflection has been determined and the radius of the FOLZ is also known. 
Hence, it becomes possible to calculate, with great accuracy, the point within the disc at 
which the Ewald sphere will intercept. At this location Bragg diffraction will create a line of 
intensity which is scattered from the (13 3 1) plane. The position of this line relates directly 
to the deficient line in the 000 disc. The pattern in the 000 disc corresponds to a 
reconstruction of each disc which is intercepted by the Ewald sphere hence an array of 
electron deficient lines are observed (fig. 5). 
The electron deficient line is created at an angle     from the FOLZ ring and is oriented 
parallel to the (11 3 1) plane. The position of the deficient line is calculated by finding the 
difference between the magnitude of the FOLZ ring radius and the interplanar d-spacing for 
the associated reflection, as shown in figure 3b. 
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Figure 5. HOLZ deficient lines in the 000 reflection for Si on the       zone axis (201.4kV) 
Table 2. d-spacing and inter-planar angles for HOLZ deficient lines in the 000 disc of a 
      Si CBED pattern 
h1 k1 l1  h2 k2 l2  d1 (Å) d2 (Å)  Angle (°) 
-6 -8 0  8 6 0  1.06 1.06  163.7398 
5 9 1  -9 -5 1  1.024741 1.024741  146.2816 
11 3 -1  -3 -11 -1  0.926126 0.926126  119.7478 
-12 -2 2  2 12 2  0.859774 0.859774  106.8264 
-10 0 2  0 10 2  1.039416 1.039416  87.79577 
14 0 -2  0 -14 -2  0.749533 0.749533  88.85401 
7 11 1  -11 -7 1  0.810602 0.810602  153.4746 
-9 -5 -1  5 9 1  1.024741 1.024741  148.2625 
12 -2 -2  2 -12 -2  0.859774 0.859774  69.99481 
-11 5 3  -5 11 3  0.851412 0.851412  39.84845 
4 -10 -2  10 -4 -2  0.967643 0.967643  45.573 
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Similar calculations can be made to reconstruct the HOLZ deficient line pattern in the 000 
disc. However, the process is laborious and the accuracy of results relies heavily on the 
precision with which the reconstructed figure can be depicted. The process as a whole lends 
itself to computerisation and a number of software packages are available [7-9]. 
Using Jim Li’s JECP/H LZ package [7] it is possible to simply match existing patterns, 
with prior knowledge of crystal type and orientation, to simulated HOLZ patterns. By using 
crystals of a known lattice parameter, in this case Si, acceleration voltages of microscopes 
were determined; this was achieved for both the “200” and “300kV” machines used in this 
study. Accurate knowledge of the acceleration voltage permits further examination of 
crystals and, in theory, precise determination of lattice parameters. 
The sensitivity of the technique, to lattice constants and acceleration voltage, is due to the 
relationships between radiation wavelength, the Ewald sphere radius and reciprocal space. 
Camera length is insignificant as it simply magnifies the image and does not alter the ratios 
of HOLZ line lengths between their intercepts.  
Results 
Single crystal 001 Si wafer was mechanically thinned which was followed by argon ion 
beam polishing to electron transparency. SAD patterns were recorded enabling zone 
identification prior to recording CBED patterns at camera lengths between 1.2 and 3m. The 
camera length was selected on a basis which resulted in the central 000 disc filling the width 
of the photographic plate; this was also dependant on the selected angle of convergence. 
A lattice constant of 5.43053Å (ICSD CC 51688) [10] was used to calibrate the acceleration 
voltage of the microscopes. This value itself was determined by the high-resolution neutron 
powder diffractometer at the Berlin neutron scattering centre [11]. 
The acceleration voltages determined by matching recorded HOLZ patterns and simulated 
patterns are presented in tabulated form. The range over which the simulated patterns 
satisfactorily represented the recorded diffraction patterns on different zone axes are given as 
upper and lower values in kV.  
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Figure 6. HOLZ pattern Si [4 3] acceleration voltage 201.5kV and line identification on the 
same pattern using TEM Strain software 
Table 3. Calibration results for the acceleration voltages of the 2000FX and JEOL3010 
microscopes 
Microscope ZA a Upper (kV) Lower (kV) 
2000FX 4-53 5.43053Å 201.6 201.4 
2000FX 1-1-6 5.43053Å 201.5 201.3 
     
JEOL3010 -315 5.43053Å 304 302 
JEOL3010 350 5.43053Å 303.2 303 
JEOL3010 152 5.43053Å 303.3 303.1 
JEOL3010 113 5.43053Å 303.2 303.3 
 
 
Figure 7. a, [113] zone axis HOLZ pattern recorded on the JEOL 3010 microscope, b, 
simulated pattern at 303.3kV using TEM strain software[9] 
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It was not possible to determine the acceleration voltage accurately from the pattern 
recorded on the       zone axis. This was due to the presence of only 8 deficient lines, none 
of which were low angle pairs; as such large movements of line intercepts as a result of 
changes in voltage were not easily observed. 
Simulated patterns are calculated according to kinematic scattering conditions. Similarly to 
Kikuchi lines, HOLZ lines are formed by arcs rather than straight lines. Arc plotting 
facilities are available in Jim Li’s program, however, at small scattering angles the lines are 
approximately straight and voltages were determined accordingly.  
Accurate calibration of acceleration voltages for both microscopes enabled lattice parameter 
determination from HOLZ patterns recorded from extracted precipitates. 
 
Figure 8. a, Coarse Nb MX precipitate, b, HOLZ diffraction pattern on the        zone, 
recorded using a convergence angle of α=7.3mrad and a beam energy of 201.45kV ±150V  
The metallic component of the precipitate shown in figure 8a was composed of 8.0%V, 
1.1%Ti, 2.1%Fe, 1.9%Cr, 86.9%Nb (at%). Nitrogen was not detected, hence, the particle 
was assumed to be a carbide. 
The lattice parameters of MX precipitation were determined by the analysis of HOLZ 
diffraction patterns on the 200kV machine (fig. 8b). A lattice constant between a=4.43 to 
4.44Å was calculated using TEM strain and JCEP software, both which returned identical 
results. The image simulation correspondence was satisfied within the calculated 
acceleration voltage range to the values given. 
In situ-voltage calibration experiments were also performed by recording HOLZ patterns 
from MgO crystals which had been deposited onto extraction replica samples lifted from 
P91 alloy. A number of patterns were generated from crystals within the thickness range of 
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185 to 365nm. The thickness of the crystals was determined from Kossel-Möllenstedt 
fringes in CBED discs using the methods described by Kelly et al. [12] and latterly Allen 
[13]. Patterns were generated on [012] zone axis; this results in crystal faces at angles of 63° 
and 27° to the beam direction (MgO grows in a cubic morphology with faces perpendicular 
to the       directions). Deficient line widths of between 0.12 and 0.2 mrad were measured 
in patterns from the 365nm crystal, whilst line widths from the 185nm crystal ranged 
between 0.1 and 0.2 mrad. Voltage calibrations carried out using MgO crystals, with a lattice 
constant of 4.21041Å (ICSD CC 173128), were in excellent agreement with that determined 
from single crystal Si specimens. 
Discussion 
The widths of HOLZ lines in the central disc of CBED patterns recorded from NbC MX 
precipitates were typically in the order of 0.2 to 0.7 mrad; this compares with typical values 
of 0.08 to 0.12 mrads observed in experiments performed with silicon and 0.1 to 0.2 mrads 
in MgO patterns. The nature of these lines resulted in greater uncertainties when measuring 
lattice parameters. It has been reported that line widths in HOLZ patterns are affected by the 
specimen thickness [3], although, little difference was measured in MgO lines over a range 
of thicknesses between 185 and 365nm. Jones et al. [3] have shown, by using  wedge shaped 
silicon samples, that HOLZ lines appeared in the 000 diffraction disc of CBED patterns 
within the thickness range of 75 and 350 nm (100kV). Lines generated from the thicker 
regions were diffuse and problems were encountered during measurements. Diffraction from 
regions >400nm generated secondary displaced lines; similar lines, to those observed in their 
work, were present in many of the patterns produced from NbC MX crystals. It was 
probably the case that the dimensions of crystals analysed in this work were not suitable. It 
was also reported that fine lines will only be apparent if a fine probe is used to irradiate a 
perfect crystal structure which is free from strain. Probe diameters between 2 and 40 nm 
were used to generate diffraction patterns from MX carbides, there was little evidence that 
this affected the quality of the patterns and no difference in line widths could be detected. 
It has been proposed that the sharpness of deficient lines can be enhanced by cooling the 
specimen [3]; however, this may be of limited use when dealing with particles suspended on 
a carbon support film and was not trialled in this work.  
In addition to thickness effects, Goodman also suggests foil surface inclination to the beam 
can produce significant distortions in patterns created from MgO crystals. His work 
described patterns which were generated on the [111] zone axis, this would result in surface 
normals oriented 54° from the zone axis, however, distortions were not apparent in the 
patterns produced in the present study. 
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The lattice constant of MX carbides, with a metallic component composition dominated by 
Nb but containing other elements which made up approximately 13at% of the metallic part, 
were measured between 4.43 and 4.44Å; this compares with published values for NbC 
which range between 4.430Å (ICSD CC 618463) and 4.473Å (ICSD CC 601142). Hence, 
with the accuracy of measurement achieved it was not possible to determine the effect of the 
minor compositional variance from NbC. Unfortunately no VC carbides were measured as 
this would most probably have revealed the quite considerable effect that composition has 
on the lattice constants for this phase. 
Conclusions 
The process of determining the positions of HOLZ lines in the 000 ZOLZ reflection has 
been described. HOLZ diffraction from single crystal Si specimens has been used to 
calibrate the acceleration voltages of the JEOL3010 and JEOL 2000FX microscopes to 
303.15 kV ±150V and 201.45kV ±150V respectively.  
The initial objective of these experiments was to accurately determine the variation in lattice 
constant of MX precipitates as a function of composition. A lattice constant between 4.43 
and 4.44Å has been measured for a carbide of known composition. This equates to an 
accuracy within 0.25% which is superior to that expected using the conventional SAD 
technique. 
Difficulties in producing patterns consisting of well defined sharp lines in diffraction 
experiments carried out on MX carbides limits the suitability of HOLZ diffraction as a 
technique for determination of their lattice parameters. The sensitivity of the technique to 
crystal thickness meant that only a few, if any, particles of the required dimensions were 
available in any one sample.  
No MX precipitates, of significantly different composition to the one examined, of sufficient 
thickness to generate HOLZ patterns within the acceleration voltages available were 
detected. 
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